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ABSTRACT

Two equalisation or reheating temperatures (1050°C and 1150°C) and three

equalisation or reheating times (53 min, 318 min, and 1333 min) were applied

to three V- and V-Ti- microalloyed steels, which contain a low carbon content

(0.067 ~ 0.073 wt%) and high nitrogen content (0.017 ~ 0.021 wt%), by the

simulated direct charging or conventional cold charging processes.

The experimental results show that in directly charged V-microalloyed steels,

MnS provides the main pinning effect but does not have a sufficient ability to

prevent the austenite grains from growing during the equalisation. Because

of the slow precipitation, AIN only precipitates at the longest equalisation time

and is the main compound which has an obvious pinning effect on the
austenite grain growth in V-microalloyed steels. Austenite grain growth
appears more likely to be abnormal as a result of the direct charging than of

the cold charging due to the precipitation of fine AIN particles during the

phase transformations. The experimental results also show that the longer
equalisation or reheating time in the furnace does not result in a significant

change in the microstructures and in the austenite grain size, because of the

precipitation of AIN during equalisation or reheating.

However, in V-Ti-microalloyed steels, the existence of titanium can promote
the precipitation of complex (Ti,V,, )N particles during equalisation or

reheating. In the cold charged V-Ti-N microalloyed steel, the fine austenite

grains produced (<10um) can be observed after the reheating and water-



quenching due to the significant pinning effect of (Ti,V;,)N. When the
reheating time of V-Ti-N microalloyed steels at 1150°C is longer than 318
min, the coarsening of (Ti,V,.;)N precipitates occurs and leads to abnormal

austenite grain growth. The TEM results also show that cruciform (Ti,V;..N

particles can only be found in directly charged steels but not in cold charged

steels.



Symbols

A;, B; Constants
(i=1,2,3)
Ci
Constants
(i=1,2,3,4,5,6,7,8)

CM Cx Constants related to concentrations and activities of M and

X, respectively

C Solute concentration within grain boundary

C® Equilibrium solute concentration at planar interface
e

o Solute concentration in the matrix at the interface

C,, Cu Solute concentration in precipitate and in matrix, respectively

C, - A conversion factor
CCR Conventional controlled rolling
d Ferrite grain diameter

Dy Bulk diffusivity of Al in Fe

Dy Grain boundaries diffusivity
Dy diffusion coefficient

Dy, Limiting grain diameter

Dy, Mean diameter of grains
D, diffusion constant



Volume diffusion diffusivity
Volume fraction of precipitate

Volume fraction of AIN particles
Volume fraction of MnS particles
Vickers hardness

Experimental constant

Rate constant

Constant

Solubility product for planar and nonplanar precipitate/matrix

Interface, respectively

Mobility of grain boundaries

Metals

Concentration of M

Constant

Driving pressure for general grain growth

Driving pressure for abnormal grain growth
Particle pinning pressure

Heat of dissolution

Activation energy for grain growth
Activation energy for diffusion

Radius of second phase particle



V' AIN

V' MnS

[X]

Radius of AIN particles
Radius of MnS particles

Gas constant or radius of grains
Initial mean grain radius
Radius of curvature

Radius of abnormal grain
Critical maximum grain radius
Radius of a grain

Mean radius of grains

Radius of austenite grains

Limiting grain Radius

Mean radius of an individual grain
Time

Temperature

Ductile-brittle transition temperature
Thin slab direct rolling
Non-recrystallisation temperature

Molar volume of precipitate
C, N, S, etc.

Concentration of X



Xy Fraction of recrystallised material

Z Ratio of the radii of growing grains to matrix grains
a, /3 (i=1,2,3,4) Constants

Q) Cx Activities of M, X

A pps The percentage of MnS volume in each diameter group
a, The percentage of austenite volume in each diameter group
o Grain boundary thickness
¥ Precipitate/matrix interfacial energy
% Grain boundary energy
DrGF Grain-refining strain
Dyes Strengthening strain
Ds Total rolling reduction
ol Experimental constant
OLyp Lower yield point
g, Yield stress



CHAPTER1 INTRODUCTION

In 1985, Woodhead (1985) wrote that microalioyed steels developed since

1960's offer an excellent combination of strength, ductility, toughness,
formability and weldability at relatively low cost and are a very important

member in the current world steel market, and this is still true today.

The development of microalloyed steels has been one of the most significant

achievements of the past four decades in the field of steel metallurgy. It has
been succeeded by the development of low carbon steels (< 0.1%C) with
yield strength of higher than 400 N/mm? and microalloying additions of Nb, V
or Ti (Eissa, et al, 1998). On laboratory-scale experiments, ferritic-pearlitic
HSLA steels with higher yield strength levels of about 470 N/mm? and low
carbon equivalent have been successfully produced by increasing Si and
decreasing C and Mn contents of Nb-Ti microalloyed steels(Richter, 1993).
However, there is still a need for producing low carbon steels with high
strength levels to replace high strength alloy steels containing significant
amounts of expensive elements such as nickel, chromium and molybdenum

(Eissa, et al, 1998). It seems very attractive to attain these high strength

levels by a combination of vanadium and a most abundant and cheap

alloying element, such as nitrogen.

There are two main types of production routes used for microalloyed steels,

.e. conventional controlled rolling (CCR), and, more recently, thin slab direct



rolling (TSDR). The microstructures and mechanical properties of the steels

will be determined by the different processing routes.

CCR is the process where the continuously cast steels, normally of 160-
250mm thickness, are cooled to room temperature after casting and reheated

to a soaking temperature prior to rolling to homogenise the chemical

composition and microstructure. This route requires energy to reheat the
steels from room temperature to the designed soaking temperature and

requires more than 7 passes to reduce the slabs to a thickness of 2- 7 mm.

Direct hot charge rolling, developed in late 1970s, is a process where after

casting, the thin slabs (about 50~100mm) are directly fed into an equalisation
furnace set close to rolling temperature and then rolled into sheets by several

passes. This process can be economic in production (Lubensky, et al, 1995)
(Flemming, 1993) (Leroy, 1995) and also can lead to changes in the

microstructures and mechanical properties of microalloyed steels compared
to steels produced by the THE COLD CHARGING PROCEDURE process,

because of the changes of cooling rates and phase transformation

conditions.

However, the austenite microstructure prior to the rolling procedure of the
TSDR process, known as direct charging, differs in several ways from that
prior to the rolling procedure of the CCR process, the conventional cold

charging. The prior austenite in the direct charging procedure is



characterised by a very large austenite grain size, up to several millimetres.
This size is influenced by the chemical composition of the steels, the

equalisation temperature and the equalisation time prior to rolling. The former
two factors can be controlled satisfactorily during the process. Normally, the
equalisation time can be satisfactorily controlled, too. However, in some
special circumstances such as the breaking down of the rolling mill, the steei

may have to be held in the equalisation furnace for longer times. This

situation would be expected to lead to further growth of the prior austenite

grains and hence lead to a possible change of microstructures and
mechanical properties of the steels. So it is of importance to understand what

will happen to the microstructures and how this affects the mechanical

properties.

The aim of the present work is to study the change of microstructural
parameters, the development of precipitates and their effects on particle
strengthening and prior austenite grain growth during equalisation and

reheating for three different times at three different equalisation or reheating

temperatures in both the direct charging and the cold charging for several

steel compositions.



CHAPTER 2 LITERATURE REVIEW

2.1

What is “Microalloyed Steel”?

It is very interesting to find that there are several different descriptions of
“‘Microalloyed Steel”. It is also very difficult to separate the terms
“microalloyed steels™ and “HSLA steels”. There is no general agreement on

which alloying elements qualify a steel for the term nor the levels below

which a low-alloy steel turns into a microalloyed steel (Stuart, 1983).

Woodhead (1985) mentioned that “Microalloyed steel” was probably first

introduced by Noren in 1962 as “Microalloy steel”. These type of steels were

defined as a steel, whose basic composition is simply an un-alloyed
structural steel or, in many cases a carbon-manganese steel or even a low
alloy steel, to which a small amount of usually a transition alloying element
has been added which has a very strong and sometimes remarkable effect
on one or several of the steel properties. It was thought that this type of steel

could contain aluminium, vanadium, titanium, niobium and boron.

Gladman (1997) considered “microalloyed steels” as a name that was
reserved for the steels containing small additions of an alloying element that

will produce grain refinement and/or dispersion strengthening by the

formation of relatively stable carbides or nitrides. Thus, microalloyed steels
will typically contain niobium, titanium or vanadium, either singly or in

combination, and their specific effects may be influenced by other alloying
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elements such as aluminium, boron, or indeed any of the other more

conventional alloying elements used in steel manufacture.

Summing up the development of steels in recent decades, Woodhead
(1985) pointed out that nowadays grain refined, pearlite reduced or pearlite
free, bainitic, acicular, controlled rolled, accelerated cooled, low sulphur,
shape controlled etc. were all terminologies that fall within the category of

microalloy or HSLA steels. Thus microalloyed steels and HSLA steels in the
present period are widely considered as the same category of materials since
the objectives and applications of microalloyed and HSLA steels largely

coincide, and they contain small amounts of carbide and/or nitride-forming

elements such as aluminium, niobium, titanium and vanadium, etc.

2.2 The development of microalloyed steels

The use of vanadium to increase the strength of mild steels can be dated
back to as early as 1916. Then the use of aluminium deoxidation led to the
Important discovery that precipitation of AIN in normalising high nitrogen
steels gave rise to a fine ferrite grain size and to an increase in yield strength

(Houdremont & Schrader, 1936). Niobium was employed in mild steels in

the late 1930’s (Starratt,1959), much later than vanadium because niobium

became much cheaper and readily available. Titanium did not seem to have
been used to any marked extend as an addition to mild steel at an early date.
Some data for properties of as-rolled and normalised Ti steels were given by

Wiester (1957). However, the early work had no reference to grain size

11



effects or to the influence of nitrogen until the late 1960’s, when the effect of

titanium on grain growth inhibition in low carbon steels had been reported by

George and lrani (Gladman, 1997).

Even though the microalloying additions were used in mild steels before

1940, no major studies were initiated at the laboratory level into the
strengthening mechanisms, especially the relationships of the grain size with
the yield stress built up by Hall (1951) and Petch (1953), before the early
1960’s. Woodhead at the University of Sheffield was probably the first who
made many important contributions to the fundamental understanding of the
mechanisms whereby niobium influences the properties of steel (Morrison &
Woodhead, 1963) (Morrison, 1963) (Stuart, 1983). Perhaps the contribution
which stands out more than others was that the application of Hall-Petch
analysis to structure property relationships could demonstrate unequivocally
that, in addition to refining the ferrite grain size of steel, niobium also caused

precipitation hardening (dispersion strengthening).

Because of more and more industrial interests on microalloyed steels, a new

process, which can save the energy and manpower and reduce the steel

cost, was employed in the late 1970s (Ohkuma, et al, 1981). The details

about this type of direct charging process will be mentioned later.

12



2.3 Strengthening theories of microalloyed steels

Due to wide application of microalloyed steels, a physical metallurgical

understanding was required to explain the effects of the elements on the

microstructure and mechanical properties of these new steels.

Like many other metallic materials, the most important strengthening
mechanisms of the microalloyed steels are considered as:

a. solid solution strengthening;

b. particle dispersion strengthening;
c. dislocation strengthening;

d. grain size refinement.

These strengthening mechanisms may affect the properties of microalloyed

steels singly or in combination. The weighting will be dependent on the

composition and processing details.

Hall (1951) and Petch (1953) independently developed the relationship

between the lower yield point &,,,and the ferrite grain size, d

1
O yp =0y + kd ? 2.1

where oy and k are experimental constants. o, was described by Cracknell

& Petch (1955) as a stress which opposes the motion of the dislocations,

and this can be increased by increasing solute concentration, dislocation

density or volume fraction of particles.

13



Heslop and Petch (1958) went on to establish a relationship between the

ductile-brittle transition temperature, T¢, and grain size, d, for mild steels

1
2

Over the range of grain sizes which are readily obtainable, an approximate

expression is

L
2

where Ay, By, A,, and B, are constants.

The above equations show that the grain refinement can improve not only the

yield stress but also toughness.

Subsequent wide-ranging work into the factors controlling the grain size and

properties of steels containing niobium, vanadium, titanium and aluminium

was undertaken. The research showed the influence of the complex

interactions of carbon, nitrogen, sulphur and oxygen on stability of the

various possible compounds which may precipitate out in either austenite or

ferrite (Irvine, et al. 1967).

2.4 Grain growth

There are many factors which may influence grain growth. The main factors

dre.

e Temperature: Grain growth involves the migration of high angle

grain boundaries and the kinetics will therefore be strongly influenced

14



by the temperature dependence of boundary mobility. As the driving

force for grain growth is usually very small, significant grain growth is

often found only at high temperatures.

e Solutes and particles: Although grain growth is inhibited by a

number of factors, grain boundary pinning by solutes and by second-

phase patrticles is particularly important.

The technological importance of grain growth stems from the dependence of
properties, and in particular the mechanical behaviour, on grain size. In
materials for structural applications at ambient temperatures, a small grain
size is normally required to optimise the strength and toughness. However,
in order to improve the high temperature creep resistance of a material, a
large grain size is required. A good understanding of grain growth is therefore

a prerequisite for the control of the microstructures and properties of metallic

matenials during solid state processing.

Grain growth may be divided into two types, normal grain growth and
abnormal grain growth or secondary recrystallisation. During normal grain
growth, the microstructure changes in a rather uniform way, there is a
relatively narrow range of grain sizes and shapes, and the form of the grain
size distribution in usually independent of time and hence of scale. During

abnormal grain growth, a few grains in the microstructure grow and consume

the matrix of smaller grains and a bimodal grain size distribution develops.

15



However, eventually these large grains impinge and normal grain growth may

then resume (see Fig. 2.1) (Humphreys, 1995).

2.4.1 Grain growth kinetics
Burke (1949) and Burke & Turnbull (1952) deduced the kinetics of grain

growth on the assumption that the driving pressure (P) on a boundary arises

only from the curvature of the boundary. If the principal radii of curvature of a

boundary of energy y, are Ry and R; then

1 1
P=y,| —+—
7"(& Rz) 2.4

with the following assumptions:
1) the boundary is the part of a sphere, then R; = R,.
2) v is the same for all boundaries.

3) the radius of curvature (R;) is proportional to the mean radius (R,,) of

an individual grain, and thus

p = %
R

2.9

m

where ais a small geometric constant.

4) the boundary velocity is proportional to the driving pressure P and to

dR/dt. i.e. dR/dt = ¢ P, where ¢ is a constant.

Hence,
2 2

Or equation 2.6 can be written in general form

16



b R on — klt 2.7
where R, is the mean grain radius at time ¢, Ry is the initial mean grain

radius, n is the grain growth exponent which could be over 2, and & is a rate

constant, which is temperature dependent and follows the usual Arrhenius

relationship
k, =k, exp(—Q, / RT) 2.8
where kq is a constant, Qg is the activation energy for grain growth, T is the

absolute temperature (K), and R is the gas constant.

2.4.2 The effect of second phase particles

A dispersion of particles will exert a retarding force on a low or high angle
grain boundary and this may have a profound effect on the processes of
recovery, recrystallisation and grain growth. The effect is known as Zener
drag. The Zener equation

R, =4r/3f 2.9

was first published by Smith in 1948. According to this equation, it was

proposed that the driving pressure for grain growth due to the curvature of

the grain boundary would be counteracted by a pinning (drag) pressure

exerted by the particles on the boundary. As a consequence, normal grain

growth would be completely inhibited when the grain size reached a critical

maximum grain radius (R¢) given by Equation 2.9, where r is the radius of

the pinning particles and f is the volume fraction of particles. The Zener

equation (2.9) embodies the major features of grain growth inhibition by

17



second phase particles. A finer grain size can be stabilised by an increased
volume fraction of particles for a given particle size and finer particles are

capable of stabilising a finer grain size for a given volume fraction of

particles.

Gladman (1966) adopted a more realistic approach by considering the
pinning force exerted by a single particle on a planar boundary and then

derived the driving force for grain growth. In his equation,

R——@-(l--z—) 2.10
6 f\2 Z '

an important feature is Z, which is related to the ratio of the radii of maximum

grains to average grains and lies between v2 and 2.

Hellman and Hillert (1975) considered the curvature in the grain boundary

and introduced into Zener's equation a correction factor £, which equalled to

0.1251(R/r), and for abnormal grain growth the equation was derived as

R. =4r/3fp, 2.11

where 4 was normally between 1.3 to 1.6.

In recent years, computer modelling has been developed to predict particle-

size / grain-size relationships. Hillert (1988) compared these models with

both two and three dimensional approaches discussed in the literature. He

concludes that in three dimensional systems

R.=4r/9f°%” 2.12

18



is recommended, except for large values off, where the exponent

decreases to lower values.

Rios (1987) derived an equation to predict grain growth in systems in which

particles are coarsening and dissolving, where
R.=r/6f 2.13

Another model, developed by Elst et al. (1988), can be modified to
accommodate elongated particles, a bimodal particle distribution and a

distribution of grain boundary precipitates. Here

Re = —r (i--z—) 2.14
©3fp,\2 Z |

where /% is an increasing function of R/r and R, approximated to

0.056~0.067(r/ f) (Gao & Baker, 2000).

2.4.3 Coarsening of dispersed second phase particles during grain

growth

Grain growth can stagnate due to the particle dispersion according to the

analysis above. The particle coarsening (Ostwald ripening) will reduce this

effect and promote grain growth. In this situation, the grain size (R,) is equal

to a limiting grain size R;;,,, and the rate of growth is controlled by the rate of

change of particle size. Thus

dR,  dr

== Cc— 2.15
dt dt '

19



where the constant ¢ is equal to2a, /3f for low volume fractions and to

£, 121" for large volume fractions, &, £ are constants.

The rate of particle coarsening will depend on the rate controlling

mechanisms (Hillert 1965) (Gladman 1966) (Ardell, 1972). If the particle

growth is controlled by volume diffusion (diffusivity =D;) then
R’ -R; =¢Dit 2.16

whereas for particle growth controlled by diffusion along the grain boundaries

(diffusivity =Dp), which is commonly found for large volume fractions then
R,* =R} =c,D,t 2.17

where ¢4, C> are constants.

Coarsening of the particles by grain boundary diffusion will of course only
affect those particles which are on grain boundaries, and other particles will
coarsen more slowly. However, as grain growth occurs, the boundaries will
lose some particles and acquire others, and therefore the overall particle
coarsening rate may be uniform, although the rate constant ¢y in equation

2.16 should include a correction factor to account for the fraction of the time a

particle is not attached to a boundary.

To predict the dissolution and coarsening of aluminium nitride precipitates in

low carbon steels, Cheng (2000) developed a theoretical model. He

assumed that

20



1) all precipitates are spherical;

2) the kinetics of particle dissolution and/or coarsening process Is

controlled by the diffusion of the substitutional alloy element Al;

3) the local equilibrium is considered exist at the precipitate/matrix

interface.

The rate of dissolution (or growth) of a precipitate in a finite matrix can be

approximated as

1
dr D D 2
- =—k. . Al + Al
77 2 " ( gy ) 2.18
-C
with ke, = —/—L 2.19
| 27 C,-C,

where r is the radius of a particle, D, is the bulk diffusivity of Al in Fe, Cp is

the solute concentration in the precipitate, C;is the solute concentration in

the matrix at the precipitate/matrix interface and C), is the average solute

concentration in the matrix. Under local equilibrium conditions at the

precipitate/matrix interface, the Gibbs-Thomson equation shows that the

equilibrium composition in the matrix at the curved precipitate/matrix interface

C, varies with precipitate radius ras

27V
C,=C)-ex ( P)
I e p RT" 2.20
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where yis the precipitate/matrix interfacial energy, which is assumed to be

constant, Vp is the molar volume of the precipitate, R is the gas constant, T is

the absolute temperature and C, is the equilibrium solute concentration at a

planar interface. In the case of dissolution, the presence of the curvature

tends to speed up the rate of dissolution. This is particularly important for

small particles. For AIN precipitates, the solubility product for a non-planar

precipitate/matrix interface K,;can be written as

o 4yV
K, = [ILIN], = K= -exp 222 221
RTr

where [Al];[N]; is the equilibrium content (wt%) of Al and N respectively in

the matrix at the curved precipitate/matrix interface and K” is the solubility

product for a planar interface.

It can be seen from Equation 2.18 that a precipitate is dissolving when k>0

and growing when £<0. In a multi-particle system an individual particle may

dissolve while at the same time other particles are growing. Moreover, each

individual particle may have a different growth or dissolution rate. For

precipitates along grain boundaries, the dissolution (or growth) rate of a

precipitate is approximated as

1
dr - _k, D , N oD, N oD, 5, +(Db)2

_d_t_ r 4r? 2r 2.22
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with 4 Db§d0 2.23

where D, is the grain boundary diffusivity, J is the thickness of the grain

boundary, dj is the mean grain diameter, and 4, is a constant.

2.4.4 Abnormal grain growth

In addition to the normal grain growth discussed above, there are, however,
some circumstances when the microstructure becomes unstable and a few
grains may grow excessively, consuming the smaller recrystallised grains
(Fig 2.1b). Usually, this process occurs in the steels where normal grain

growth is strongly inhibited by nitrides, carbides or sulphides. If the grain

growth inhibition fails, the grain growth may become abnormal (Flores &
Martinez, 1997). This process may lead to grain diameters of several

millimetres or greater. Because this discontinuous growth of selected grains
has similar kinetics to primary recrystallisation and has some microstructural

similarities, it is sometimes known as secondary recrystallisation. The

avoidance of abnormal grain growth at high temperatures is an important

aspect of grain size control in steels and other alloys.

The driving force for abnormal grain growth is usually the reduction in grain

boundary energy, as for normal grain growth. Abnormal grain growth

originates by the preferential growth of a few grains which have some special

growth advantage over their neighbours, and the progress of abnormal grain
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growth may be described in some cases by the JMAK equation (Dunn &

Walter, 1966).
X, =1-exp(—c,t") 2.24
where Xyis the fraction of recrystallised material, t the recrystallisation time, n

and B are constants.

An important question to consider is whether or not abnormal grain growth
can occur in an "ideal grain array", i.e. one in which there are no impurities
and the boundary energy is constant. The answer to this question can be

deduced from Hillert's (1965) theory of grain growth. From his equation

7 e > ? 2.25

crit g

we see that the rate of growth of a grain of radius R, is proportional to (/R

- 1/R,), where R, is the radius of a grain that will neither grow nor shrink,
which was shown by Hillert to equal the mean grain radius of the assembly
(R,). R, can be shown as

dRcrit . c4m7b
dt 4R 2.20

crit

Here ¢4=0.5 for a 2-D array and 1 for a 3-D array, m the mobility of grain

boundaries, and y , the grain boundary energy.
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Thompson et al. (1987) developed Equation 2.25 and pointed out that if we

consider a large grain of radius R in the structure, then its growth rate relative

to that of the normally growing grains is

R — dR dR
i == =:l— R, — ~-R, —% 2.27
dt\R, | R\ ® dt * dt
Thus the large grain will grow faster than the normally growing grains and

lead to abnormal grain growth if

— dR dR
Rg——i-Rg-—‘-g->0 2.28
dt dt

substituting for dR/dt and dﬁg/dt from Equations 2.25 and 2.26 (putting

R, =R..;;), then it is seen that although R, dR/dt = R, d R, /dt when R;=2 R,,

the condition of Equation 2.28 is never achieved. Thus a very large grain will
always grow more slowly than the average grain and will eventually rejoin the
normal size distribution. Therefore abnormal grain growth cannot occur in an
"Ideal grain assembly". It can, therefore, only occur when normal grain
growth is inhibited, unless the abnormally growing grain enjoys some
advantage other than size over its neighbours. The second-phase particles
are considered the main factor which lead to abnormal grain growth although
the rolling texture can also cause abnormal grain growth when materials are

rolled (Humphreys and Hatherly, 1995). The latter factor is not the case in

the present research and is not discussed here.
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Conditions for abnormal grain growth

If we consider an assembly of grains of mean diameter Dy, whose growth is
prevented by the particles, then this grain structure provides the driving force
for abnormal grain growth. If the boundaries are of energy ¥, then the driving

pressure for abnormal grain growth is (Humphreys, 1998)

p = 21 2.29
D M
This is opposed by the particle pinning pressure, Pz (Smith, 1948)
3
P, = J7 s 2.30
2r

where fis a volume fraction of randomly distributed spherical particles of

radius r , and therefore the condition under which a very large grain will

grow, is P,, > Pz, or

D, < n 2.31

If the grain size following primary recrystallisation is less than the particle-

limited grain size, then Dy, can be taken to be limiting grain diameter Djim.

Equation 2.31 is based on the propagation of a planar boundary (infinitely

large grain), whereas in practice the "nucleation" of abnormal grain growth

(.e. growth of a favoured large grain) may be the limiting factor. The above

analysis may be modified to take into account the finite size of the abnormally

growing grain, by adding a retarding force due to the radius of curvature of

the grain (cs5% /R;) where R,, is the radius of curvature of the abnormal
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grain, and ¢ is a constant, often taken as 2, so that the condition for its

growth becomes

Pm>Pz+C6yb

2.32
Ra
or
2r 2c
D, <—|1-—
v 7 ( . ] 2.33

where x=D,/D;and D,= 2R,

Although this analysis is not rigorous, it does indicate that whereas abnormal
grain growth may be viable in most particle-containing alloys, its nucleation

may be the critical factor in alloys containing larger particle volume fractions,

and this will be sensitive to the grain size distribution.

In research work on bulk copper, Kronberg and Wilson (1949) found that
the size of the abnormally growing grains decreased with increasing heating
rate up to the annealing temperature, and the incubation time for the initiation
of abnormal grain growth decreased with increasing annealing temperature.
Koo and Yoon (2001) pointed that the grain boundary migration rate will
Increase nonlinearly with the driving force, causing rapid growth of only large

grains and, hence, abnormal grain growth. If the faceted grain boundaries
migrate by growth on the steps produced by dislocations, the migration rate
at low driving forces would be substantially higher than that by two

dimensional nucleation, as shown by a dashed curve in Fig. 2.4. But at high
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driving forces, the growth can be still occur by two dimensional nucleation,
and, with either type of non-linear migration behaviour with driving force

shown in Fig. 2.4, abnormal grain growth can occur in a system of many

grains.

Feppon et al. (2002) compared the local parameters of a grain with the

average parameters for the assembly and established the condition of
instability (or abnormal grain growth) for a special grain. It was clarified that
low misoriented assemblies have the strongest effect on the occurrence of

abnormal grain growth because the rate of growth of the average is small

enough to allow the abnormal development of some special grains.

2.5 The effect of processing details on microstructures of
microalloyed steels

As mentioned above, there are two main types of processes used for

microalloyed steels, i.e. conventional controlled rolling (CCR), and the newly
developed thin slab direct rolling (TSDR). The difference between CCR and
TSDR is shown in Fig. 2.2 (Priestner, 1998). Now the newer process has

recently become a potentially more important process for microalloyed steels

due to its advantages both in the economics and microstructures. The

microstructures and mechanical properties of steels will be significantly

changed due to the differences of the processing routes.
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2.5.1 Conventional controlled rolling (CCR)

Conventional charge rolling is the process where the steels leaving the mould

of the caster are cooled to room temperature and reheated to a soaking
temperature and then rolled into plates, sections or sheets by several

passes. In this process, the fine austenite grains are due mainly to

recrystallisation following deformation and the fine ferrite grains from y-a
phase transformation. More energy is required to reheat the steels from room

temperature to the designed soaking temperature and requires a rolling

process of normally about 15 passes to reduce the slabs from about = 250

mm thick to 2~25 mm thick. This process route creates new austenite grains,

homogenisation, precipitates and some solid solutions. The mechanical
properties of the microalloyed steels depend on the accumulation of
dislocations, and the recovery and recrystallisation of microstructure during

the process of deformation.

In a conventional integrated plant, the production of hot rolled plate or strip
steel begins with continuously cast slabs approximately 250mm thick. The

slabs are allowed to cool to ambient temperature, and are then inspected and

their surfaces conditioned for hot rolling to strip or plate. They are reheated,

typically over a period of 6-8 hours to 1200-1250°C, during which as much as

10% is lost as scale, which must be removed before rolling. The reheating

conditions affect the austenite by recrystallising the as-cast microstructure
and creating a reproducible austenite grain size of about 200 um, achieving a

degree of homogenisation, and, in the case of microalloyed high strength
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steels, by bringing precipitated species into equilibrium with their solution in
the austenite. This usually means aiming to take the transition metal nitrides

and carbonitrides into solution (Crowther et al., 1997)(DeArdo, 1998).

The main objective of the thermomechanical processing of steels is to

develop a small ferrite grain size, which is well known to be the only

parameter which can simuitaneously improve the strength and toughness in

steels. One method that can lead to a significant refinement of the ferrite
grain size is to accumulate as much strain as possible in the austenite before
transformation occurs. The strain retained during the finishing rolling
operations causes the austenite grains to be flattened and elongated and
introduces intragranular defects, such as deformation bands and twin

boundaries. The strained austenite is thus effectively refined, in the sense

that its grain boundary area, including intragranular defects, is significantly

Increased and it transforms to a much finer ferrite grain structure (Ouchi, et

al., 1982).

Accumulation of deformation takes place when the austenite is deformed at
temperatures low enough to produce strain induced precipitation of
carbonitrides during deformation, which in turn inhibit recrystallisation. The

temperature below which this occurs is known as the no-recrystallisation
temperature (7,,). Increasing this temperature allows the finishing rolling

operations to be performed at higher temperatures which translates into

lower loads to be applied by the mills. Some data found in the literature point
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out the beneficial effect of the addition of titanium to the niobium microalloyed

steels in increasing the value of the T,,, (Abad et al, 1998).

2.5.2 Thin slab direct rolling (TSDR)

Thin slab direct rolling, developed in late 1970s, is the process where
continuously cast steels are kept above the rolling temperature and directly

rolled into sheets by several passes without cooling and reheating. This
process often uses the thin slabs (about 50~100 mm) instead of the thick

slabs (over 150 mm) in CCR. It can be economic in production (Flemming,

1993) (Leroy, 1995) (Lubensky, et al., 1995) and also, lead to changes of

microstructures and mechanical properties of microalloyed steels.

2.5.3 Laboratory simulation of TSDR

The methodology of laboratory-based metallurgical research into
conventional reheating and rolling processes is relatively straightforward and
well established. A single plate of homogeneous composition and initial

microstructure can be divided into many samples, and reproducible results

obtained for many variations of experimental parameters (Priestner, 1998).
For example, identical samples may be reheated to different temperatures
and rolled to different strains, either by real rolling or by simulation in a plane
strain or torsion testing machine, and realistic temperature histories can be
simulated. For research into hot direct rolling of as-cast austenite, a newly
melted and cast slab, however, is needed for every experiment and each

parametrical variation. Early work in this area (Wada et al., 1988) used large
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cast ingots, and demonstrated that low carbon steels could be successfully
hot direct rolled, but that microalloying resulted in a degree of grain size

heterogeneity in the final product. In the case of Ti-microalloyed steel
containing small additions of Ti (Kunishige & Nagao, 1985), it was shown
that the strength was increased by direct rolling, probably as a result of a

higher supersaturation of Ti in solution at the rolling temperature, in austenite

cooled from the solidification temperature, than in reheated austenite.

However, experiments with large castings are expensive in the use of

material, and it is difficult to quench large samples efficiently enough for

investigation of sequential microstructural changes throughout processing.

2.5.4 Comparison of CCR and TSDR

2.5.4.1 The thickness of slabs

Part of the impetus for HDR was the economic and ecological benefits
gained by retaining the heat of the casting within the slabs, but improvements

in strength were also reported, as described above for Ti-microalloyed steels

(Kunishige & Nagao, 1985).

Since 1990, a number of plants have been commissioned around the world,
but particularly in the USA, for casting thin or "thinner" slabs for hot direct
rolling. The trend has been towards slabs thicker than 50 mm (but still
considerably thinner than conventional, thick slab casting — about 250mm),
using electric arc furnace steel derived mainly from scrap. Capital costs per

tone are less than half those of a conventional BF-BOF hot strip mill
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(Edington, 1997) and productivity (with respect to manpower) can be nearly
three times as great. It seems certain, therefore, that the hot direct rolling of

thin slab cast steel will continue to expand. In order to do so, however, it
must match or exceed the quality produced by conventional plants in higher

grades, particularly in microalloyed, HSLA steels.

As is seen in Fig. 2.3 (Priestner, 1998), the characteristic difference is the
much more rapid solidification and the faster cooling rates in the thin slab.
The thin slab, in this case of 80 mm thickness, solidified completely within 2
1/, minutes and the bulk mean temperature of the slab reached about 1000°C
within a further 3 minutes. In the thick slab, the austenite grain size of low
carbon steel soon after solidification is about 3 mm, whereas in the thin slab
it is about 1 mm, and may be less if the sulphur content is appreciable. The
rapid solidification can also lead to an additional result. The secondary
dendrite arm spacing is considerably finer in the thinner slab, and,

consequently, so is the scale of segregation of solutes such as manganese,

with obvious consequences with respect to homogeneity in the final product.

2.5.4.2 Austenite grain size

In contrast to TSDR process, the austenite after the CCR process is

significantly refined by the y/a and a/y transformations on cooling and

reheating respectively, which also results in an homogenisation of the
composition. It is not directly known if the interactions between deformation,

precipitation and recrystallisation in austenite during TSDR are different from
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those in reheated austenite during CCR. However, it has been found that the
final microstructure and the mechanical properties of the microalloyed steels

processed by TSDR can differ significantly from those obtained by CCR. The
different thermal conditions can influence such microstructural changes as

dynamic and static recrystallisation, and also precipitation characteristics

during hot working.

The microstructures and mechanical properties of steels made by the TSDR
process can be influenced by the composition of steels, the austenite grain
sizes (including the austenite grain sizes after equalisation), the equalisation
temperatures and time, the rolling temperatures, the rolling schedules, the

amount of reduction, cooling rates after rolling, and the end coiling

temperature.

Priestner (1995) mentioned that the phase transformation for y-a/a-y would

lead to the fine austenite grain size. However, the final grain size of steels Is

the one of the most important factors which decides the mechanical

properties of steels. The grain refinement may become a real problem in
TSDR because the total possible reduction for the grain refinement is limited.
But, on the other hand, Gibbs (1992) simulated the hot direct rolling of Ti
microalloyed steel in his laboratory and found the finer ferrite grain size of
rolled plate compared to conventional reheating and rolling. This was thought
to be due to retained strain in the austenite prior to the transformation to

ferrite in the TSDR steel. Many very small titanium precipitates, which were

not observed in the conventionally processed steels, were found and it was
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believed that these fine, possibly strain induced, precipitates are responsible

for preventing recrystallisation at low temperatures during rolling, thus

producing a controlled rolling effect in the TSDR titanium steel.

2.5.4.3 Cooling rate

Changes in the cooling rate will lead to changes in the microstructure of

steels. Bainite instead pearlite can be produced using a faster cooling rate
from austenite; 20°C/s rather than 1 to 10°C/s. For 20 mm thickness Nb-
microalloyed steel, increasing the cooling rate from 0.9 K s™' to 8.5 K s™ will
result in the decrease of ferrite grain size from 16.6 um to 6.8 um (Singh et

al,, 1999) because accelerated cooling remarkably enhances the ferrite

nucleation rate by controlling the stored energy.

It was known that when steels experience a low cooling rate through the
y—>a, a pearlite transformation would take place. When the cooling rate is
higher than about 1°C/s, a bainite transformation may occur. The higher
cooling rates depress the bainite transformation to a lower temperature
region. Also, the amount of pearlite decreases drastically with the increased
cooling rates. With cooling rates higher than 4°C/s, the pearlite structure will
be completely eliminated (Wang et al., 1992). For an ultra low carbon
microalloyed steel (about 0.03~0.04 wt.%), the critical cooling rate to avoid

ferrite formation can reach about 2°C/s (Wang et al., 1993).
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The as-cast austenite grain size is increased when the cooling rate is

decreased (Crowther et al., 1997). For thick slab of 250 mm thickness, the

cooling rate in the centre is slower than on the surface. An experiment on the

thick as-cast slabs revealed the usual slab structure, with a narrow layer of
fine equiaxed austenite grains near the slab surface, a region of columnar

grains and a region of coarse equiaxed grains near the slab mid-thickness

position. During rolling, the average austenite grain size decreased from over

800 to about 300um as the cooling rate increased due to a reduced slab

thickness from 80 to 30 mm. Essadiqgi (Woodhead, 1985) described three

zones of solidification structure in a thick steel slab: an undercooled zone of

about 30pm along both sides; a zone of columnar structure; and an equiaxed

zone at the middle of the strip. Kaspar (1994) found that the structures

produced with a cooling rate of 0.1K/s had uniform equiaxed grains

compared to the columnar dendritic structure observed at a cooling rate of

1.2 K/s.

2.5.4.4 Deformation schedules

In hot deformation processes, the total strain, in addition to reducing the

cross sectional area, can be employed either for austenite grain refinement

through complete recrystallisation (grain-refining strain, ¢,.ge) and/or for the

strengthening of austenite in the non-recrystallisation region (strengthening

strain, ¢,.s).
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Experiments have been performed by Zentara and Kaspar (1994), on an
industrial Nb-V steel with the following chemical composition in weight
percent: 0.11%C, 1.45%Mn, 0.34%Si, 0.068%Nb, 0.087%V, and 140ppmN.

When rolling, the total amount of reduction, ¢y, was divided into two

components: firstly, the high temperature reduction (1150-1100°C) which
ensured an effective grain refinement through a static recrystallisation

mechanism, and secondly, the low temperature reduction (850°C), which
occurred in strained austenite, and produced grain refinement at the phase

transformation stage. The experiments showed that when ¢y<1, the increase

of ¢y.s had little effect on the mechanical properties, but when ¢g>1.4, the

increase of ¢,.s led to a clear decrease in the transition temperature. This
improvement is based on a finer ferrite-bainitic microstructure observed in the
direct-rolled material as a result of a higher microalloying potential in
austenite. Additional results were obtained by Leroy (1995) which showed

that the yield strength is influenced by strain in the non-recrystallisation

region and not by ¢y. Transition temperature would be improved much more

when ¢g>1.4, which is similar to the result from the Zentara and Kaspar

experiment.

Essadiqi (1995) studied a steel, of composition 0.05%C, 1.3%Mn, 0.2%S3I,

0.015%Ti, 0.05%Nb, 90 ppm N, and found that the poorer properties of the

direct rolled thin slab resuilted from insufficient austenite grain refinement
during the low reduction rolling schedule because there are no refining

effects of phase transformation and less rolling reduction. Therefore, new
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rolling strategies, new control of the solidification process, and new alloying

additions will be required.

2.5.4.5 Equalisation/reheating temperature and time

Priestner (1995), studying TSDR Nb-Ti steel, pointed out that the
carbonitride precipitated only below 1000 °C, or at 1100 °C after a long time
(8 hr). The precipitates were Nb-rich and generally arranged in a linear

group, suggesting that they had formed in interdendritic volumes or at

austenite grain boundaries. But when a sample which had cooled in the
mould to room temperature was reheated at 1250°C in the austenite phase

field and quenched, titanium rich cubes were then observed.

Crowther (1997) showed that by using the diréct charging, there was a
continual increase in both yield strength and UTS as the equalisation
temperature was increased from 1130 to 1200°C. The vyield strength
increased from 498 to 558 MPa, and UTS from 601 to 639 MPa. In parallel,

there was a decrease in the Charpy toughness as the equalisation
temperature increased. The structures for all the equalisation temperatures

used were generally a fine grained ferrite-pearlite structure, with grain sizes
in the range 4.7~5.9 pm. A torsion simulation experiment on a Ti steel by

Gibbs (1992) showed that after hot deformation, the ferrite grain size of

specimens previously heated to 1400°C was 11.3um, compared to those
previously heated to 1150°C with a grain size of 8.3um. The bigger ferrite

grain size when the steel was heated at 1400°C is due to the complete
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dissolution of second phase particles which led to a bigger austenite grain

size.

2.6 The effect of composition on microstructures of
microalloyed steels

2.6.1 Carbon

It is known that at carbon levels within the range found in mild steels,

changes in pearlite content have little, if any, effect on yield strength,
whereas increasing the amount of pearlite raises the impact transition
temperature (Woodhead, 1985). The reduction of carbon content in steels
can result in a significant increase of the bainitic transformation temperature
(Honeycombe et al., 1995) and promote the bainitic transformation at higher

cooling rates. So there will be advantages in using steels of carbon content
as low as 0.03-0.10% and therefore with reduced amounts of pearlite.
Further reduction of the carbon content down to about 0.01% gives a
pearlite-free steel. It is, however, doubtful whether there is any real gain in
the properties. In his research on high manganese low carbon steels,

Martensson (1972) found that when the carbon content is below 0.015% and

the steel is austenitised at 900°C, no martensite can be formed at realistic

cooling rates (not higher than 90°C/s) and the hardenability of steels will

markedly decrease.

Zajac (1996) stated that the strengthening effect depends also on the carbon

content of microalloyed steels. An increase in carbon increases the intensity

of precipitation of V(C,N) in ferrite at a given V and N. This effect of carbon is
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due to the high carbon content of ferrite in equilibrium with metastable

austenite.

It was found that low carbon levels below the peritectic range (0.05 wt.%)
were an attractive option because they discouraged the formation of

columnar grains, refined the as-cast grain size, and produced a greater

improved ductility than the peritectic steel (Banks, 2001).

2.6.2 Nitrogen

For a long time, nitrogen has been considered as an enemy for steelmakers

due to its detrimental effect being associated with various embrittlement

phenomena. However, in recent years, nitrogen has attracted much attention

due to certain beneficial effects resulting from its interaction with the alloying

elements present, which has led to the development of many different steels

containing an enhanced nitrogen content.

Kunishige et al. (1989) studied the microstructures and mechanical
properties of Ti steels by HDR, HCR and CCR. The results showed that the
amount of nitrogen in the steels is important. When the nitrogen content in
steels Is at 45 ppm level, the highest tensile strength was attained in the

whole titanium range investigated (from 0.005% to 0.02%). In the

conventional process, approximately 80% of the total titanium was In
precipitation after soaking at 1150°C. The insoluble titanium is considered to

have existed in the form of titanium nitride. In the HDR process, however,
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only about 20% of the total titanium was present in the form of titanium nitride
after keeping the slabs at 1150°C, but after rolling was completed the amount

of the insoluble titanium increased up to about 73% of the total titanium in the
form of titanium nitride, which was also fine and numerous. For higher
nitrogen steels, the main strengthening factor was due to TiN precipitation
which was incoherent with the ferrite matrix while a superior low temperature

toughness results from the dispersion hardening by fine TiN particles which
precipitate on a high density of dislocations introduced by rolling and produce

the smaller grain size. In lower nitrogen steels, the main strengthening

particle is TiC which initially is coherent with the ferrite matrix and may

caused an embrittlement.

In his studies on low C-V and low C-V-Nb steels, Banks (2001) pointed out

that although higher nitrogen contents increased the precipitate mole fraction,

the vanadium and nitrogen levels did not influence patrticle size in vanadium

steels.

2.6.3 Manganese and Sulphur

The addition of manganese to a low carbon steel is an efficient way to form

MnS to reduce sulphur effects in the steels and affect final properties of the

steels adversely. MnS precipitates are unavoidable because a manganese
addition is the best and the most economic way to reduce free sulphur.

Indeed sulphur is a well-known deleterious element in steel.
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Previous work (Frawley, 1998) shows that Increasing the sulphur content of
thin slab cast and direct rolled mild steel, refined the ferrite grain size of the

product and increased strength. The sulphur had two principal effects. The
high supersaturation with respect to MnS present in the just-cast austenite
caused precipitation of MnS, preferentially on the austenite grain boundary.

These precipitates have a pinning effect on the grain boundary, resulting in a
finer austenite grain size prior to rolling. The other effect is that the strain

induced precipitate dispersion, or the sulphur in solid solution, or both,
retarded austenite recrystallisation, augmenting a similar tendency arising
from the coarseness of the just-cast austenite grain size. The retained strain
in the banded, unrecrystallised fraction of the austenite caused that fraction
to transform to fine grained ferrite. The yield strength was greater in the
TSDR material and increased to a maximum at a sulphur content which was

inversely related to the level of Mn. This concentration of sulphur, where
peak strength occurs, corresponds to its maximum solubility in austenite at
the peritectic temperature. Edge cracking originated in the first pass at
1100°C, and was related to sulphur in solid solution rather than to
precipitated MnS. The addition of Ti significantly reduced the severity of edge

cracking because Ti apparently increased the kinetics of sulphide

precipitation, thereby reducing the free sulphur at the time of rolling.

A study on the forged low carbon steels (0.1%C) with manganese contents

from 0.75 wt.% to 3.5 wt.% was carried out by Eissa et al. (1998). It was

found that with up to 1.5 wt.% Mn, the general nature of the microstructure
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comprises ferrite-pearlite. The higher manganese contents from 2.7 to 3.5
wt.% result in the formation of bainitic structure. Manganese has a

pronounced effect on the mechanical properties of steels with lower

manganese contents (< 1.5 wt.%), due to solid solution and grain refining
effects, and higher manganese contents (2.7~3.5 wt.%) will produce the

increase of the yield and uitimate tensile strengths due to the solid solution

and transformation strengthening. Manganese contents in the range of

1.5~2.3% have a less pronounced effect due to solely solid solution

hardening.

2.6.4 Microalloying elements

It had been well-known that microalloying elements are added to structural

steels for three principal reasons (DeArdo, 1998):

(1) to refine the austenite grain size during rolling and therefore, to aid in

refining the ferrite grain size after transformation.

(2) to lower the transformation temperature, thereby also refining the

ferrite grain size and increasing its dislocation density.

(3) to possibly impart precipitation hardening or solute hardening.

Four microalloying elements -- aluminium, vanadium, titanium, and niobium --

are widely used in various combinations to improve the mechanical
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properties of structural steels. Addition of these four elements brings about
the extreme refinement of grain size of steel and the rise of coarsening

temperature austenitic grain. It is considered that this grain refinement is due
to the precipitation of very fine carbides or carbonitrides of vanadium,
titanium, niobium or nitrides of vanadium, titanium, niobium and aluminium,
which act as nuclei for the newly precipitating phases at the transformation of
steel, and that the rise of grain coarsening temperature is a result of a

restraint of grain growth by the precipitates (Narita, 1975).

Vanadium, niobium, titanium have a high quenching-hardening effect on

steels. The hardenability of steel, however, is reduced by the refining of the

grains by increasing the amount of additions. This may be caused by the fact

that the solubility of carbides or carbonitrides of these elements in austenite
Is considerably low, their solution rate is also very low, and moreover

vanadium, niobium, titanium markedly reduce the diffusion of carbon.

As is well known, vanadium, titanium, niobium and aluminium do not have a
significant influence on the tensile strength, the elongation and the reduction
of area, but have a marked effect on the yield strength and the impact value.
In particular, the effect of vanadium and niobium is remarkable. It is
considered that the improvement of the tensile strength depends upon the
grain refinement in the case of a comparatively low temperature heat

treatment or normalizing, and mainly upon the precipitate hardening in the

case of the heat treatment at comparatively high temperatures of solution
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treatment. Such a characteristic of vanadium or niobium is based on the fact
that carbides, nitrides or carbonitrides of these elements have an appropriate

solubility in solid steel at the heating temperatures, besides their solubility

changes, in very suitable range for the metallurgical processing. Because of

restraint of dislocation movement by these fine precipitates, and grain

refinement, the yield strength of steel is raised and the impact transition

temperature may be lowered, and then toughness of steel at low temperature

is improved.

2.6.4.1 Niobium

The use of niobium in mild steels was initiated in 1950s. However it was

probably first studied theoretically by Morrison & Woodhead (1963). The

clearest evidence of the effect of a Nb addition to steels was the grain

refinement, which brought about the increase of strength without the increase
of brittleness, and provided good formability and weldability. So Nb steels

were employed throughout the world and a number of facts about niobium

steels had become well established by the end of 1959 (Woodhead, 1985).

These are:

(@) the addition of 0.01%-0.05%Nb to mild steel base compositions

gives improved yield strength in hot rolled steels:
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(b) the toughness (transition temperature) of hot rolled Nb steels is
little affected; sometimes it is improved but, in general, it is

slightly impaired, compared Nb free steels;
(c) normalising after rolling caused a marked improvement In

toughness and a slight increase in strength of Nb steels as

compared with plain carbon steels;

(d) niobium additions are more effective in steels with higher

manganese levels;

(e) grain refinement is observed in Nb steels, both in the as-rolled

condition and when normalised.

The addition of Nb to the steels will lead to the precipitation of fine Nb(CN)
particles which could have a greater effect in retarding softening processes in

the ferrite, and which may lead to the cracks at the grain boundaries

(Crowther, 1998).

Niobium additions can also decrease the stability of TiN and result in a lower
grain coarsening temperature (GCT) (Feng et al., 1989). Typical particle

morphologies in Ti/Nb bearing steel slab are dispersed dendritic (TiNb)N

particles and fine spherical TiNb(CN) particles. The dendritic TINbN particles
have cuboidal Ti-rich cores and Nb-rich arms. The arms dissolve readily on

reheating leaving the Ti-rich core.
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2.6.4.2 Vanadium

Vanadium microalloying is effective in increasing the strength of steels either

solely through dispersion strengthening, or through both dispersion
strengthening and grain refining effects. The strengthening effect of
vanadium seems to have no negative effect on elongation; the effectiveness
of vanadium is greatly enhanced by increasing the nitrogen content. Eissa et

al. (1998) studied a forged microalloyed steel bar and found that increments
of 194 and 110 N/mm? in the yield and ultimate tensile strengths,

respectively, were attained by increasing the nitrogen content from 0.015 to

0.025% for steel with a base composition of 1.8% Mn and 0.15% V; the grain
refinement of vanadium/nitrogen microalloying seems to be due to the
Inhibition of austenite grain growth as a result of the precipitation of vanadium
nitride in austenite during forging. Dispersion strengthening of these steels is
achieved by the precipitation of vanadium carbide and nitride in ferrite or
bainite; electrolytic analysis clarified the simultaneous formation of vanadium
carbide and nitride, irrespective of the content of either vanadium or nitrogen
in steels; nitrogen enhances the dispersion strengthening of vanadium
microalloyed steels which could be attributed to the finer vanadium nitride
precipitates compared to vanadium carbide; up to 70% of the total nitrogen

content of steel precipitates as vanadium nitride which could be achieved

with VIN ratio of about 6-7 (Eissa, 1998).

Vanadium is the most soluble of the four microalloying elements and does

not readily precipitate in austenite (Zajac, 1998). VN is considerably more
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stable than the carbide and it hardly affects the hot deformation process but
rather precipitates during cooling in ferrite, thereby increasing the strength

level of steels. This precipitation hardening is markedly enhanced with
increasing nitrogen in the steel, and so nitrogen is considered as a beneficial
alloying element in vanadium microalloyed steels. Since the nitrogen
contents of commercial structural steels, up to 200 ppm, are generally below

the solubility limit in both ferrite and austenite, all the nitrogen is available for

precipitate formation, where this occurs homogeneously or by an interphase

mechanism.

2.6.4.3 Titanium

In commercial V-microalloyed steels, small amounts of Ti (~0.01 wt.%) are
commonly added to prevent excessive grain coarsening at high temperatures
(Lagneborg, 1999). After studying the effect of increasing titanium content
on V-microalloyed steels using a CCT diagram, Peifalba (1996) concluded
that increasing of the Ti percentage produced a translation of the CCT

diagram towards the right side of the time axis, and when Ti content in steels

Is over 0.020 wt%, this translation is great (Fig. 2.5~2.7). It was reported that

the addition of a small amount of titanium to steel could not only inhibit the
grain growth of austenite, but also raise the austenite grain coarsening
temperature during reheating. The austenite and the subsequent transformed

ferrite grain size can be refined as long as the reheating temperature is not

higher than the austenite grain coarsening temperature of the steel. In

niobium-microalloyed steels, the grain refinement effect from titanium is
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surpassed by niobium itself (Wang, 1990). The technical background to this

is that Ti reacts with the nitrogen in the steel to form a fine dispersion of very

stable TiN.

The TiN precipitation may be affected by a second microalloy addition, such

as V, in various ways. This alone, but especially together with the formation

of a second precipitate, may affect the grain coarsening behaviour

significantly (Kaspar 1994). Titanium additions to steels can make the
precipitation of carbides and/or nitrides easier, or form TiN to hinder

boundary movement and influence the grain growth (Priestner, 1998) This

will be beneficial through the formation of a fine grain size which improves

the mechanical properties, particularly the Charpy toughness (Crowther,

1997).

Abad et al. (1998) compared the effect of Nb alone with Nb-Ti on the no-

recrystalisation temperature (7,,) in the microalloyed steels and pointed out

that the 7, of the Nb-Ti steel is significantly lower than that observed for the

Nb-steel. The explanation of this phenomenon is that a reheating
temperature of 1200°C would be enough to dissolve all the niobium in Nb-

steel, but not high enough to dissolve the (Ti,Nb)N particles, and a significant

fraction of added niobium may remain undissolved in the austenite.

Consequently, the supersaturation becomes lower and results in the

necessity of going to lower temperatures for the precipitation of Nb
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carbonitrides, which are able to pin the dislocations and halt the

recrystallisation process (decrease of T,,).

Other research (Feng, 1989) (Matsuda et al., 1979) had shown that Ti has a
great effect on the austenite grain coarsening temperatures (GCT). It was
found that titanium and nitrogen, whose levels were in a ratio near to the

stoichiometric value, can substantially increase the austenite GCT for Ti- and
for Ti/Nb-bearing steels. The stable precipitates responsible for grain
boundary pinning in high temperature austenite are fine TiN or TiNbN
cuboids. Titanium steels with Ti : N ratio well in excess of the stoichiometric
ratio have a relatively low GCT due to the formation of coarse TiN particles
and coarse titanium carbosulphides. Rapid austenite grain growth results

from the solution of fine (~15 nm) TiN (or TiNbN) particles and the
consequent increase in the mean size and decrease in volume fraction of
these particles. The reduction in the GCT after solution treatment and hot
rolling is attributed to a substantial loss of fine TiN or TiNbN particles at the
reheating or soaking temperature. Reprecipitation of fine particles during
air-cooling and hot rolling only partially compensates for this loss. The
starting austenite grain size on reheating after solution treatment or hot
rolling is also a factor which can influence the GCT. GCT is a function of time

and temperature and typically is 50-75°C lower for a 4 hour treatment time

than for 0.5 hour. The apparent activation energies for the coarsening

process in the 0.016Ti and 0.019Ti/ 0.024Nb steels were 340 kJ-mol? and

270 kJ-mol™, respectively.
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Some research has found that the large cuboidal TiN precipitates (>0.5um)

might form in the liquid due to the significant segregation of titanium and
nitrogen during casting (Chen et al., 1987). These precipitates would not be
useful in inhibiting austenite grain growth at high temperatures despite their
stability. Furthermore, they remove titanium from solution, so reducing

dispersion strengthening. The authors also mentioned that these kinds of

particles could be avoided by decreasing the concentrations of titanium and
nitrogen, which reduces the segregation of titanium and nitrogen in the liquid.
However, a decrease of nitrogen below the content used in the Nb-V-Ti steel
would significantly reduce the volume fraction of precipitates in austenite and

thus is not desirable. It would be better to reduce the titanium content. The

size of the TiN precipitates may also be reduced by using a fast cooling rate

during the solidification.

2.6.4.4 Aluminium

Aluminium is almost universally present in C-Mn steels for purposes of
deoxidisation but may also react together with nitrogen to form aluminium
nitride. The aluminium is normally dissolved in austenite at high temperatures

prior to rolling but the nitride phase is thermodynamically stable at lower

temperatures (Li et al., 2000).

It i1s well-established that steels containing a small amount of aluminium

resist grain coarsening up to ~ 1273 K because of the pinning effect of
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aluminium nitride precipitates in the austenite (Gladman et al., 1967) (Hall et
al., 1967). The small values of solubility product [AlJ[N] in austenite (Wilson

et al.,, 1988) suggest that aluminium nitride can be an effective grain
boundary pinning phase in austenite. However, insufficient amounts of

nitrogen in steels, typically less than 0.01 wt.% N, will limit the potential of

AIN precipitation (Matsuo et al., 2000).

In the research on vanadium microalloyed steels which contains 0.025%

aluminium, Li (2000) found that AIN particles usually did not precipitate when
steel specimens were equalised at 1100°C or 1200°C, but precipitated at
1050°C, both on the austenite grain boundaries and in the matrix, and were

often associated not only with MnS particles, but also with VN particles (Li, et

al., 2001).

It was also clarified that both the volume fraction and particle size of

aluminium nitride will determine the matrix grain size. However, the
aluminium nitride precipitates can locally promote the appearance of
abnormal grain growth, because their relatively rapid dissolution can
eventually favour a local reduction in the pinning force (Cabrera, et al.,
1996). Cabrera also considered that the appearance of abnormal grain
growth was attributed to the heating-rate effect. The steel which was directly
introduced into the furnace at the austenitizing temperature might show

abnormal grain growth, while normal grain growth would be observed with
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slower heating rates, because dissolution curves would tend to those of

equilibrium.
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CHAPTER 3 EXPERIMENTAL PROCEDURES

3.1 Composition and Processes of Steels

Three Al-V-N steels, whose composition (wt%) is given in Table 3.1, were

used in the research.

Steel 1 was treated using the simulated thin slab directly charged process at
Swinden Technology Centre, Corus Group. Figs. 3.1 ~ 3.2 show diagrams of

the simulated TSDR process program and a time - temperature diagram of

this program. The ingots of the experimental steel were stripped from the

mould at Ty = 1450°C ~ 1500°C. During stripping, the temperature of the
ingots may drop to temperatures between 1000°C and 1100°C (T32). These

ingots were than equalised at 1150°C (T3) for 53min, 318min, or 1333min
respectively and then water-quenched. All the ingots were cut Into

10x10x10mm specimens from both the equiaxed and columnar as-cast

austenite zones. Half were tempered at 650°C (T4) for 30min. The

temperature in the furnace was calibrated by placing a thermocouple at the

position of specimens and relating the controller display temperatures to the

correct temperatures.

Steel 2 was treated by the simulated conventional charging process. All the

ingots were cast, stripped, and then quenched to room temperature at

Swinden Technology Centre, Corus Group. They were then cut into

specimens 10x10x10mm and 3x10x10mm. The latter specimens were
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encapsulated in quartz tubes. All the specimens were equalised at 1050°C or

1150°C for 53min, 318min, or 1333min in the furnace and quenched in the

iIcy water. The cooling rate of encapsulated specimens in the water was

about 300~500°C/s and that of non-encapsulated specimens was about

100°C/s~200°C/s.

Steel 3 was treated using both the simulated direct charging process, In

which the entry temperature T, the equalisation temperature T; and
equalisation time were 1018-1095°C, 1100°C and 47 min respectively, and a

simulated conventional charging process with the same conditions as Steel 2
In an encapsulated condition. The cast microstructure of Steel 3 was also

analysed. The addition of titanium in Steel 3 was used to study the influence

of Ti on austenite grain growth.

3.2 Hardness Testing

A Vickers hardness testing machine was used to obtain the hardness of
steels on the equiaxed and columnar grain zones for Steel 1 and the surface
and centre of specimens for Steels 2 and 3. The surfaces of specimens are
divided into 12 divisions. The average hardness values are obtained from 12
indents located in the centres of these 12 divisions with 30 kg load. Before
testing, the test machine was calibrated using standard test block following
the procedure described in BS427 [1990]. As hardness tests always reveal

close parallels to the tensile test, the yield strength could be estimated from

the hardness data, using the following relationship
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ay=CHy/ayHV 3.1

where Hy is the Vickers hardness value, ¢; is yield stress in MPa, and

Churvis, @ conversion factor given as 2.15 in similar microalloyed steels

containing vanadium (Lapointe and Baker, 1982).

3.3 Austenite Grain Size

A cast structure of Steel 1 was retained during the direct charging and
quenching treatment (Fig. 3.3). This structure can be clearly divided into two
zones - the equiaxed zone and columnar zone. The grain sizes in the
columnar zone need to be measured in two vertical directions (X and Y
direction) because of the significant size difference of up to 15 times in the

two directions. The microstructures were examined by optical microscopy

after etching in 2% nital. 100 austenite grains in each condition were

measured by the optical microscope at 7 times magnification. This small

number of measurement was due to the large austenite grain size in the steel

which was over 1mm in the diameter.

For conventionally charged Steels 2 and 3, the austenite grains were

equiaxed and 200 grains were measured by the optical microscope at 400

times magnification. A linear intercept method recommended by ASTM

[1976] was used to obtain the austenite grain size.

26



3.4 Transmission Electron Microscopy

Extraction replicas were obtained by a standard method of evaporating

carbon on to the etched surface of specimens in a Mikro BA3 Balzers

Vacuum Coating Unit at a vacuum of better than 5x10™ Pa. The specimens
which were covered by carbon coating were cut into 3mmx3mm square and

etched by 5% nital. The floated carbon replicas were cleaned in pure alcohol,

collected by copper grits.

The examination for precipitate morphology, size, distribution, and
composition was performed in a Philips EM 400T transmission electron

microscope, operated at 80 or 100 KV, which was interfaced to a Phoenix

EDX energy dispersive system.

Precipitate sizes and their distributions were obtained by measuring 100 ~
>300 particles while lath widths and their distributions were obtained by
measuring more than 200 laths. The lath width was measured on the TEM
screen. The reading error was estimated beyond 10%. The particle diameter
and grain diameter analysis was dealt with by using the commercial software
called as Image-pro Plus. Every particle diameter was obtained by measuring

50 diameters in every 18 degrees and calculating the average.
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3.5 About identifying nitrogen peak with titanium peak iIn
EDX spectrum

It is well understood that it is impossible to distinguish the nitrogen N; peak

from the titanium Ti, peak in EDX spectrum. This is because that the energy
of nitrogen K peak is 0.392 KeV and very close to the energy of titanium L

peak which is 0.452 KeV. These peaks overlap in an EDX spectrum as the
detector resolution is about 0.13 eV and the difference between N; and Ti;

peaks is only 0.06 KeV. When the samples contain both nitrogen and
titanium, identifying the existence of these two elements becomes a real

challenge. Usually either a TEM with an energy loss spectrometer, or if the

particles are big enough (>1um), a wavelength spectrometer on an SEM can

be used.

Another easier way to solve this problem may depend on the energy peak
heights in the EDX spectrum. It is easy to identify titanium from titanium K
peak at 4.6 KeV. When titanium is identified, the energy peak height of the

titanium L peak can be estimated (see Fig. 3.4). When the real peak is

higher than the estimated titanium L peak height, this difference may be due

to nitrogen. It can be seen that when nitrogen is considered for analysis of

EDX spectrum an almost perfect overlap occurs in Fig. 3.5. Therefore, this

method should be suitable for the identification of nitrogen in EDX spectrum

analysis.
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CHAPTER 4 EXPERIMENTAL RESULTS

4.1 Hardness

4.1.1 Steel 1

The hardness of Steel 1 before and after tempering is shown in Fig. 4.1 and
Fig. 4.2. It can be seen that there is no significant difference in the hardness

values between specimens from either columnar zones or equiaxed zones.
When the specimens were equalised at 1150°C and water-quenched, the

hardness values decrease very quickly from about 360 to 260 when the
equalisation time increases from 53 min to 318 min and then there is a slight
Increase of hardness'value from 260 to 290 when the equalisation time

increases from 318 min to 1333 min. Tempering leads to the changes in the

hardness values for the three equalisation times, but these changes are

different. For 53min, 318min, and 1333min equalisation time, the hardness

values decrease about 20, increase about 25, and remain almost same,

respectively, after tempering.

4.1.2 Steel 2
Fig. 4.3 presents the hardness values of Steel 2 reheated at 1050°C or

1150°C in the encapsulated or non-encapsulated conditions. Compared with
the simulated directly charged Steel 1, the hardness values of non-
encapsulated Steel 2, from about 230~340, are lower for the three reheating

times while the hardness values of encapsulated Steel 2, from about

380~420, are much higher for the three reheating times.
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The hardness values of the encapsulated specimens are much higher than

those of non-encapsulated specimens, especially for 318min and 1333min

reheating times.

It is found that when the reheating time increases from 53 min to 318 min,
the hardness values of non-encapsulated specimens do not decrease as
quickly as encapsulated specimens. However, when the reheating time

Increases from 318 min to 1333 min, the decrease rates of hardness of both
types of specimens are almost the same. The hardness change of non-

encapsulated specimens is similar to that of the simulated direct charged

Steel 1.

The change of reheating temperatures from 1050°C to 1150°C, however,

does not have a significant influence on the hardness of both the

encapsulated and non-encapsulated specimens.

4.1.3 Steel 3

At a reheating temperature of 1150°C, the hardness values of the
encapsulated specimen increase slightly from 378 to 384 when the reheating
time increases from 53 min to 318 min. However, as the reheating time

increases from 318 min to 1333 min, the hardness decreases quickly from

384 to 334. The decrease tendency of non-encapsulated specimens is

similar to that of Steel 2 non-encapsulated specimens. The hardness values

decrease in non-encapsulated specimens from 279 to 213.
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The hardness values of non-encapsulated Steel 3 specimens reheated at
1050°C almost remain unchanged when the reheating time increases from

53 min to 318 min. As the reheating time increases from 318 min to 1333

min, the hardness values slightly decrease from 340 to 330.

All the changes of hardness values of Steel 3 are shown in Fig. 4.4.

4.2 Austenite grain growth

4.2.1 Steel 1

4.2.1.1 Before tempering

The austenite grain coarsening behaviour as the functions of equalisation
times, in both equiaxed zone and columnar zones, are shown in Fig. 4.5 and
Fig. 4.6. In Fig. 4.5, the square diameters of austenite grains were obtained
from the average diameters measured from the equiaxed zone. The non-
linear curve indicates that the growth of austenite grains does not follow the

parabolic law. In the columnar zone, austenite grain growth are roughly linear

in either X or Y direction. Their grain size distributions (times frequency) are

given in Figs. 4.7~4.9. The austenite grains can be as large as several

millimetres (Figs. 4.7~4.11)

The austenite grain size in both the equiaxed and columnar zones increased
with an increase of the equalisation time. Initially, the grain growth rates are
high, then they slow down as the equalisation time increases. The methods

reported by Kaspar et al (1994) and Ralph (1990) were used here to
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distinguish abnormal grain growth from normal grain growth. No obvious
bimodal shape of austenite grain size in 53min and 318min equalisation

times shows that no significant abnormal grain growth occurs in equiaxed
zones and Y directions of columnar zones during these two equalisation
stages. However, as the equalisation time increases to 1333min, a bimodal

shape, indicating abnormal grain growth, can be seen clearly. In X directions

of columnar zones, the abnormal grain growth can be seen for all three
equalisation times. This fact indicates that since the growth rate in the length
direction of columnar austenite grains is much quicker than that in the width

direction, it is more likely for the columnar austenite grains to grow

abnormally in the length direction.

After the equalisation and quenching, the microstructures for 53min and

318min equalisation times are mainly lower bainite (Figs. 4.12~4.13) where

many carbides precipitate in ferrite laths.

4.21.2 After tempering

Figs. 4.14~4.15 show the austenite grain size and the diameter distribution in

the equiaxed zone of Steel 1. It can be observed that tempering the

specimens which were quenched after equalisation does not lead to obvious

change of the austenite grain sizes and size distribution,.
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4.2.2 Steel2

Quenching at a cooling rate of about 100~200°C/s for non-encapsulated
specimens and at about 300~500°C/s for encapsulated specimens leads

mainly to the formation of martensite (Fig. 4.16). Only a few laths (about 2~5

%) were bainitic ferrite laths where cementite could be found (Fig. 4.17).

When Steel 2 is reheated, the austenite grains are much smaller, less than
100pm in diameter, than in directly charged Steel 1. Figs. 4.18~4.23 show
the austenite grain sizes and their distribution histograms for three reheating
times at 1050°C and 1150°C in both encapsulated and non-encapsulated

specimens. There are almost no differences between these two types of
specimens in both the average grain sizes and in the distribution. Unlike the

distribution in directly charged Steel 1, all distribution curves of austenite

grain sizes in Steel 2 have only a single peak. This means that only normal

austenite grain growth occurs in conventionally charged Steel 2. The

diameters of most austenite grains reheated at 1050°C are between 20 and
60 pm while the diameters of most austenite grains reheated at 1150°C are

between 100 and 500 um. The optical microstructure reheated at 1050°C is

shown In Fig. 4.24.

The austenite grain growth in Steel 2 is strongly influenced by the reheating

temperatures. The effect of reheating temperatures is illustrated in Figs. 4.18

and 4.21. When the reheating temperature increased from 1050°C to
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1150°C, the average austenite grain sizes increased from about 40~50um to

about 100-150um.

4.2.3 Steel3
The average austenite grain sizes in the conventionally charged Steel 3 at
1050°C reheating temperature are much smaller than those in either Steel 1

or Steel 2, being only about 20um in diameter. Figs. 4.25~4.27 show the
microstructure and relationships between the austenite grain sizes and the

reheating times for encapsulated specimens. Like Steel 2, the normal grain

growth is indicated by the single peak distribution of its austenite grain sizes.

When the specimens are reheated at 1150°C, significant changes of the
austenite grain sizes occur in the different reheating times. The austenite
grain growth remains normal in 53 minutes reheating time (Figs. 4.28~4.30).

The increase of reheating time from 53 min to 318 min leads to the abnormal

austenite grain growth (Figs. 4.28 and 4.29). A small amount of huge

austenite grains (>500 um) appears. The further increase of reheating time

from 318 min to 1333 min results in the recovery of the normal austenite
grain growth in the larger grain size (>500 um). The changes of

microstructure for three different reheating times are shown in Fig.

4.30~4.32.
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4.3 Lath width

4.3.1 Steel 1

4.3.1.1 Before tempering

The fernite lath width and distribution histogram in Steel 1 are shown in Figs.
4.33, 4.35, and 4.36. Differences in the columnar zones and equiaxed zones
were observed. In the columnar zones, the lath width values increased

following the increases of equalisation time. The average lath widths are
about 0.65um, 0.69um, 0.88um, respectively for 53min, 318min, 1333min
equalisation times. However, as the standard deviation of these lath width
values are 0.4~0.6um, the lath width for these three equalisation times can

be considered to be constant. In the equiaxed zones, the lath widths are

almost same for 53min and 1333min equalisation times. However, in 318min

equalisation time, the value is much higher, about 1.6um.

4.3.1.2 After tempering

Figs. 4.34, 4.37, and 4.38 show the effect of tempering on the changes of
the ferrite lath width. Tempering can at least double the lath width, compared
to the lath width without tempering. The effect in columnar zones is stronger
than in equiaxed zones. The lath width in 318min equalisation time has the
highest values while the values in 1333min equalisation time are only a

slightly higher than that in 53min equalisation time.
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4.3.2 Steel 2

Reheated at 1050°C, the increasing rates of the lath width in non-

encapsulated and encapsulated Steel 2 specimens are very different (Fig.
4.39). As the reheating times increase, the lath widths in the non-
encapsulated specimens increased much faster than those in the
encapsulated specimens did. The lath widths in encapsulated specimens,

about 1um, are much smaller than those in non-encapsulated specimens,

which are about 2.8~4.4um. The distribution histograms of lath width in both

non-encapsulated and encapsulated specimens are shown in Figs. 4.40 and

4.41. Most lath widths of encapsulated specimens were located in a single

range of 0.6~1.2 um while most lath widths of non-encapsulated specimens

were located in the two ranges of 0~2 um and 2~4 pum for 53 min reheating

time, 2~4 um and 4~6 um for 318 min and 1333 min reheating times.

4.3.3 Steel 3

For encapsulated Steel 3 specimens which contain 0.09 wt% titanium, after
reheating at 1050°C, the lath widths (between 0.6~0.8 um) are a little smaller

than those of titanium-free Steel 2, under the same conditions (Fig. 4.42).
Considering the standard deviation of lath width in Steel 3 (Fig. 4.43), it can

be agreed that the lath widths in these encapsulated specimens are almost

constant. The lath widths are mainly located in two ranges: 0.3~0.6 pm and

0.6~0.9 um.
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4.4 Particles

4.4.1 Steel 1
4.4.1.1 Before tempering
After equalisation at 1150°C and water-quenching, several different kinds of

particles existed in the microstructure. The particles with the size over 250

nm were almost MnS. They were often found along the austenite grain

boundaries. The average particle size, the distribution, and the microstructure

were shown in Figs. 4.44~4.46.

Many particles (about 40~75nm) were observed by TEM in the microstructure

of the steels. An analysis on these particles showed that most were

cementite which is considered to form during quenching. Some cuboid

particles (>20nm) could be seen in the bainitic lathes and along the lath
boundaries when Steel 1 was equalised for 53 min and 318 min.

Occasionally larger particles with a size of about 40 nm can be found. EDX
analysis indicated that these particles are (Ti,V;x)N (Figs. 4.46~4.47). In

1333 minute equalisation, no vanadium was detected and only a few AIN

particles (average size 104nm) (Fig. 4.48) and some AIN-MnS can be found
(Fig. 4.49).

4.4.1.2 After tempering

After tempering, vanadium nitride particles were observed as non-complex

particles for 53 minute equalisation. However, when the equalisation times

were longer, vanadium nitride can not be found. The complex particles were
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found which were the combinations of manganese sulphide/ aluminium
nitride and vanadium nitride/aluminium nitride (Figs. 4.49 and 4.50a). The

diffraction pattern is shown in Fig. 4.50b. The plate spacing relation of AIN

and VN is (llT)m//(Oll) qv and the direction relation of AIN and VN is

[101],y //[311],, (Fig. 4.50¢c).

4.4.2 Steel 2

It was found that the particles, which exist in the martensite laths after
quenching, are mainly aluminium nitrides. Fig. 4.51 gives the size of the AIN

precipitates in the non-encapsulated and encapsulated specimens during the

reheating at 1050°C and 1150°C for different times. It is shown that the
reheating temperature plays an important role in the particle growth. The

iIncrease of the reheating temperature from 1050°C to 1150°C leads to a

dramatic increase of particle diameters from about 0.2~0.5 pm to about

0.7~1.0 um. The size and distribution are shown in Fig. 4.52~4.53.

4.4.3 Steel 3

4.4.3.1 Hot direct charging
When Steel 3 was directly charged and equalised at 1100°C for 47 min, in

addition to cuboid (Ti,V,,)N particles (Fig. 4.54), many cruciform particles

were also found in the microstructure with a average size of 140 nm (Figs.
4.55~4.56). EDX analysis showed that ratio of concentration of titanium to

vanadium in the core of a cruciform particle is higher, about 7:3 (Fig. 4.57),
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than that in the arm of the cruciform particle, about 6:4 (Fig. 4.58), same as

the ratio of these two elements in cuboids.

4.4.3.2 Cast

Many fine (Ti,V;x)N (2~30 nm) particles were found in the quenched cast

slab and most of them were spheroidal (Fig. 4.59). Some large cuboids (80 ~

110 nm) were found as MnS (Fig. 4.60). No cruciform particles were found in

the cast microstructures.

4.4.3.3 Conventional cold charging

Many (Ti,V,.;)N particles were found in the microstructure of Steel 3 reheated

at 1150°C (Fig. 4.61). Most of them existed along the ferrite lath boundaries

and some were in the ferrite lath. Figs. 4.62 and 4.63 showed that there was

only a slight increase of the average (Ti,V;.,)N particle size from 30nm to

33nm. However, the standard deviation of particle sizes increases as the
reheating time increases. When the reheating time increases to 318 min, the

larger particles (>60nm) appear.
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CHAPTER S DISCUSSION

9.1 Solubility temperatures of precipitates in Steel 1~3

5.1.1 Evaluation of solubility temperatures of precipitates

Vanadium, aluminium, titanium, and niobium are the most important alloying
elements in microalloyed steels for conferring grain refinement and

dispersive strengthening through the formation of carbides, nitrides or

carbonitrides. The solution and precipitation of these compounds in
commercial steels produce many important effects. However, niobium was

not added to Steels 1~3 used in this present research and will not be

discussed in the thesis.

AIN particles inhibit austenite grain growth in Al-killed steels (Cheng et al.,
2000). Solution and precipitation of the carbides and nitrides (or
carbonitrides) of V, or Ti in austenite during hot-working can inhibit
recrystallisation of the austenite, minimise grain growth of austenite, and add
a component of dispersion hardening in ferrite to the strength of the as-rolled
steel at room temperature (Abad et al., 1998) (DeArdo, 1998). Manganese

is another important element in microalloyed steels. Solution of MnS during

the reheating of austenite at temperatures in excess of 1300°C and

subsequent precipitation during cooling produces the phenomenon called
overheating (Hale et al., 1986). Precipitation or pre-precipitation stages of

MnS during annealing of cold-rolled, low-Mn steels for porcelain enamelling
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can prevent recrystallisation at all temperatures below that required for

transformation to austenite (Gladman, 1997).

The general precipitation or dissolution formula can be written in the form of

MX S M+ X 5.1

where M represents metals such as Mn, V, Al, Ti, X represents C, N, S.

The reaction equilibrium constant, Kp, can be written as

a ., a
KP=._L._)£_ 5_2
& \rx

where @, ay are the activity of M, X respectively, ay=cu[M], ax=cx[X]
and the activity of compound MX, a)y, is considered as 1.

(Inc,cy +M[M][X])=-Q/RT +c; 5.3
where [M], [X] are the concentration of M and X dissolved in austenite

respectively, O is the heat of dissolution, R is the gas constant, T is the

temperature, in Kelvin, at which the dissolution or precipitation in austenite
occurs. Since ¢y, cx, and Q are constants, equation 5.3 can be rewritten as

following general equation:
Ig[M J[X]=~—+ B, 5.4

where A3, Bj; are constants.

The determination of the temperature dependence of the solubility of

sparingly soluble compounds in austenite is a difficult task. The precipitates
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in microalloyed steels are usually less soluble in ferrite than in austenite.
Here a term, solubility temperature, is used to describe the temperature In

the equilibrium condition at which precipitates completely dissolve and are

then part of the solid solutions, such as austenite or ferrite.

Many researchers have worked on the determination of solubility
temperatures of the precipitates which may appear during the processes.

Numerous equations, which are dependent on the specific compositions and
working processes of steels employed by the authors, have been developed
to calculate the equilibrium solubility of the precipitates. Some equations
relevant to the present work are listed in Table 5.1. According to the
conditions and the equations used, the calculated results of the solubility
temperature of precipitates are very different. In the present research, the
steels explored are vanadium-microalloyed steels. VN is the most important
precipitate in the steels which may affect the final microstructures and
mechanical properties, together with vanadium carbide or carbonitride, which

have also been cited in the literatures (Zajac, 1998) (Lagneborg, 1999). It is
also well accepted that, at low temperatures (about 900°C), the precipitates
must be mainly considered as a carbide while at high temperatures (about

1100°C) as a nitride (Cabrera et al., 1998). However, recent research has

cast doubt on this view for some process routes and steel compositions

(Wilson, et al., 1988)

Many equations can be used to calculate the solubility temperature of VN

with different steel compositions and processes, and some results have be
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obtained from Fe-V-N or Fe-C-V-N alloys (Frohberg, 1960)(Irvine,
1967)(Narita, 1975); others were developed from a much higher carbon

content steel than those of the present study (Erasmus, 1964b)(Roberts,
1993). Erasmus also mentioned that his equation was obtained from

experiments where the specimens were kept in the furnace for 2 hours at
800°C~1200°C. Undoubtedly, vanadium and nitrogen in the steels are the

most important elements to decide the VN solubility temperatures. However,

some other elements, such as manganese, aluminium etc., may still have an

influence on the solubility of VN.

Irvine (1967) pointed out that the solubility of VN in the austenite depended
not only on the temperature, but also on the content of manganese. Adding

manganese into HSLA steels would reduce the solubility temperature of VN
in austenite. Gladman (1976) mentioned that Irvine's equation had to be
used for the steels which contained a high manganese content. He also
pointed out (Gladman, 1997) that reducing the manganese content close to
zero would reduce the solubility product at any given temperature by 0.06
and would give even better agreement with the results of Roberts et al. and
Narita. The effect of aluminium depends greatly on the compositions of the
steels (Gao et al., 1997). For 0.1%C and 0.008%N containing steels, virtually
all the aluminium is in solution in the austenite. But for higher N contents,
aluminium generally causes the concentration of vanadium to increase at the

lower austenitising temperature (Adrian, 1992), so that the solubility

temperature is reduced. Aluminium can remove the nitrogen from
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carbonitrides due to its higher affinity to nitrogen. It will result in the easier
solution of carbonitrides in austenite (Eckstein, 1993). Similarly, for the same

quantity of nitrogen in the steels, an increase in the carbon content leads to
an increase in the AIN content owing to the larger quantity of vanadium

combined with carbon in the C-rich carbonitrides. Aluminium carbides do not

form in microalloyed steels.

None of the steels employed to develop the solubility equations have similar
compositions to the steels used in the present experiments. However,
considering the greater effect of manganese on the solubility of VN, the
Eckstein and Irvine equations (Equations VN-7 and VN-8), where high
manganese steels were used, are considered to be more suitable than the

others. The calculated results for Steel 1 and Steel 2 or 3 show that the
solubility temperatures are 1152°C and 1093°C (Fig. 5.1) respectively using

equations VN-7 and VN-8. Considering that the manganese content in the
steel substituted into equation VN-7, is less than that in Steel 1, the solubility

temperature of VN in austenite in Steel 1 can certainly be a little lower than

1152°C. This means that when Steel 1 is equalised at 1150°C, as in the
present work, VN will be expected to dissolve in austenite and even if some
particles are still out of solution, they will be too small to play a role in pinning

austenite grain boundaries. Since there are lower vanadium and nitrogen

contents in Steel 2 and Steel 3 than in Steel 1, the solubility temperatures of

VN are less than those in Steel 1. All the calculated results are below 1150°C
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(1038°C~1130°C) (Fig. 5.2). The precipitation of VN is expected to be more

difficult in Steel 2 in the absence of titanium.

In addition to VN, AIN, TiN, and MnS are three other possible precipitates
predicted from the composition of the steels. Their calculated solubility
temperatures are much higher than VN, for example, it can be found that the

calculated solubility temperatures of AIN, using a similar manganese content
to that in Steels 1 to 3, are about 100°C higher than VN (Figs. 5.3~5.4).
Equation AIN-4 is considered as a suitable equation because the similar

composition to the present research was used. That of MnS is about 150°C
higher than that of AIN (Figs. 5.5~5.6). However, the solubility temperature of

TiN i1s 200 ~ 300°C higher than that of MnS (Fig. 5.7), and TiN may
precipitate in the liquid steel or during the early stages of solidification
(Narita, 1975). All these three precipitates will remain undissolved during the
processing and may, depending on size and volume fraction, play an

important role in pinning austenite grain boundaries. They may also, in

certain instances, be the heterogeneous nuclei for the precipitation of VN.

Although vanadium carbide is one of the possible precipitates, it is very

difficult for this compound to form in the steels used in the present research
and under the present experimental conditions. The calculated solubility

temperature of Steel 1, using VC-1 equation, is 824 °C, which is much lower

than the equalisation temperature of 1150°C. All the calculated solubility
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results of vanadium carbide in Steel 1, Steel 2, and Steel 3 are shown In

Figs. 5.8 ~5.9.

When vanadium exists in the form of vanadium carbonitride, the solubility
temperatures will be higher than for vanadium carbide alone. But, the
equalisation temperature is still too high for vanadium carbonitride to exist in

austenite. This will be discussed in 5.1.3.

5.1.2 Equilibrium solubility of VN and AIN in austenite

According to the above discussion, when the steels are kept at a temperature
which is equal to or higher than the solubility temperatures of precipitates,
there will be no precipitation occurring during the equalisation or reheating

stage. However, if the equalisation or reheating temperature of steels is
lower than the solubility temperatures, precipitation will occur. Figs.
5.10~5.11 show calculated solubility limits of VN and AIN at different
temperatures using Equations VN-7 and AIN-4. Clearly, if the contents of
vanadium, aluminium, and nitrogen in the steels are beyond and on the left of

the lines, no precipitation will be expected to occur in the equilibrium status.

It is also understandable that when the precipitation of VN and AIN occurs

under equilibrium conditions, the loss of vanadium, aluminium, and nitrogen
contents in austenite should be in the stoichiometric relation. So, Equations

VN-7 and AIN-4 can be rewritten, by considering the partition of vanadium,
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aluminium, and nitrogen between VN, AIN, and austenite, following (Matsuo,

2000)
108{(1Vur =~ VI (Nl = [NIp)} = =22 +3.03 56
log{([Al]tot — [AI]AIN)([N]IOI o [N]AIN )} -7 77;0 +1.38 S.7

where:[V],y, [Ny, [4ll,y. and [N],y are the contents of vanadium,

aluminium, and nitrogen combined as VN and AIN, respectively. [V],,
[Al],,, and [N] , are the total contents of vanadium, aluminium, and nitrogen

in the steel chemical composition, respectively. Figs. 5.12~5.13 plot the
calculated maximum volume fraction of VN or AIN, which precipitate from
austenite, in austenite against temperatures for steels that contain different
contents of vanadium, aluminium, and nitrogen. There are no significant
differences in the precipitation of AIN between the three steels at the different
equalisation or reheating temperatures, while the differences in the
precipitation of VN are quite obvious. This means that the change of the
temperatures can significantly change the precipitation of VN in austenite so

that the mechanical properties of the steels will be changed.

9.1.3 About solubility of vanadium carbonitride and the effect of
aluminium

Depending on steel composition and temperature, vanadium may precipitate

as nitride, carbonitride or carbide. Since the solubility controls the coarsening

tendency of precipitated particles, preference should be given to nitrides

rather than to carbides, as VN is more capable of maintaining a fine particle
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dispersion than VC or a low nitrogen V(C, N). The greater the
supersaturation ratio of VN, which determines the driving force, means that

vanadium will tend to react first with nitrogen and subsequently with carbon,

but only when all the former has been consumed (Aronsson, 1969).

The microalloying addition, such as vanadium, in microalloyed steels is very
important. Continuing development of microalloyed steels requires the ability

to predict the fraction and composition of particles, such as VN, VC, or V(C,
N), and of the matrix, for a given microalloying content. To estimate the
equilibrium compositions of the austenite and carbonitride phases at different
austenitising temperatures, a useful model, which is called the two parameter

thermodynamic model, was developed by Rios (1992).

_C0+N0_CS_NS

Jp = 1-2(Cs + Ng) >0
R N — 5.9
1=-2fp+ fp(Cs/ Kyc + N5/ Kyy)
o | YT

- (Vo ! Kyo)L=2fp + fp(Cs ! Kyc + Ng | Kyy)]

N. = Sn
e ——— N 5.11

where fp is the mole fraction of carbonitride, V,, Cy, Ny are the atomic fraction

of vanadium, carbon, and nitrogen content in steels, Vs, Cs, N are the atomic

fraction of vanadium, carbon, and nitrogen in solution in austenite, while

Kye =10%772%9/T and Ky =107%7%%T a6 the solubility products of

vanadium carbide and VN.
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Aluminium is also an important microalloying element in microalloyed steels.
Because it has the stronger binding force with nitrogen than vanadium, its

existence will affect the formation of vanadium carbonitride. To estimate this

effect, the modified equations can be used as follows

2(Co+ N, -C. - N¢)
= Al. - Al 1__.9_u__3_ 12
S a 0 s[ 1= 2(C. + No) ] 5.1
Co + NO — CS — NS
= — 0 5.13
o=
e g,
1-2fp=2f v+ [p(Cs I Kyc + Ng  Kypy)
A
Vo !/ Kye)1=2fp=2f ynv + fp(Cs / Ky + Ng | Kyy)]
I 5.16

Ne=onono o e
° (Vo /! Kyy)V=2fp =2f yn + [p(Cs / Ky + Ng I K )]
where fv is the atomic fraction of aluminium, Alg = Ky /Ns is the atomic

. « . . . , . 8=-77150 /T -
fraction of aluminium in solution in austenite, and K ;v =10"°"""""" is the

solubility products of AlN.

A C-language computing program was been designed to do the calculation of
above equations (Appendix A). The calculated results from both sets of
equations for Steel 1 and Steel 2 are shown in Table 5.2 and Figs.

9.14~35.17. It can be found that when the equalisation temperatures of steels

are higher than 1000°C, carbon will completely dissolve into the austenite

matrix and the precipitates will be VN only, rather than complex vanadium

carbonitride. These calculated results match the results from electron
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microscopy EDX analysis, where only VN particles were found in equalised,

water-quenched, and then tempered Steel 1.

From the calculated results, it is also found that aluminium does not produce
significant differences in the solubility of carbon, nitrogen, and vanadium in

austenite. This is because of the relatively high vanadium and nitrogen

contents in the steels used in present research.

5.1.4 The calculated solubility of VC, VN, AIN, and MnS in Steels 1~3
with or without the effect of Ti using ChemSage

Although many equations describing the dissolution or precipitation of
precipitates, such as VC, VN, AIN, or MnS, are available, these equations
were developed according to the specific compositions of steels. The change
of the steel composition and additional elements will probably lead to a
change in the dissolution or precipitation of precipitates. In these
circumstances, it is more important to ensure that the calculation is based on
the compositions of steels which are used in the present research.

ChemSage is commercial software which allows the development of a

personal database and undertake the calculation. Using ChemSage and the

database built by Corus Group (Rose, 2002), some results are shown in

Table 5.3 ~ 5.6 and Figs. 5.18 ~ 5.21. The results show some similarity to
the calculated data for Steels 1~3 by using Rios Equations (Table 5.2 and

Figs 5.14~5.17), in which only nitrides are predicted to appear in the

austenitising temperature range and carbides do not form. When the
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equalisation temperature is higher than 850°C, carbon will completely

dissolve into the austenite. The addition of titanium can greatly increase the
solubility temperatures of VN. An addition of 0.005 wt.% Ti to Steel 1 will

increase the solubility temperature of VN by about 100°C and it is predicted

that the solubility temperature of VN in Steel 3 is almost 400°C higher than
that in Steel 2. The addition of Ti slightly decreases the precipitation of AIN

and reduces the solubility temperature of AIN by about 50°C but has no

influence on the precipitation of MnS. For Steels 2 and 3, when the

equalisation temperature is over 1430°C, liquid appears and the dissolution

of elements in austenite decreases.

5.2 Precipitation in Steel 1 during the HDC process and
tempering

5.2.1 The effect of stripping and water-quenching

The precipitation during the HDC process is determined by the temperature.

When the steels were stripped from a mould, the temperatures dropped to
900°C~1000°C before the steels entered an equalisation furnace. Since the
solubility of microalloying elements in ferrite is much less than that in
austenite and the y—a phase transformation will promote the precipitation of

the second phase particles, it is very important to ensure whether or not this

phase transformation occurs during stripping. The criterion is whether the

stripping temperature is greater than the Ac; temperature of the steels, which

represents the minimum austenitising or solution treatment temperature.

Since carbon is present as a principal element, the effect of other elements
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could be allowed for on the basis of the Fe-C phase diagram. An equation for

calculation of the Ac; temperature was derived by Andrews (1965):

Ac3=910-203/C-15.2Ni +44.7Si + 104V + 31.5Mo + 13.1W

—~ (30Mn + 11Cr +20Cu - 700P — 400A1 — 120As —400Ti)  5.17

The calculated result shows that the Ac; temperature of Steel 1 is 869°C,
lower than the possible lowest temperatures reached during the mould
stripping mentioned above. This means that the phase transformation (y—a)

Is most unlikely occur during stripping. Therefore, the possible precipitation of

TIN, MnS, AIN, and VN discussed here are only related to austenite.

After equalisation, the steel was water-quenched to room temperature. In
commercial steelmaking, the cooling rate of the continuously cast steel is not
as fast as that due to water-quenching in the lab condition. Carbides, such as
cementite, will precipitate in the ferrite matrix during the phase
transformation, as in a low carbon microalloyed steel. In this research, the
quenched microstructure was observed to be lower bainite and not
martensite. This means that most of the carbide particles observed in the

microstructure formed during quenching, and not during equalisation or

stripping, and therefore, did not play a role in restricting the as-cast austenite

grains from growing during the equalisation.
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5.2.2 Precipitation during the HDC process
According to calculated solubility temperatures, MnS may be the first
precipitate to form in Steel 1 during the processing and will appear during

stripping (Fig. 5.22). lIts solubility temperature can reach as high as 1400°C.

AIN is the other compound which could theoretically precipitate during

stripping. However, since the complete precipitation of AIN would take at
least 6 hours at about 1100°C (Gladman, 1993), AIN will be expected to
precipitate to a greater extent during the equalisation treatment. AIN appears

in the present work only in the steel ingots equalised at 1150°C for 1333 min,

while MnS precipitates appear in the steel ingots for all three equalisation
times. In fact, the EDX spectrum analysis shows that some AIN can

precipitate with manganese sulphide, which may act as a nucleus for the AIN

after 1333 min equalisation time (Fig. 4.49). This was also observed by Li et

al. (2001).

Vanadium is the most soluble of the currently used microalloying elements
and does not readily precipitate in austenite. VN was not found in the
microstructures of the specimens which was equalised at 1150°C and water-
quenched. A small amount of very fine (Ti,V;;)N precipitates were found in
the specimens equalised for both 53 min and 318 min (Figs. 4.46~4.47).
Although no titanium was deliberately added into Steel 1, traces of titanium

still exist in the steel as observed by Wilson et al. (2001). Titanium can

significantly increase the solubility temperature of VN. Its effects will be
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discussed later in a separate section. These types of (Ti,V;..)N particles were
found to be bigger and have fewer amount after 1333 min equalisation time.

This may be because the titanium content in the steel is so low that the

coarsened patrticles, which are well dispersed on the carbon replicas, were

more difficult to find after the longer equalisation time.

5.2.3 The effect of tempering

The equilibrium solubility of vanadium and nitrogen in ferrite at 25°C can be
calculated by the Frohberg (1960) equation.

Ig[V][N]= —3—8-319-+2.45 5.18

T
The calculated result is [V][N]=1.54x10"%*. This means that neither vanadium
nor nitrogen will be able to dissolve in ferrite under the equilibrium condition
at room temperature. When the steel was water-quenched to room

temperature, vanadium remained supersaturated in the ferrite matrix.
However, the solute atoms at room temperature have a relatively low activity

and do not have enough energy to overcome the nucleation energy barrier.
In this case, it is very difficult for them to precipitate. Higher temperatures will

provide the activation energy to the solute atoms and promote the

precipitation of solute atoms, such as vanadium and nitrogen, from the ferrite

matrix. When some previously precipitated particles can act as the
heterogeneous nuclei for VN, the precipitation of VN will be much easier. As

shown in Fig. 4.50, VN precipitates with AIN. When the steel was equalised
at 1150°C for 1333 min, AIN has sufficient time to precipitate fully. These AIN

particles can become the potential nuclei of VN. The electron diffraction
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pattern shows that the orientation relationship of VN and AIN

is:(111),, /(011) ., ,[101),, //[311],,,. We can also find that the interplanar

spacing of these two planes is very close: d,;; =0.2361nm (JCPDS-

ICDD, 1978a) and d¢;, , = 0.2371 nm (JCPDS-ICDD, 1978b). No significant

lattice deformation is therefore required for their epitaxial relationship.

9.3 The effect of titanium on vanadium precipitation

5.3.1 Direct charging

It is well known that titanium, as a microalloying element, creates important

changes in properties and microstructures of the steels through austenite

grain refinement by TiN (Kunishige 1989).

For Steel 1, during direct charging, some (Ti,V,;,)N particles were found

although a specific titanium analysis was not included in the chemical
composition supplied for the present steel, and the level is less than 0.005

wt.% titanium content. As the solubility temperature of (Ti,V,;)N is as high as

1425°C, it will gradually precipitate on cooling during the process. The fine

precipitates (<20 nm) form at the beginning of the process (Figs. 4.46~4.47).

As discussed in 5.1, the solubility temperature of VN in Steel 1 is lower than

1150°C. Therefore it may not precipitate during equalisation at this
temperature. However, since both TiN (a=0.42 nm) and VN (a=0.41 nm)

(Leslie, 1981) have the same crystal structure — face-centred cubic and the
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very similar lattice parameters, it becomes possible for VN to use titanium
nitride as a nucleation site and form a precipitate (Ti,V;..)N. This can result in

the precipitation of a complex vanadium-titanium nitride at relatively high

temperatures.

In the early stage of equalisation, the particles will precipitate at sites where
the activation energy is higher, such as dislocations, vacancies, and

boundaries etc. The growth rate of particles is dependent on the element

which has the slowest diffusion rate. The diffusion coefficient, D, at any given

temperature is defined by

D = D,exp(-Q,,/RT) 5.19
where D, is a constant, Qd,ﬂis the activation energy for diffusion, R is the gas

constant and T is the temperature in Kelvin. The data are shown in Table

5.7. The calculated results show that titanium is the controlling factor

because it has a much lower diffusion coefficient (1.73x10°"* m?s™) than that

of nitrogen (9.13x10''m?s™). More time is required for titanium to diffuse
long distances in the austenite matrix. Therefore, (Ti,V,..)N particles cannot

grow fast. When the steel remains at a high temperature for a long time, the

coarsening of the precipitates, known as Ostwald ripening, will occur. Some

small TiN particles dissolve in the austenite matrix and then the dissolved

titanium and nitrogen have plenty of time to travel a long distance in the

austenite matrix and reach a larger patrticle.
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Compared with Steel 2, Steel 3 has a similar chemical composition except

the addition of titanium. With the addition of 0.009 wt.% Ti, the temperature at

which vanadium exists in precipitates increases from 1075°C to 1444°C,

349°C higher, according to the calculation by ChemSage. When Steel 3

ingots were equalised at 1100°C, a large number of (Ti,V,..)N particles were

found in the cuboidal and cruciform shapes in the microstructure. The size of

the cruciform particles is much larger than that of the cuboidal ones. The

possible nucleation mechanism and the difference between these two types

of particles will be discussed in 5.33.

5.3.2 Conventional cold charging

With the conventional cold charging process route, the precipitation process

of (Ti,V;x)N Is different from with the HDC process route. Because of the

strong affinity of titanium for nitrogen, the dissolution of titanium nitride
.becomes almost impossible to achieve during reheating. Furthermore, the

cooling to room temperature following continuous casting, and the reheating

to 1150°C allows more time for (Ti,V;,)N to grow. So, more coarse

ineffective particles may precipitate after cold charging in comparison to

direct charging (Kaspar, 1994). In conventionally cold charged Steel 2, no

TiN or (Ti;V,.x)N was found at either reheating temperatures and for the three

reheating times. This may be the reason for very few large (Ti,V;.,)N particles

observed in the microstructures or because the titanium content in the steel
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was too low, since the titanium content in Steel 2 is also shown to be less

than 0.005%.

But in Steel 3, which contains 0.009% titanium and was also conventionally
cold charged, a large number of cuboid (Ti,V,)N precipitates were found

everywhere, but with a tendency to outline boundaries (Fig. 5.23). Many

appear in rows. Most of the rows can cover hundreds of microns and are very

difficult to follow from the beginning of the row to the end (Fig. 5.24). But,
some small spheroid-shape rows can still be found in the microstructure (Fig.
5.25). Usually, these rows do not follow the austenite grain boundaries after

reheating. They may follow the austenite grain boundaries which formed

during solidification of the steel or the dendrites.

5.3.3 About cruciform precipitates

With the addition of 0.009 wt.% titanium, many cruciform particles were found
in directly hot charged Steel 3. These particles are considered as nucleating
and growing during cooling of the as-cast structure (Prikryl et al., 1996). The
composition of the precipitates nucleated in the austenite is determined by
the thermodynamic conditions imposed by the local driving force, the
theoretical equilibrium composition, and the diffusivities of solutes (Zhou,
1991)(Zhou, 1992). Some precipitates having a higher titanium content will
nucleate at relatively high temperatures and consequently will have the
opportunity to coarsen during cooling into the form of cruciform precipitates

with a significant size range. The precipitates forming at lower temperatures
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have a higher vanadium content. Because of the paucity of the nucleation
sites at all temperatures, it is easier for precipitates to grow from an original

Ti-rich core following some preferential planes in the surface of cuboidal
particles where the growth rates are obviously higher than other planes. It
seems likely that the growth of the arms of cruciform particles on the Ti-rich
substrate is epitaxial in nature (Feng et al.,, 1989). All these cruciform

particles were found to be rich in both titanium and vanadium and they were

reported to be nitrides of the form (Ti,V,..)N (Prikryl et al., 1996) (Li et al.,
2000). The mixed nitride (Ti,V;..)N which formed on casting is a metastable

phase that evolves to form a stable TiN. On reheating, the (Ti,V..)N particles

diminish in size due to the dissolution of vanadium. The large difference in
the equilibrium solubility of TiN and VN in austenite causes the partitioning of

V to austenite, rendering TiN as the stable phase.

When the steel is processed by conventional charging, water-quenching

provides a fast reduction in the temperatures of the steel and the Ti-rich
cuboidal particles, formed during casting, will not be able to grow. During
reheating, the phase transformation leads to the formation of much smaller

austenite grains so that more nucleation sites for the precipitation are

avallable on the grain boundaries. This may explain why no cruciform

precipitates were found.
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5.4 Normal grain growth and abnormal grain growth

It is well known that the structure of a cast slab consists of a thin layer of fine

equiaxed austenite grains near the slab surface, a region of columnar grains
and a region of coarse equiaxed grains near the slab mid-thickness position
(Crowther, 1997). For microalloyed steels, the columnar grains and coarse

equiaxed grains can be in the range of several hundred microns up to

millimetres, because little precipitation occurs during the solidification of the
steel to prevent the austenite grain boundaries from moving (Priestner et al.,
1995). The further equalisation (in direct charging) or cooling and reheating

(in cold charging) will produce different grain growth processes, i.e. abnormal

or normal, and influence the microstructures.

5.4.1 Direct charging

During stripping, the temperature of steels decreased from 1450~1500°C to

1000~1100°C. In this stage, MnS could precipitate in austenite (Priestner ef
al., 1995) and provide a barrier to prohibit the austenite grains from growing
(Fig. 5.22). In their research on low carbon manganese steels, Eissa et al.
(1998) explained that with up to 1.5% Mn, the increase in Mn contents leads
to more nucleation sites, reduces the diffusion rates of carbon and other

alloying elements and results in a resistance to the movement of grain

boundaries.

In the early time of the equalisation, MnS might be the only precipitate which

could be effective to prohibit austenite grain growth due to too few (Ti,V,,)N
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precipitates in the austenite matrix in Steel 1 to provide a similar effect.
Gladman’s equation (Equation 2.10) can be used to predict the pinning effect

of MnS particles on the austenite grain size. If the sulphur in the steel is

considered to combine completely with manganese, according to the data in
Table 5.8, the calculated f of MnS is 1.039x10™. The calculated results are

listed in Table 5.9. The measured average austenite grain sizes are almost

equal to the calculated results by using Z =1.6, which is same as Z used in

Gladman’s paper (Gladman, et al., 1994), when the equalisation times are 53
min and 318 min (Fig. 5.26). This result shows that MnS could be the main

type of pinning particle in the early stage of the solidification.

It is well accepted that austenite grain growth may follow the parabolic law,

o° - d? = Kt 5.20
where d Is the mean grain diameter at time ¢, d, is the initial mean grain
diameter and K is a rate constant. The present experimental result taken from

Fig. 4.5 shows that the austenite growth does not follow the parabolic law.

Following the relatively fast austenite grain growth in the 53 min and 318 min
equalisation times, the average austenite diameter equalised for 1333 min at
1150°C is much lower than the value predicted by Equation 5.20. This result
indicates that the extra pinning force occurs in the longer equalisation time.

Moreover, as the parabolic law uses the average grain diameters, it is unable

to be used to identify abnormal grain growth.
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