



























































































































































































































































































































































































































































































































































































































































14.2 TITANIUM NITRIDE PRECIPITATION

As the material derives the majority of its strength from a fine dispersion of titanium
nitride precipitates, it is critical that the precipitation reaction be given priority over
any other processing consideration. This is due to the fact that titanium nitride
particles cannot be taken back into solution and re-precipitated as in standard
normalising and tempering operations on conventional precipitation strengthened
steels such as P91, as titanium nitride is stable even in the melt (melting point
1330°C), therefore this would only result in coarser particles. Initial trials to
incorporate the precipitation process into the Osprey spraying or Extrusion
processes did not prove to be entirely successful in producing fine particles. This
was especially the case as the titanium nitride content was increased. The reason
for this is that although titanium nitride coarsens very slowly, it can grow relatively
quickly. The driving forces controlling precipitate growth in the early stage of
precipitation are much larger than the driving forces controlling coarsening. Thus,
precipitate growth would have to be almost complete before coarsening can take
over as the particle size controlling mechanism. In order to achieve a fine particle
distribution a high nucleation rate and slow growth is required. To achieve this
requires the sites for nucleation to be maximised and the growth rate minimised.
Both these factors are in effect controlled by temperature. The effect temperature
has on the diffusion rate and thus the growth rate is straight forward, but with regard
to nucleation sites, it is more involved. Reducing the temperature decreases the
critical nucleus size, however the main influence is on the heterogeneous nucleation
sites. High dislocation density provides ample heterogeneous nucleation sites for
fine titanium nitride precipitates, however, the high dislocation density produced by
the Mechanofusion Process will have been removed by primary recrystallisation
before any titanium nitride is precipitated at the 1000°C extrusion temperature. This
results in the majority of precipitates being present at the grain boundaries, as

observed in Alloys C5 and C6.

By reducing the temperature to the optimum level, the precipitation reaction can
occur before recrystallisation, resulting in a homogeneous distribution of fine
titanium nitride precipitate on the dislocations. This was achieved in Alloy C6B by
performing a precipitation heat treatment immediately after the Mechanofusion
Process i.e. before any other process induced heating. The heat treatment

parameter was 600°C x 17 hours. This intermediate step is at present not possible

197



with the Osprey Process as the titanium nitride precipitates are largely formed
during the spraying process. As this occurs at high temperature it was found that
the titanium nitride precipitates formed were significantly coarser than with the
optimised Mechanofusion Process. As the Osprey Process however, offers lower
production costs than utilising the Mechanofusion apparatus, recommendations for
future development work to achieve required fine titanium nitride precipitates are
discussed in Chapter 16.

With both processes, an additional consideration in achieving a homogeneous
distribution of the fine titanium nitride particles is to minimise counter diffusion. [n
counter diffusion, the classical internal nitriding process breaks down such that the
substitutional titanium is not immobile with respect to the interstitial nitrogen. Thus,
it was found with relatively large diffusion distances that titanium began to diffuse to
the nitrogen leading to macroscopic inhomogeneities in the product. Counter
diffusion was subsequently minimised by restricting the titanium containing powder

size to less than 45um.

The conditions necessary to obtain a fine dispersion of titanium nitride particles are

therefore:

» High dislocation density during precipitation process.

» Low precipitation temperature to retain the above and minimise growth rate.
e Utilising the Mechanofusion Process rather than the Osprey Process.

e Minimising counter-diffusion by restricting the titanium containing steel powder

size to <45um.

14.3 TITANIUM NITRIDE PARTICLES AND CREEP DEFORMATION

Generally, a particular microstructural feature will affect predominantly one of the
creep mechanisms. A particular strengthening mechanism is only useful therefore if
it slows the dominant mechanism. In designing creep resistant steels it is therefore
necessary to know the dominant deformation mechanism which operates under the
specific service or testing conditions in order to employ the correct strengthening
mechanism. Dislocation creep is the dominant deformation mechanism for high

temperature power plant components from service experience and is shown on the
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Ashby deformation map in Figure 2.2. The most effective method of avoiding
dislocation movement and therefore maintain the initial dislocation density, is to pin
the dislocations by fine particles. Thus, the effect of particles on creep rupture

properties was an important consideration in the alloy design of the new titanium
nitride strengthened ferritic steels.

This research work has clearly shown that care has to be taken when applying one
strengthening mechanism to counteract a particular creep deformation process as
this can then cause the material to deform by another mechanism. In the case of
the titanium nitride strengthened alloys the result of the introduction of the highly
stable particles was to limit the grain size, causing grain boundary sliding to become
the dominant mechanism. Thus, the work performed within this thesis demonstrated
that in designing an alloy, all mechanisms of plastic flow must be considered and the

appropriate strengthening mechanisms applied.

The critical factors controlling the time to rupture are the steady state creep rate ¢_,

and the final stress rupture ductility &;. In order to assess the steady state creep
rate of the alloy for design purposes, the overall steady state creep rate must be
assessed. Thus, for the alloy design process, a superposition of three major flow
mechanisms, grain boundary sliding creep, dislocation creep and diffusional creep
must be assessed. That is:

Ec =€y +Egig Tt Ean (14.1)

C

14.3.1 Grain boundary Sliding

In the initial alloys produced, both the martensitic variant and the fully ferritic variant
suffered from grain boundary sliding dominated strain rate. This was due to the very
fine grain size (and prior austenite grain size) present in these alloys. Grain
boundary sliding is the result of the accommodation of high shear strain gradients
across grain boundaries through sliding of adjacent grains along the grain boundary.

The creep rate, due to grain boundary sliding, has been derived by Raj & Ashby
(1971) and Langdon (1970).

¢ _PrDyo” (14.2)
0 KTGd
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It is clear from equation 14.2 that the strain rate due to the grain boundary sliding
process can be reduced, if not eliminated, by minimising the grain boundary area
per unit volume. As a result of the creep strength being limited by the high degree
of grain boundary sliding experienced by the fine grained titanium nitride
strengthened steels, the development of coarser grains became critical in
developing the performance of the material. This was achieved by secondary
recrystallising the material as discussed in section 14.4.

14.3.2 Dislocation Creep

Dislocation creep is the dominant creep mechanism for conventional creep resistant
ferritic steels. As such, the titanium nitride strengthened ferritic steels were
specifically designed to suppress the movement of dislocations at high temperatures
(>630°C and at long lives >100K hours). Thus, the highly stable titanium nitride
precipitates would offer a step increase in creep properties over the conventional
steels which utilise less stable M,3Cs, MX, MyX etc. precipitates. This, however,
only became possible after the development of a coarse grained microstructure.
Prior to this the grain boundary sliding dominated the total strain rate and, therefore,
masked the dislocation strengthening.

Dislocation creep, as the name implies, is the result of the thermally activated
motion of dislocations within the grains. To effectively impede the dislocation
movement requires fine distribution of the precipitates to minimise the interparticle
spacing. On the basis of the current analysis of the phenomenological as well as
the analytical aspect of the dislocation creep process the steady state creep rate
derived from the Norton type equation does not adequately describe the strain rate
relationship of the material to stress due to the existence of a threshold stress. The
effect of a threshold stress has been incorporated into the Norton equation by
Threadgill & Wilshire (1974) and Parker & Wilshire (1971), equation (13.12). The
high stability titanium nitride precipitates give the Alloy C6B material the
characteristic high threshold stress apparent in the most advanced creep resistant
alloys such as ODS alloys. Concentrated work by other authors has gone into
developing particle strengthening mechanisms to account for high threshold
stresses and exhaustive and often elegant reviews are now available. The
threshold stress is effectively a time independent stress value below which creep
deformation does not occur. In actual fact, only totally inert particles could

contribute to a threshold stress. In real terms, the threshold stress is taken as the
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stress value below which the creep rate approaches zero, as even oxide dispersion

particles and titanium nitride particles coarsen slightly during service.

Although the creep resistance factor for the Alloy C6B is positive with a high
threshold stress, there is a very sharp stress dependence. This is demonstrated in
the Dip Tests and also the comparison of the 58 Nmm™ ongoing tests with the
additional test conducted at 80 Nmm™ and 700°C. This relatively small increase in
stress (58 Nmm™ to 80 Nmm™) at 700°C resulted in a decrease in the rupture life
from virtually infinity to 1K hours. This sharp stress dependence is not entirely
desirable in boiler design because, to ensure safe operation through minor
excursions in temperature and pressure would require design safety factors to be

extremely high.

14.3.3 Diffusional Creep

Diffusional creep is a result of the biased diffusional flux of atoms in the direction of
the tensile stress resulting in time dependent elongation of the specimens in this
direction. From the review by Ashby (1973) the expressions for creep rate due to
such a diffusional flow have been derived by Nabarro & Herring and later by Coble

and can be written in the general form:

3 CD,,b’o

Egp = 14.3
diff KTdn ( )

where C is a geometric constant of the alloy, n is the exponent, which is dependent
on the diffusion path, being two for bulk diffusion and three for diffusion along grain
boundaries. This mode of creep is usually only significant at high temperatures

(>0.8Tn,), however, it too is reduced by the large grain size.

From the above work carried out, the creep properties of the material are only
improved by combating all the relevant creep flow processes, not just concentrating
on the limiting factor of the present alloys, e.g. stability of the precipitates.
Accordingly, it is concluded that the creep resistance of the material is only

improved in the titanium nitride strengthened alloys if:
e The system is coarse grained.

o The volume fraction of titanium nitride precipitates is high
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 The titanium nitride particles are fine and have a homogeneous distribution

o The initial structure possesses a high dislocation density.

14.4 GRAIN GROWTH

Due to the grain boundary sliding which led to superplastic type behaviour of the fine
grained titanium nitride strengthened alloys, grain coarsening was required in order
to increase the creep strength. Heat treatment to induce normal grain growth was
not possible due to the high grain boundary pinning force exerted by the titanium
nitride particles. Grain growth was, however, achieved by secondary
recrystallisation. Secondary recrystallisation is applied to the most advanced
dispersion strengthened creep resistant alloys such as PM2000 and MA956. Its
process is characterised by the anisotropic coarse columnar grain structure and the
very high recrystallisation temperature, typically 0.7 to 0.9 Tm. This very high
recrystallisation temperature and the fact that only a few grains nucleate and grow is

indicative of a very high activation energy for the nucleation process.

There is considerable discussion within the literature as to the main driving force for
secondary recrystallisation. The two main driving forces available within the as-

extruded material for the process of nucleation and growth of an existing grain are:

e A reduction in the strain energy associated with the dislocation structure. This

is the driving force for primary recrystallisation.

e A reduction in the surface energy associated with the overall area of the grain

and subgrain boundaries: This is the driving force for normal grain growth.

This work has shown that with a relatively low vol% of titanium nitride pinning (Alloy
C3) it is possible to secondary recrystallise the fine grains after primary
recrystallisation is complete. Therefore, it is only the reduction in grain boundary
energy that promotes secondary recrystallisation. As the vol% titanium nitride
particles, and thus the degree of grain boundary pinning was increased, it was found
not to be possible to secondary recrystallise the material (Alloys C4, C5 and C6) in
the primary recrystallised state. With these materials, additional plastic deformation
was required before secondary recrystallisation could be initiated. The exception to
this was Alloy C6B. This material, due to the fine titanium nitride particles

suppressed dynamic recrystallisation during the consolidation process and therefore
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possessed a highly dislocated, hot deformed structure prior to the secondary
recrystallisation treatment. Secondary recrystallisation was achieved without further

plastic deformation.

It is thus demonstrated that the nucleation and growth of secondary recrystallisation
grains can be influenced by variations in the level of fine titanium nitride particles
and the degree of prior plastic deformation. There are two main theories as to why
plastic deformation increases the susceptibility to secondary recrystallisation, these

are:
» Increase the driving force due to the dislocation energy
e Decrease the resistance by modifying the crystallographic texture.

It is likely that both aspects contribute to increasing the susceptibility to secondary
recrystallisation. The difficulty lies in determining the dominant factor as in most
experiments, including those performed within this thesis, the cold deformation is
performed in the same direction as the dominant texture due to the forming process.
The definitive experiment has, however, been performed by Regle & Alamo (1993).
In this work swaging and drawing were used to achieve the same degree of cold
reduction, therefore similar levels of dislocations were generated. The two
processes did, however, lead to quite different crystallographic textures. The results
of the secondary recrystallisation study were that in all cases the reduction process
decreased the recrystallisation temperature. However, the reduction due to cold
drawing was 31% greater than for swaging in the MA956 material. This
demonstrates that the susceptibility to secondary recrystallisation depends far more
on the crystallographic texture than the level of cold work and thus dislocation
density. Although no explanation was proposed by by Regle & Alamo, it is possible
that this finding supports the Sha & Bhadeshia model for grain boundary pinning as
the texture likely leads to the clustering of adjacent grains into similar orientations,

effectively increasing the grain size and thereby making the nucleation of secondary

recrystallisation easier.

There is little doubt that the grain growth is affected by the fibre texture in that the
grain growth is orientated in the deformation direction. Once nucleation has
occurred, the rate at which the grain growth occurs in secondary recrystallisation is

very fast. In this work, the minimum time between inspections was 15 minutes and
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in that time grains had grown from the original 4 um to the secondary recrystallised
grain size of approximately 10mm. Even allowing the maximum 15 minutes for the
process to occur, this is still very fast when the degree of crystallographic re-
orientation is considered. This too would support the influence of crystallographic
texture, as the grain growth rate would be more rapid in samples where the original
fine grains are already orientated.

Texture considerations would also account for the fact that it was found not to be
possible to secondary recrystallise the martensitic variants. When these alloys are
heated to the typical recrystallisation temperature (1200-1300°C) the martensite has
transformed to austenite. This phase transformation alters the texture and for the
reasons outlined above retards recrystallisation. The phase transformation also
removes the dislocation density from the martensitic structure, and this too could

influence the susceptibility to secondary recrystallisation.

It is thus apparent that secondary recrystallisation is a complicated phenomenon in
titanium nitride strengthened alloys and depends on a range of finely balanced
variables. To move to an industrial application further work is required to determine
the relative effects that the fine grain size and particles have on pinning the grain
boundaries, the relative recrystallisation energy from the reduction in grain boundary
energy and the reduction in dislocation energy, and the effect of texture. Texture
appears to have a significant influence on the secondary recrystallisation properties,
however, the mechanism remains speculative. It is apparent that even in the
commercially available ODS alloys secondary recrystallisation is not fully controlled
as creep failures have been experienced due to the presence of fine grains in
experimental applications, Starr (1998). This implies that even with alloys, that have
been under development for the last decade, all the variables are not accurately

quantified.

From this work the main features of secondary recrystallisation in addition to those

presented by Cahn (1966) in Chapter 7 are:

e For low vol% pinning particles the reduction in grain boundary energy is

sufficient to trigger secondary recrystallisation

e For high vol% of fine titanium nitride particles, the onset of secondary

recrystallisation is dependent on the level of plastic deformation.
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o Phase transformations retard secondary recrystallisation.

» Secondary recrystallisation can occur without prior primary recrystallisation

14.5 PROPERTIES ACHIEVED
14.5.1 Positive Attributes: Creep Strength

As a result of developing the material to minimise grain boundary sliding by
secondary recrystallising the grain structure, the creep properties were increased by
precipitating a high volume fraction of titanium nitride particles with a small
interparticle spacing in order to pin the dislocations. A high dislocation density was
introduced to the specimen after secondary recrystallisation but before testing by
cold straining. The development of the creep properties is shown in Figure 13.12.
In this Figure it can be observed that the ongoing tests in Alloy C6B have exceeded
the properties of 316 stainless steel (mean data from PD 6525) at 700°C. This is a
significant increase in the properties of a ferritic material at this temperature, as
austenitic steels with their FCC structure exhibit creep rates at temperatures above
0.6Tm which are 200 to 1000 times slower than the creep rates of typical BCC
steels. This is due to the atom mobility in the close packed austenitic steels being

lower than the more open ferritic steels by a factor of around 200.

The creep life of the coarse grained Alloy C6B is approaching four orders of
magnitude greater than the creep lives of the early secondary recrystallised Alloy
C3(1) or the base 430 type ferritic stainless steel. The secondary strain rate is also
lower than the most advanced martensitic alloys such as P92 as shown in Figure
14.2.
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Figure 14.2 Minimum creep rate of Alloy C6B (700°C) in comparison with P91,

E911 and P92 (600 & 650°C)

A further assessment of the creep performance of the alloy C6B material was

conducted by performing a comparison with a range of ferritic boiler materials from

C-steel to P91.

The stress temperature relationships are shown for 15K hours

rupture strength on Figure 14.3. The Alloy C6B test points are annotated by an

arrow, as these are not failure points as the tests are continuing. Duration at
31/1/00 is 17720K hours.
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Figure 14.3 15,000 hour stress rupture versus temperature
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As can be observed in Figure 14.4, the fall off in stress with temperature is
approximately linear when plotted on a logarithmic stress axis. As a result of this, a
straight mean line can be drawn though this family of ferritic alloy curves. The
gradient of this normalised stress line is controlled primarily by the self-diffusion rate

of iron within the creep range, as it is this factor that controls the rate of dislocation
climb around precipitates.

0.3% Mo
CMV
‘_TZZ

T9 g )

| === C6B
& = = = Mean Line |
©
o
£
w100
)
- —_—
(2] Y S S A V&
SN i fh i |
\ S~ ~
e
\ e
N~ ‘\\

10 T T
420 470 520 570 620 670 720

Temperature (°C)

Figure 14.4 15,000 hour stress rupture strength (log stress) versus temperature.

In order to assess the properties of the individual alloys, their rupture strength has
been normalised by this mean line to give the normalised stress rupture value
versus temperature plot shown on Figure 14.5. The movement up and down the
individual curves represents the precipitation and ageing of individual phases. The
modified 9%Cr steel (T91) does well to maintain a high creep strength up to
approximately 650°C by using numerous precipitation locking mechanisms which
are active over different temperature ranges. The strength does, however, drop off
at around 650°C due to the coarsening of its highest stability precipitate, vanadium
nitride. The Alloy C6B material exhibits a lower strength than P91 at temperatures
less than 670°C, however, beyond this temperature, due to the high stability titanium

nitride particles, Alloy C6B achieves over 2.5 times the normalised stress which is a

very significant improvement.
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Figure 14.5 Normalised stress rupture value versus temperature.

The threshold stress modified Norton equation (13.12), whilst it proves to be
numerically accurate, it is largely empirical as it does not take cognisance of the
controlling parameter, namely interparticle spacing. Phenomenological evaluation of
the properties of precipitation strengthened materials have primarily been derived
from room temperature properties as evaluated in Chapter 13 with equation (13.7).
This is most probably due to the fact that with conventional creep resistant ferritic
alloys, the interparticle spacing can significantly change during the lifetime of the
alloy at elevated temperature. With the titanium nitride strengthened alloys
however, it is apparent (Figure 14.6) that there is a clear relationship between the
measured average interparticle spacing and the creep rupture life. The equation of
the trend line is Y=2x10""x32. This agrees well with the work of Sherby, Klundt &
Miller (1977) and Walser & Sherby (1982), who developed equation (14.4) mainly

from precipitation strengthened aluminium data:

de_(A) Do) (14.4)
@ 3 v \E |

where A is the interparticle spacing, D is the effective diffusion coefficient, E is the

Young's Modulus, b is the Burgers vector and K is a material constant.
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From equation (14.4) the creep rate should be proportional to the cube of the
interparticle spacing. As the creep rate is generally proportional to the rupture life
the trend line in Figure 14.6 with a power of 3.2 is a good correlation. This

correlation highlights the large increases in creep strength that are possible with

relatively small reductions in interparticle spacing.
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Figure 14.6 Variation of the creep rupture life (650°C/58MPa) of the secondary

recrystallised alloy C materials with their average measured interparticle spacing.

14.5.2 Negative Attributes

14.5.2.1 Ductility

While strengthening factors associated with titanium nitride precipitates are positive,
the ductility factor is not. The ductility factor between the conventional advanced
martensitic materials i.e. P91 material and the Alloy C4 material is of the order of

-0.8. It appears that negative ductility factor is an unavoidable consequence of

particle strengthening.

Particles deform less than the softer matrix, therefore, dislocations are produced
near particles during the early stages of deformation. This produces a high density
of dislocations that are pinned by the same particles which initially suppresses

mechanical instabilities. However, as the deformation progresses this strengthening

can become a detriment since it prevents further accommodation between the
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precipitate and the matrix. As a result the particles now act as centres of void
initiation, and the subsequent coalescence of these voids can cause low ductility

premature fracture of the system.

The titanium nitride particles increase the creep resistance of the alloy, i.e. they

decrease ¢_, and as a result, they increase the time to rupture. However they also

decrease the stress rupture ductility. A phenomenological theory for combining
stress rupture life and ductility does not appear to have been developed. However
empirically there appears to be an inverse correlation between the minimum strain

rate and the time to rupture, Monkman & Grant (1956):

(&,)” x t,, = constant (14.4)

The exponent B is a function of the alloy system and microstructure. This value is

found to be 1 in many cases.

Although tensile ductility is a good indicator of the reliability of an alloy under initial
loading conditions, most components operate under more complex states of stress.
A typical example, and relatively common situation, is the state of plane strain
loading encountered in regions of stress concentrations in headers or pipework such
as in the vicinity of small cracks, flaws, oxide intrusions etc. Plane strain ductility of
materials is generally less than their uniaxial ductilities. With regard to particle
strengthened alloys, Argon, Im & Needleman (1975) have shown that triaxial
stresses add to local stresses around particles and enhance the particle-matrix

interfacial stresses. Under such circumstances, the interfacial stress oy is given by:
O =01 +0,(E,) (14.5)

where o7 is the local triaxial stress and ay(z?p) is the flow stress of the particle free

matrix corresponding to the local plastic strain around the particle. This parameter
is dependent on the matrix yield strength and work hardening. The local triaxial
stress o7 depends on the state of stress in the vicinity of the particle and will be
higher in plane-strain situations than plane stress situations. As a result, the higher
interfacial stresses at the particle-matrix interface under plane-strain conditions

would result in poorer ductility.
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The above equation thus explains the situation, but does not provide any information

regarding the effect of particle size or volume fraction etc.

14.5.2.2 Creep Crack Growth

An important aspect with high strength alloys is their susceptibility to creep crack
growth (CCG). A simple definition of CCG is that high local stresses ahead of a
stress concentrator in a component operating under creep loading can create a
process zone in which creep damage accumulates and, with time, manifests itself as
a crack. This crack will also create a highly stressed volume of material in front of it:
therefore, a further process zone and crack length will occur. By this mechanism,
the crack moves forward with time. As the creation of voids is diffusion controlled,
the timescales for nucleation and growth can extend over many thousands of hours.
This can be divided into two sub-sections, namely creep crack initiation and creep
crack growth.

14.5.2.21 Initiation

Creep crack initiation is not considered presently in the design of components.
However, it is addressed in the defect assessment procedure such as R5 (1998).
The time to crack initiation is related to crack opening displacement &, and the creep

characterising parameter C’ by:

S
t Z%{g_}' Dl (14.6)

D and n are constants and for secondary creep C' is constant, so the crack initiation
time t, is approximately proportional to crack opening displacement &, for high values
of n. The crack opening displacement is a direct measure of creep ductility in the
multiaxial stress field of a crack tip. Values of & generally increase with ductility,
however, there is considerable scatter due to the difficulties involved in determining

the point of crack initiation (e.g. using DC potential drop equipment).

The creep crack initiation parameter is critical as this determines whether or not the
material under the given circumstances is susceptible to CCG. The susceptibility of
the titanium nitride strengthened materials to CCG is demonstrated by the initiation
and growth of cracks from the root of the extensometer landing notch in the 650°C

test. The higher temperature (and thus implied higher ductility) test did not suffer

211



from this cracking mechanism. The author believes that the importance of creep
crack initiation will increase with the move to higher strength and thus lower ductility
creep materials.

14.5.2.2.2 Growth

In the same way that crack initiation is related to creep ductility via the crack
opening displacement, creep crack growth is also strongly dependent upon creep

ductility. RS (1998) states that in general terms the creep crack growth rates can be
described by:

a=AC™ (14.6)

Nikbin, Smith and Webster (1986) have demonstrated that for a broad range of
materials the data can be approximated by the empirical equation

3c*0.85

a (14.7)

&
where a is the CCG rate and ¢*; is the rupture ductility at the crack tip. Nikbin,

Smith & Webster also proposed that for plane strain conditions &* could be as low

as 1/50™ of the uniaxial ductility on the basis of models of void growth.

In this present work the positive attributes of increased tensile and creep strength of
the titanium nitride strengthened alloys have been assessed and models to predict
their performance have been found to be relatively accurate. In contrast, however,
the potentially negative attributes of these alloys, specifically their poor ductility
when in the high volume fraction titanium nitride secondary recrystallised condition,
giving rise to such problems as creep crack growth has not been investigated within
this research work and generally these aspects are not well understood. The
reduced ductility has important implications on the use of the titanium nitride creep
resistant material and important properties such as the plane-strain ductility and

creep crack initiation conditions will have to be assessed before implementation of

this new material can be considered.
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To increase ductility and thus avoid brittle fracture modes such as Creep crack
growth, the volume fraction of particles must be kept to a minimum. This is
obviously contrary to the parameters required for high creep strength steels.
Therefore, incorporation of high creep strength materials such as the titanium nitride
strengthened ferritic steel into boilers will have to be accompanied by a re-design to
minimise, for example, component fillet radii or grooves at which creep strain may
preferentially accumulate during service.

14.6 GENERATION CYCLE EFFICIENCY

Assuming that the design and manufacturing quality can be advanced to take
advantage of the titanium nitride strengthened steels, then the benefit gained from
utilising this material is demonstrated by an increase in cycle efficiency. The
idealised efficiency of a power cycle n can be calculated using equation (1.1). Thus,
a power plant that operates at a steam temperature of 700°C and condenses the
steam at 30°C while extracting the energy to make electricity cannot operate at an
efficiency greater than 68.9%. In practice, however, the efficiency realised is far
less as power plants do not operate under the idealised Carnot (1962) cycle but

operate the Rankine cycle.

Calculations of the achievable power plant efficiencies of actual plant, i.e. the
efficiency using the supercritical Rankine cycle required the use of the Thermo Flex
3.0 (1998) programme. This programme is based on actual component
performance (e.g. feedpumps, boiler, steam turbine and condenser) but allows the
input parameters to be varied and calculates the output performance. The cycle

components are shown on Figure 14.7 and the assumptions used in the model are
as follows:

e supercritical Rankine cycle

e superheat but no reheat

e no feedwater heating

 perfect components (no mechanical losses)

e boiler efficiency of 100%

e Condenser pressure of 40 millibars
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The results of such calculations over the temperature range 500°C to 780°
steam pressures from 250 barg to 375 barg are given in Table 14.1.
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Figure 14.7 Schematic of modelled steam thermal cycle

Steam Cycle Efficiency at Temperature (°C)
Pressure

(barg) 550 600 650 700 750
250 44.50 45.44 46.31 4714 47.94 48.73 49.19
275 44 .56 45.58 46.47 47.32 48.15 48.94 49.40
300 44 .58 45.67 46.61 47 .48 48.32 49.12 49.60
325 44 56 4574 46.71 47.61 48.46 49.29 49.77
350 44 51 4577 46.8 47.73 48.60 49.44 49.91
375 44.42 4578 46.85 47.82 48.70 49.55 50.05

Table 14.1 — Supercritical power plant efficiency % variation with maximum steam

temperature and pressure

As can be observed, efficiency rises more rapidly with an increase in temperature
than with an increase in pressure. At 500°C increasing the pressure to 375 barg
has a net loss of efficiency of 0.08% due to additional auxiliary power requirements
being greater than the resultant increase in efficiency. At the upper end of the
temperature range increasing the pressure has a more positive effect, but is still

significantly less than the effect of increasing the temperature.
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The relation of'p'ressu.re, temperature and efficiency is shown graphically in Figure
14.8 where efficiency is given as a function of steam temperature with g separate
plot for each steam pressure. From this graph, combinations of steam temperature
and pressure can be obtained for any efficiency levels bounded by the data.
Consequently, constant efficiency lines can be plotted on axes of temperature and
pressure. In order to relate the material properties to achievable efficiencies, the
pressure is converted to hoop stress in the component for thick walled components
such as headers and thin walled components such as tubes and is given by BS1113
(1998). For the purposes of this comparison, thin walled tube conversion is utilised.

The tube dimensions were taken from the Mitsui Babcock advanced boiler design.
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Figure 14.8 Plant efficiency as a function of steam temperature and steam

pressure.

The material data can now be compared to the iso-efficiency lines. The material
data plotted on Figure 14.9 is for 100K hours life which is typical of the design life

utilised in calculations.
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Figure 14.9 Creep data compared to calculated iso efficiency lines

In order to plot the Alloy C6B material on a similar timescale involves extrapolating
the creep data well beyond that which is conventionally acceptable. However, it can
be argued that the use of the estimated threshold stress for the range of
temperatures in the Alloy C6B material provides a greater degree of confidence than
extrapolating the data by, for example, using the Larson Miller (1952) parameter in
materials that demonstrate sigmoidal behaviour. In addition to the Alloy C6B
material, the conventional ferritic alloys previously discussed are added for
comparison. Using this graph which illustrates the creep characteristics of the alloys
with the iso-efficiency lines, the optimum combination of operating stress and
temperature can be determined to maximise the cycle efficiency that could be
achieved if the power plant was manufactured using that material for the highest

temperature components.

The creep behaviour curves for most of the alloys cross the efficiency lines as the
stress is reduced and the temperature is increased, demonstrating that the

efficiency increase is greater than the decrease in creep performance. The

characteristic creep performance of the Alloy C6B material where, due to the

stability of the fine titanium nitride particles, the creep strength is largely retained at

high temperature results in the Alloy C6B material achieving the highest level of
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achievable efficiency in comparison with the conventional alloys on the basis of
creep strength alone. The efficiency figure at 700°C is 47.45%. These figures are
based on actual material properties and metal temperatures. As the metal
temperature of the heat transfer components is higher than the steam temperature,
a design allowance of 40°C in temperature has been made to the data. For design

purposes, a safety factor is required to be applied to the data. This can equate to a
1/3 reduction in the creep strength.

Creep strength is not, however, the only material property that requires to be
considered. The most advanced creep resistant steel considered here, P91, like all
9%Cr advanced ferritic steels is limited to 600°C due to steam side oxidation
kinetics (discussed in Chapter 10), therefore, the efficiency from this calculation is
limited to 46.05% at 375barg. The Alloy C6B material containing 18%Cr is not
restricted by steam side oxidation.

14.7 ECONOMIC BENEFIT

In order to quantify the economic and environmental benefits that the increase in
efficiency would bring, the efficiency data generated above was applied to a 660
MW reference power plant. Table 14.2 details the simulation based on a linear
extrapolation of the baseline data. The temperature efficiency values quoted are the
calculated values from section 14.6 at 275 barg pressure. This Figure demonstrates
the fuel savings and thus the reduction in fuel costs that can be achieved by
introducing new material that can operate at higher temperatures and thus achieve
higher efficiencies. However, more advanced materials such as the titanium nitride
strengthened Alloy C6B are more expensive to produce than conventional alloys.
The cost of the new material must be more than reimbursed by the savings due to
increased efficiency. To determine the admissible additional investment in moving
from P91 (600°C metal temperature/ 275barg: efficiency 45.77%) to titanium nitride
strengthened steels (700°C metal temperature/ 275barg: efficiency 47.44%) the

assessment of the manufacture construction and operation of a 660MW supercritical

power plant was assessed and is shown in Table 14.3.
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Steam Efficiency Coal Fuel

% Consumption Costs* Lifgt(i::le** Lif‘e:time"
(ton/hr) (USD/MWh) Consumption c:sa:
(M ton) (MUSD)
500 44.56 143.49 13.18 31.42 1728.6
550 45.58 140.28 12.87 30.72 1689.7
600 46.47 137.59 12.59 30.13 1657.3
650 47.32 135.12 12.40 29.60 1627.5
700 48.15 132.79 12.21 29.08 1599.5
750 48.94 130.65 11.93 28.61 1573.7
780 49.40 129.43 11.91 28.35 1559.0
* Coal cost of 55 USD/ton and LCV of 27 GJ/ton)

*k

25 years based on 20% down time resulting in 175.2 Khours operation
Coal prices have not been inflated.

Table 14.2 Extrapolation of 660MW (supercritical) fuel costs to higher efficiency

plant

Power piant investment (MUSD) 918
Specific investment (USD/kW) 1391
Pressure parts budget — boiler walls, tube banks headers and piping (MUSD) 183.6
Coal cost saving by efficiency increase (available for material improvements (MUSD)) 62.2
Coal savings/coal cost during power plant lifetime (%) 3.8
Coal cost saving/pressure parts budget (%) 339
Coal cost savings/investment (%) 6.8
Admissible investment with efficiency improvements (MUSD) 980.2
Specific investment with efficiency improved (USD/kW) 1485
Admissible increase in specific investment (USD/kW) 94

Table 14.3 Estimation of admissible specific additional investment

Thus, it can be observed that there is significant available investment for new high
temperature materials due to the fuel cost saving. There is also the intangible
benefit of reducing the harmful emissions with higher efficiency plant i.e. with a
decrease in coal used per MW of electricity produced, there is also a CO, reduction

as shown in Figure 14.10.
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Figure 14.10 CO, emission reduction with increasing efficiency

This is becoming increasingly important. There have been several international
debates on the subject of CO, reduction. The first international meeting took place
in 1972 and it was followed by other meetings at which calls for reductions in the
emission of “greenhouse” gases were made, Heinloth (1998). However, the first
international agreement was only reached at the Environment Conference in Rio de
Janeiro in 1992. It was decided at that time that the emission of such gases should
be reduced by the year 2000, to the level current in 1990. The current status was
laid down at the Kyoto Conference in December 1997, where the industrialised

countries agreed to binding targets on emission levels.

It is widely regarded that amongst the greenhouse gases CO, contributes to around
50% of the effect on global warming. Power generation is one of the contributors to
the production of CO,; electric power generation is responsible for over 20% of the
CO, generation by human activities. Since this centralised generation can be more
easily targeted than, for example transportation, it is expected that this is where the
major reductions will be sought. As the amount of CO, produced per MW/h in a PF
station depends directly on the efficiency, the introduction of high temperature creep

resistance materials allowing higher efficiency is the key to making these stations

environmentally as well as commercially favourable.
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14.8 COMMERCIAL EXPLOITATION

This development work has been successful in demonstrating the creep strength
increase and thus the increase in thermal efficiency of the generating thermal cycle
that is possible due to the use of fine stable titanium nitride particles. At present
however, it is unlikely that titanium nitride strengthened ferritic steels will ente.r
commercial service within the power industry. The reason for this is that the
estimated cost of the alloy is only slightly less than the iron based ODS alloys and
the creep properties of the titanium nitride strengthened ferritic steels are at present
significantly inferior to the ferritic ODS alloys such as PM2000 as shown in Figure
14.11.  Additionally, the ferritic ODS with high aluminium contents potentially
possess superior corrosion/oxidation resistance.  Even with its excellent
performance, ODS alloys have only been commercially exploited in specific

applications such as injector nozzles etc, presumably due to the high cost.
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Figure 14.11 Comparison of the creep properties of Alloy C6B and PM 2000

The cost of advanced conventional ferritic steels: e.g., new 12%Cr steels to match
or slightly exceed the properties of NF616 or E911 are, however, increasing

significantly. This is due to the addition of up to 4 wt% cobalt to allow the 9%Cr

strength to be achieved or surpassed, but increase the chromium content to 12wt%

Even more expensive experimental alloys have
1998). Rhenium costs around

for steam side oxidation resistance.
been developed with rhenium, Masuyama & Komai (
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57 times the cost of nickel, resulting in these new ferritic steels being significantly
more expensive than the advanced austenitic alloys that are historically of greater
expense due to nickel costs. This development of ferritic alloys which are more
expensive, but have significantly inferior creep properties to even conventional
austenitic steels, demonstrates the advantage that ferritic components possess in
being able to produce flexible plant to meet the energy demands of the client due to

their higher heat transfer coefficient and lower thermal expansion coefficient.

For titanium nitride strengthened ferritic steels to be successful, they will have to
have a cost advantage over the ferritic ODS alloys. A significant proportion of the
production cost is attributed to producing an intimate homogeneous mixture of the
titanium containing steel powder and the chromium nitride powder. At present both
the ODS and the Alloy C6B materials are produced by the cold mixing of the
powders in similar apparatus. The cost penalty arises as the time taken to achieve

a suitable mixture is measured in days.

The Osprey Process offers the potential of significantly reduced costs as the
process is rapid (minutes rather than days) and would not only replace the
Mechanofusion operation to achieve the homogeneous mixture, but could also
incorporate the VIM melting (carried out at Special Melted Products to produce the
titanium containing steel matrix), and the powder production presently performed at
Osprey. The trials with the Osprey Process performed in this work with titanium
nitride strengthened steels proved unsatisfactory due to irregular injection rates
resulting in inhomogeneous mixtures and also relatively coarse titanium nitride
particles due to the high precipitation temperature. Thus, significant improvements
would have to be achieved if the Osprey Process is to become a viable lower cost
production technique. The upgrades required to produce a fine uniform distribution

of titanium nitride particles are discussed in Chapter 16.

If the production costs of the titanium nitride strengthened creep resistant ferritic
steel can be reduced, then, in addition to being a fascinating alloy to develop it could

also be a commercially successful material.
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Chapter 15

Conclusions

There is a worldwide drive to increase the efficiency of fossil-fired power plant in
order to reduce both fuel consumption and the level of emissions. Boiler designs
able to achieve significant efficiency increases already exist; the limiting factor is the
performance of materials. The requirement that such materials should poSsess
good thermal fatigue performance in addition to adequate creep performance

dictates the selection of ferritic/martensitic steels for many components.

The most advanced conventional ferritic steels such as P92 — P122 are 9-12% Cr
martensitic steels which gain their creep strength from the tempered martensite
structure and the precipitated carbides and nitrides which stabilise the high
dislocation density. The long term creep performance of these materials is

ultimately limited by the rate at which these precipitates coarsen or otherwise

transform over time at elevated temperatures.

The alternative approach taken here is to develop an alloy with increased high
temperature long term creep performance by replacing the relatively low stability
carbide and nitride precipitates with a thermodynamically more stable dispersion of

titanium nitride precipitates in the steel.

The microstructures at each stage of the materials production development and at
each stage of the material composition development, were examined by a

combination of optical, scanning electron and transmission electron microscopy
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The testing was mainly performed on extruded bars from either the Ospre
, . y or
Mechanofusion route. Comparative tests were performed by tensile and stre
ss

rupture testing. The stress rupture programme included tests in excess of 17.000
hours and at temperatures between 600 and 700°C. |

The research reported in this thesis has established a number of features which
contribute to the successful production of titanium nitride strengthened alloys, the
understanding of the evolution of the microstructure and the correlation between the

microstructure and the material properties, specifically the high temperature creep
strength.

The important findings are summarised in the following sections.

15.1 DEVELOPMENT OF PRODUCTION ROUTE TO ACHIEVE FINE
TITANIUM NITRIDE PRECIPITATES

Several production processes and routes were considered as part of the
development process. The key issue in considering the applicability of the various
production routes is the resultant size and distribution of the titanium nitride

precipitates.

e Advanced reactive powder processing has been used to develop the high

volume fractions of fine titanium nitride precipitates.

e The reactive powder processing technique of internal nitriding is analogous to
internal oxidation. The controlling factors are also applicable to both

processes.

e The stability of the titanium nitride precipitates have been assessed by the
Wagner theory. The coarsening rate of titanium nitride precipitates were
calculated and compared with vanadium nitride precipitates (currently the most
stable precipitate utilised for strengthening conventional martensitic creep
resistant steels). This revealed that although the diffusion rate of titanium was
greater than vanadium, due to the lower solubility of titanium nitride, the

coarsening rate of titanium nitride was significantly less than vanadium nitride.

e The Hertz design model has been shown to give a good relationship between

the interparticle spacing, particle size and volume fraction titanium nitride.
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The phase structure of the titanium nitride strengthened alloys can be
n

predicted from the Schneider modified Shaeffer diagram usin

g the 25 x
interstitial nitrogen wt%

component of the nickel equivalent calculation and the
chromium equivalent after removing the titanium precipitated as titanium
nitride.

The chromium nitride supply requires to have the maximum nitrogen content

and the minimum powder size to minimise the chromium inhomogeneity .

The Osprey processing route proved to be inconsistent due to the difficulty in
matching the chromium nitride injection rate with the atomisation rate of the
titanium containing steel. The source of the problem was due to the fine
chromium nitride size required to achieve a relatively homogeneous distribution
of chromium.

The Mechanofusion process proved to be very controllable which resulted in a

product superior to that produced by the Osprey Process.

The achievement of a fine homogeneous distribution of titanium nitride

particles depends on:

Penetration Depth: Low penetration depth is required to minimise counter
diffusion. Counter diffusion of titanium leading to reduced volume fraction of
titanium nitride precipitation in the prior powder particle centre occurs if the
effective nitrogen diffusion distance is too great. To minimise counter
diffusion the maximum titanium containing powder size was limited to 45 um

diameter.

. Precipitation Temperature: Although the reduction in temperature reduces
the activation energy barrier for nucleation thus the critical stable particle
size is reduced, the major temperature effect observed here is in controlling
the number of heterogeneous nucleation sites available. This controls the
particle size by determining the length of time a nucleated particle has to

grow before the next nucleation event depletes the supply of available

titanium.

- High Precipitation Temperature: For Alloys C3-C6 the titanium nitride

precipitation process was incorporated with the consolidation process
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(extrusion or spray) thus the high temperature was required to achieve 3
dense product. The high temperature resulted in pPrimary recrystallisation
before precipitation leaving grain boundaries as the main heterogeneous

precipitation site. As the grain boundary sites are limited, increasing the

titanium content above 1.1wt% resulted in increased titanium nitride

particle diameters.

- Low temperature precipitation: Fine homogeneous distribution of
titanium nitride particles was achieved by completing the precipitation
reaction before primary recrystallisation. By retaining the dislocation
density this dramatically increased the number of heterogeneous
nucleation sites. This was achieved by separating the precipitation
reaction from the consolidation process, which allowed the precipitation
temperature to be reduced to the optimum level. This modification to the
production reduced the particle diameter from 211nm to 61nm and the
interparticle spacing from 259nm to 122nm.

e Experience gained in the manufacture and processing of titanium nitride
strengthened steels has shown that, provided the difficulties in production are
recognised and appropriate manufacturing procedures formulated, titanium
nitride precipitation strengthened ferritic steels can be produced with a fine

homogeneous distribution of titanium nitride particles.

e The use of powder metallurgy opens up very interesting alternative
manufacturing routes for a number of components such as complex headers

which are required for advanced steam cycles.

15.2 DEVELOPMENT OF MICROSTRUCTURE

15.2.1 As-Extruded Material

The as-extruded microstructure is determined by the titanium nitride size and

distribution.

e The Alloy C6B material consisted of fine micron sized grain structure. heavily

worked and deformed in the extrusion direction. The level of deformation

retained demonstrates the strong inhibiting effect that the fine homogeneous
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distribution of titanium nitride precipitates has in preventin

_ g extensive recovery
and any primary recrystallisation during the extrusion proc

€8S,

The earlier ferritic alloys (C3 - C6) with either low volume fraction titanium

nitride or higher volume fraction titanium nitride, but coarser particles, did not

retard primary recrystallisation during extrusion and thus had a equiaxed fully
recrystallised grain structure.

The recrystallised grain structure was micron sized due to the strong grain
boundary pinning effect of the titanium nitride particles.

The martensitic materials possessed titanium nitride pinned, micron sized prior

austenite grain size and highly dislocated structure due to the transformation to
martensite.

15.2.2 Normal Grain Growth

* Normal grain growth to any significant extent was not possible due to the high

degree of gain boundary pinning from the titanium nitride particles.  Any
marginal increase in grain size at higher temperatures and extended durations

was due to particle coarsening in accordance with the Zener model.

15.2.3 Secondary Recrystallisation

The development of a coarse grain structure by secondary recrystallisation is crucial
to the performance under creep conditions. It has been found from this work that

secondary recrystallisation is extremely sensitive to a number of parameters

including the heat treatment time, temperature, volume fraction and distribution of

titanium nitride particles and the level of prior deformation.

The transformation from high stored energy, fine grain size structure to the
lower energy coarse grain structure has a large activation energy. This is

characterised by the high transformation temperature and rapid subsequent

transformation.

The large activation energy is due to the grain boundary pining by the titanium

nitride and from the grain junctions of the ultra fine grains.
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e It is not possible to form the required grain structyre whilst the titanium nitrid
Ide

is in solution due to the high stability of the titanium nitride precipitates

15.2.3.1 Fully Ferritic Alloys

*  When the volume fraction of titanium nitride particles is low (Alloys C3(1) and
C3(2)), it is possible for the fully recrystallised, as-extruded microstructure to

overcome the activation energy and induce secondary recrystallisation by
thermal means only.

e The transformation to the coarse elongated interlocking grains has a threshold

temperature below which no secondary recrystallisation occurs.

» Secondary recrystallisation of the titanium nitride strengthened alloys is a

highly anisotropic process, the grains being elongated in the extrusion

direction.

e The grain boundaries have a serrated nature resulting in the interlocking of

adjacent grains.

* For higher volume fractions of titanium nitride (Alloys C4, C5 and C6) it was
found not to be possible to secondary recrystallise the material from the as-

extruded, fully recrystallised condition.

e Secondary recrystallisation was only possible in Alloys C4, C5 and C6, after
cold plastic deformation of the materials prior to heat treatment. The various

levels of prior straining produced three distinct structures after the secondary

recrystallisation heat treatment.
- Less than 6% plastic deformation - no secondary recrystallisation.

- 6-8% strain - Preferential nucleation of secondary recrystallisation in the

vicinity of the outer surface of the bar.

- 10-12% strain - Full secondary recrystallisation of the bar cross section.

No upper limit of the pre-strain to induce secondary recrystallisation was
detected with the Alloy C materials. From the literature there is an upper limit
on the nickel ODS alloys. This is most probably due to the high dislocation
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energy 'en.couraging primary recrystallisation prior to secondary
recrystallisation, thus, destroying the necessary structure for secondary
recrystallisation. The upper limit on strain to induce secondary recrystallisation
is likely to be less limiting in BCC ferritic alloys that can readily recover prior to
recrystallisation rather than lower stacking fault energy FCC y or Ni alloys

where recovery is limited, therefore primary recrystallisation takes place more
readily.

e The available literature indicates that the inducing effect of cold straining on
secondary recrystallisation is more the result of lowering the activation energy
by creating a favourable texture rather than increasing the driving force by

increasing the dislocation density. The mechanism, however, is still not well

understood.

e In the Alloy C6B material where the titanium nitride particles retarded dynamic
primary recrystallisation during the extrusion process, no further mechanical
processing was required to be added to the thermal treatment to induce

secondary recrystallisation.

15.2.3.2 Martensitic Materials

e It was not possible to induce secondary recrystallisation in the martensitic
material in the as-extruded condition or at various levels of cold deformation.
This is a result of the phase change to austenite prior to reaching the

recrystallisation temperature.

15.2.4 Summary

It is apparent that secondary recrystallisation is a complex phenomena and depends
on a range of finely balanced variables. It cannot be guaranteed that a particular
thermo-mechanical process designed to produce secondary recrystallisation in one
alloy will do so in another. The entire production route must be considered in
optimising the materials ability to secondary recrystallise as only a slight change in
one aspect of the whole thermo-mechanical process may result in the development

of a non-optimised structure or the complete loss of the materials ability to undergo

secondary recrystallisation.
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15.3 MECHANICAL PROPERTIES

Significant improvement in the mechanical properties of high chromium ferritic steels

can be achieved through the precipitation strengthening by solid state internal
nitriding.

15.3.1 Tensile Properties

There is a good correlation between the calculated room temperature yield
stress using the latest modification of the Orowan equation and the measured
values. This indicates that the titanium nitride interparticle spacings determine
the changes in the mechanical properties.

The titanium nitride strengthened secondary recrystallised material indicated a
strong tendency of localisation of the plastic deformation at temperatures
above 600°C. This led to the early onset of necking.

Tensile and creep failure modes vary with strain rate and temperature. At a
given temperature, the titanium strengthened secondary recrystallised material

can exhibit increasing then decreasing ductility as the strain rate is decreased.

15.3.2 Creep Properties

Creep strain is the superposition of several distinct mechanisms, the one that
is dominant depends on the microstructure and the stress and temperature

applied to the material.

Precipitation strengthening should be regarded as attacking a particular flow

mechanism but does not slow all mechanisms effectively. Effective materials

require many mechanisms.

Creep testing highlighted the fact that the initial properties were strongly

influenced by grain boundary sliding rather than dislocation creep. This was

due to the fine micron size grain structure, which in turn is dependent on the

thermo-mechanical processing history and titanium nitride particle size and

distribution.

The ultra fine grained material exhibited superplastic type behaviour during the

600°C creep tests.
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The creep properties have been improved from the initial poor results t
0

properties exceeding those of conventional martensitic steels at high

temperature. This has been achieved by controlling the critical factors of grain
size, particle size and interparticle spacing.

An improvement in creep resistance and rupture life is obtained when the
secondary recrystallised material is pre-strained. Pre-straining results in a
decrease in the extent of primary creep and a decrease in the secondary creep

rate by introducing a high dislocation density to the secondary recrystallised
structure.

The final Alloy C6B material gives a lower creep rate and longer rupture life
than all other conventional martensitic materials (P91, E911, P92 etc) at
700°C. The creep strength of Alloy C6B is also greater than 316SS where the
self diffusion of iron is approximately 200 times slower.

The high creep strength was achieved at the expense of ductility.

Creep fracture occurs in a brittle transgranular and intergranular manner due
to the nucleation, growth and coalescence of cavities with very little strain to
failure. The creep cavities observed were very localised to the fracture

surface.

The high strength and low ductility of the material increase the risk of CCG

failures.

It was found that the highest creep strength material (Alloy C6B) exhibits a

high stress sensitivity to creep deformation.

The high stress dependence of creep deformation has been rationalised by
describing the stress dependence of the creep rate in terms of an effective

stress rather than a simple applied stress. The effective stress is the applied

stress minus a threshold stress.

The threshold stress, below which the strain rate is negligible, was estimated

for Alloy C6B by the creep dip test technique. The estimated value at 700°C

was 50 N/mm?.
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* The modified Norton equation to account for a thresho|

_ . ’ d stress was shown to
give a good correlation with the Alloy C6B dip test strain

rate data

* The creep life of the secondary recrystallised Materials was found to be
proportional to the cube of the measured interparticle spacing.  This is in

agreement with the phenomenological equation developed by Sherby et al

15.4 OPTIMISED PRODUCTION ROUTE TO MA
PROPERTIES XIMISE CREEP

This work has illustrated that to obtain the best possible properties of the titanium
nitride strengthened ferritic steels it is critical to control all the processing steps
from the powder size to the pre strain in order to obtain the optimum
microstructure for creep retardation. The dependence of the creep properties on
the total production process is illustrated in Figure 15.1. In this figure the
optimisation of each Ievel in the process is dependent on the level below. This is
detailed as follows:

e The creep strength is dependent on the dislocation density and the coarse
interlocking grains.

- The titanium nitride precipitates obstruct the movement of dislocations
and thereby stabilise the dislocation density, which controls the creep strain
as a function of time. The effectiveness of the titanium nitride dispersion in
stabilising the dislocation substructure is inversely proportional to the

titanium nitride particle size for a given volume fraction.

- The coarse interlocking grains produced by secondary recrystallisation
minimise grain boundary sliding. The creep strength of the grain boundaries

is inversely proportional to the grain boundary area.

The secondary recrystallised grain structure is dependent on the alloy chemistry
(to avoid phase changes), the titanium nitride particle size and distribution, and

the deformed structure which in turn is dependent on the titanium nitride particle

size and distribution.

The titanium nitride particle size and distribution is dependent on the powder

mixture to create a high dislocation density within the powder particle. the
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chromium nitride distribution and the precipitation temperature.  Th

“gn g . ' ese

conditions are critical in order to complete the heterogeneous precipitati
on

mainly on the dislocations before primary recrystallisation occurs

 The powder mixture is dependent on the titanium bearing steel powder diameter

to minimise counter diffusion and the chromium nitride powder size and
chemistry to minimise chromium inhomogeneity.

15.5 APPLICATION TO POWER PLANT

The design of fossil fired steam power plant starts with the qualitative assessment of
the sequential process of working fluids as a function of temperature, pressure,
enthalpy and entropy. The design of modern power plant represents, however,
more than the application of thermodynamic data. It is a synthesis of economic
considerations with thermal performance criteria that govern the selection of
materials for power plants. Thus, the design of power plant represents the
optimisation of thermodynamic and economic considerations, the latter including

initial, manufacturing and fuel costs.

e The complex interactions between the additional costs which may be required
for materials to operate at higher temperatures and the resultant savings from
efficiency gains, together with other benefits such as reduced CO, emissions

have been assessed in a techno-economic feasibility study.

e This work has shown that the advancement of high temperature creep properties
of the titanium nitride strengthened steel over conventional ferritic/martensitic

steels offers substantial lifecycle cost savings due to the higher achieved

efficiencies.

e Oxide dispersion strengthened ferritic steels, however, offer greater high
temperature creep strength. Even with their superior properties oxide dispersion
strengthened steels have not, as yet, been adopted by the power industry due to

their high cost and earlier failures as a result of the inferior properties of non fully

secondary recrystallised tubes.

e It is likely that using the material processing route developed during this work

that the production costs of the titanium nitride strengthened steel would only be

marginally less expensive than the ODS alloys, thus, it is likely that this would
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result in the selection of the ODS alloys over the titanium nitride strengthened
alloys.

The cost of the titanium nitride strengthened alloys, could, however. be reduced
by utilising the Osprey Process in the production route. Although trials in this
project did not prove to be successful, the required parameters are now known

and thus it is only the control mechanisms that have to be developed in order to
contribute to the material production process.
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Creep Properties
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Figure 15.1 Schematic diagram depicting the processing steps necessary in

achieving the excellent creep properties.
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Chapter 16

Recommendations for further
work

This research work to develop the concept of titanium nitride strengthened creep
resistant ferritic steel produced by solid state internal nitriding has concentrated on
achieving the main aim of enhanced creep properties. To this end it has been
successful in achieving high temperature creep strength superior to all conventional
ferritic/martensitic creep resisting steels. During the course of this development

work, many areas for further work were highlighted. The main areas are as follows:
e Negative performance attributes

e Creep/fatigue interaction

e Secondary recrystallisation understanding

¢ Grain orientation

e Osprey Process development

e Welding development

Brief reviews of these areas for further work follow.
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16.1 NEGATIVE ATTRIBUTES

This work has shown that the conflicting design requirements of the ideal alloy t
0

posses high creep strength and high ductility have not been achieved with

o - the
titanium nitride strengthened ferritic steels.

i | This study has concentrated on the
positive attribute of high creep strength, but, for the material to be adopted by the

power industry the potential negative attributes such as ductility, toughness and
CCG resistance require to be studied. Additionally, this work has concentrated on
uniaxial material properties, however, the actual components will experience

multiaxial loading, thus, the further work should incorporate notched sample and
model component tests.

16.2 CREEP / FATIGUE INTERACTION

For power plant components, deformation at elevated temperature cannot be
considered to arise from pure creep or pure fatigue but from an interaction between
the two damage mechanisms. At typical boiler operating parameters, creep/fatigue
fracture is due to the nucleation, growth and eventual linking up of the creep cavities
as in pure creep. The difference in creep/fatigue damage is that the interlinking of
the creep cavities is due to fatigue crack growth. Consequently, the interaction of
the two mechanisms gives shorter lives than the two mechanisms operating
independently. There are several interaction diagrams such as the AEA fast reactor
design code or the diagram derived from ASME code case N-47. The ASME line is
the most widely used and is largely based on failure data from conventional ferritic
creep resistant materials. The typical boiler design envelope is superimposed on

the creep fatigue interaction diagram in Figure 16.1.

With the high creep strength titanium nitride steels developed here, the creep/fatigue
interaction properties may be significantly improved. This is possible because the

high precipitate strengthening and coarse interlocking grains result in the titanium

nitride steel being very resistant to cavity formation. As the cavities in the titanium

nitride strengthened steel most probably only nucleate and grow very near the final

| be far less interaction between the creep and fatigue
are

fracture event, there wil |
Thus, not all of the properties not investigated by this study

mechanisms.
rrently

The synergistic effect of creep and fatigue damage cu

otentially negative.
i ol er plant. If

ons on the operating parameters of advanced pow

places severe restricti
effect on the

further work could demonstrate that the combined creep and fatigue
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titanium nitride strengthened ferritic stee| was less than for conventional
i ow
ferritic steels then this would be g major benefit. PR

AEA Fast Reactor Design Code

Boiler operation

Creep Damage (t/T)

ASME N-47Ferritic steel

0.00 0.20 0.40 0.60 0.80 1.00

Fatigue Damage (n/N)

Figure 16.1 Creep fatigue interaction diagrams

16.3 SECONDARY RECRYSTALLISATION UNDERSTANDING

In the present work, evaluation of the conditions necessary to induce secondary
recrystallisation were largely the result of trial and error. Whilst the grain pinning of
the grain boundaries due to particles is well understood the relative effects of grain
corner pinning and the effect of the stored energy due to dislocations and the texture

effect on secondary recrystallisation are less well understood.

There is conclusive evidence in the literature that the secondary recrystallisation
temperature can be sensitive to the initial texture. It has been postulated that the
texture leads to the clustering of adjacent grains into similar orientations. This would
lead to an increase in the effective grain size, thereby making the nucleation of
recrystallisation easier. However, at present this explanation remains speculative
With regard to dislocations, it is conceivable that the removal of the stored energy
would aid secondary recrystallisation in a similar fashion to primary recrystallisation
The work by Chou (1997), however, found that there was no increase in stored
energy with deformation, in fact it was found that the deformation led to a reduction
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in the stored energy. There was no clear explanation for this phenomenon. 1t |
i - ltis

thus apparent that further work is required to determine the relative effects of th
e

variables and therefore reliably form the coarse interlocking secondary recrystallised
grains to minimise grain boundary sliding.

16.4 GRAIN ORIENTATION

Both the Fe ODS alloys and the Alloy C6B material offer considerable creep benefits
over conventional ferritic materials, however, the high GAR structures induced for
creep resistance result in anisotropic creep properties. The materials exhibit
maximum creep resistance when the principal creep stress is aligned parallel with
the major axis of the grain structures, Timmins & Arzt (1988).

As the grains in the secondary recrystallised material studied within this work are
aligned along the bars, all the tensile and creep tests performed on titanium nitride
strengthened steels have necessarily been orientated such that the longitudinal
boundaries are aligned parallel to the principal stress axis, thus minimising the grain
boundary area that will be favourably aligned for cavity growth and, in doing so,

maximising the properties.

16.4.1 Tubes

For tubular boiler components produced by extrusion, the principal stress (hoop) is
aligned normal to the longitudinal direction and hence the longitudinal grain
boundaries. This will result in reduced properties. In the case of Fe ODS alloys; the

creep life of pressurised tubes is no better than 20% of the longitudinal properties,

Jones (1997).

Work is underway within the BRITE EuRAM co-ordinated project BE97 4994 to

specifically address this limitation in the Fe based ODS alloys. The method being

investigated to minimise the weakness is to alter the deformation texture. Initial

. , , , . b on
trials have been successful in inducing torsional flow into the material, which 0

isati ' i rain
subsequent secondary recrystallisation resulted in coarse torsionally wound g

structures. Tubes produced in this manner will be tested to determine the resultant

, : i
increase in creep life under pressuré testing. This technology could be readily

o : from
transferred to the production of titanium nitride strengthened tubing, however, fro

' ‘ imilar spiral
the review carried out within this work it may not be possible to obtain a similar sp

grain structure in the nickel base alloys.
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16.4.2 Headers

For header components, a preferential grain alignment could pe developed ys
Ing a

two-stage formation process. The first stage would involve

hot isostatic pressing the
powder to produce a consolidated preform.

The second stage would take

advantage of the high temperature low strength and high elongation properties of

the fine grain size material by expanding the preform via internal pressurisation into

a die with the header components (eg. the main penetrations ang tube stubs, as

shown in Figure 16.2), expanded into place. This expansion process would create a

deformation texture in the component that would be aligned parallel to the resolved

major stress axis. Thus. upon heat

treatment to  induce secondary

Final Superheater Outtet He nder

recrystallisation the grains would also
be aligned parallel to the major stress
axis.  This would apply to simple
geometries, e.g. the header body
where the grains would be orientated
circumferentially around the header
and also complex geometries, such as
the crotch and saddle positions of the
main penetrations. As a result of this

orientated grain structure, the strength

Figure 16.2 Typical header geometry

will be maximised in the direction of
maximum stress in a way that is impossible in conventional equiaxed material. The
actual process could be likened to fibre reinforced composites where the direction of
the fibres is positioned to strengthen specific areas. The advantage that the method
described above has, is that the expansion of the preform determines the orientation

rather than relying on finite element type simulations.

In summary, there are potential methods for transforming the excellent uniaxial
properties demonstrated by the titanium nitride particles and high GAR into excellent

jaxial
properties in multiaxial simple components such as tubes and complex mult

components such as headers.
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16.5 OSPREY PROCESS DEVELOPMENT

At present the commercial exploitation of the titani itri
steel is not thought to be feasible as its cre:pt‘p:?:;:ien:nde 'Strer'lgthened ferc
ODS alloy PM 2000 and both alloys would have similar hi . mfeno'r o e e
gh production costs. The
Osprey Process, however, offers the potential of significantly reduced costs as the
process would not only replace the time consuming and thus costly Mechanofusion
operation to achieve the homogeneous mixture, but could also incorporate the VIM
melting (carried out at Special Melted Products) to produce the titanium containing
steel matrix), and the powder production presently performed at Osprey. The trials
with the Osprey Process performed within this work with titanium nitride
strengthened steels proved unsatisfactory due to irregular injection rates resulting in
inhomogeneous mixtures and also relatively coarse titanium nitride particles due to
the high precipitation temperature. Thus, significant further development work is
required if the Osprey process is to become a viable lower cost production
technique. The list of further developments required to produce a homogeneous

mixture would include the following:
e Vacuum induction melting furnace.
e Injector system specifically designed for sub 10 um chromium nitride powders.

e Metal spray size reduced to produce sub 45 um droplets.

In order to avoid high temperature precipitation of titanium nitride during cooling of
the combined powders, the mixing of the powders would have to be reduced to
below approximately 600°C. This could be achieved by increasing the flight time of

the atomised metal spray and injecting the chromium nitride at the lowest possible

point prior to collection.

uced, collection would be by means of a hopper

rather than the preform. This does not result in an additional stage as the preforms

produced required additional consolidation by means of extrusion of HIPping due to

As the temperature would be red

the porosity present.

i i a
An additional stage would, however, have to be incorporated in order to produce

' ' fine
high dislocation network within the metal powder particles to achieve a

i i mpactin
heterogeneous precipitate distribution. This could be achieved by cold compacting
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the canned powder to a greater extent.

production, the experimental

A comparison of the industrial ODS alloy
Alloy C6B production and the possible industria

production of titanium strengthened ferritic alloys is shown in Figure 16.3

Ferritic ODS Alloy

Experimental C6B Alloy

Proposed industrial TiN
Manufacturing Route

Mechanical blending for
approx. 6 days under vacuum

Steel powder production and
classified to <45um

Improved Osprey Process

Canned

Milling of chromium nitride to
<10um diameter

Canned

Cold compacted

Mechanofusion for approx. 3
days under vacuum

Cold Compacted

Sintered (1100°C/1hr)

Canned

Precipitation heat treatment
600°C x 17 hours

Hot compacted (1100°C,
1900 bar 3 sec)

Cold Compacted

Hot extrude 1000°C 17 1
extrusion ratio

De-Can

Precipitation heat treatment
600°C x 17 hours

De-Can

Hot extrude 1150°C, 9:1
extrusion ratio

Hot extrude 1000°C 17:1
extrusion ratio

Heat treat 1200°C x 1.5 hrs to
produce secondary
recrystallisation

Grind

De-Can

Cold draw

Heat treat 1200°C x 1.5 hrs to
produce secondary
recrystallisation

Heat treat approx. 1200x1 hr
to produce secondary
recrystallisation

Heat treat to produce alumina
scale

Figure 16.3 Production route comparison of a typical ferritic ODS alloy. the

experimental Alloy C6B and

strengthened ferritic steels.
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16.6 WELDING DEVELOPMENT

Joining of materials is a critical aspect of power plant fabrication, particularly for
boiler applications. For a material to be successful it must be able to be joined
economically and the degradation in parent material properties must not be

excessive. Further work is required; however, the author has conducted a limited

number of trials with interesting results. This work has demonstrated that the

titanium nitride strengthened ferritic steels can be joined economically under
industrial conditions without significantly coarsening the titanium nitride particles
using amorphous metal diffusion bonding techniques.
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