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Abstract 

Group III-nitride semiconductors are the dominant inorganic solid state light 

emitting materials, spanning the UV to infra-red spectral range. InGaN/GaN based 

LEDs and lasers are commercially available and intense research is being pursued to 

improve their efficiency. One practical approach is the development of functionalised 

and/or improved materials patterned on a nanometre length scale. This thesis 

presents the optical, morphological and compositional characterisation of III-nitride 

based nanostructured light emitters. 

The III-nitride nanostructures studied are GaN coalesced above arrays of 

either nanopyramids or nanocolumns, semipolar and nonpolar InGaN QWs on the 

facets of GaN nanopyramids, and thin epilayers of AlInN and AlInGaN. Spatially 

resolved optical characterisation of nano-ELOG GaN layers revealed a shift in the 

exciton-related band edge emission across the coalesced layer. This is related to Si 

doping and to strain effects. Study of the semipolar {1011} InGaN QWs grown on 

the facets of GaN nanopyramids identified a blue shift in QW emission energy as the 

sampled region is moved up the pyramid facets. This shift is found to follow the 

release of the tensile strain towards the top of nanopyramid. 

Luminescence properties of nearly lattice matched AlInN epilayers 

investigated using CL, PL and PLE spectroscopic techniques revealed that the 

emission and bandgap energy of the AlInN layers are at higher energy than that of 

GaN. Results obtained from polarisation resolved PL measurements of AlInN 

epilayers point to two possible implications: the observed higher energy AlInN 

emission is either related to defects or this emission is due to carrier recombination 

occurring in InN clusters similar to those of InGaN epilayers. 

  Optical properties of thin AlInGaN epilayers investigated using PL and PLE 

spectroscopy revealed a redshift in bandgap energy with increase in InN fraction. 

The observed spatial intensity fluctuations are discussed in terms of the InN 

compositional fluctuations and inhomogeneous strain effects.  
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Chapter 1 

Introduction 

 

 

1.1 Introduction 

 

Artificial lighting using incandescent and fluorescent lamps is highly 

inefficient as light is generated only as a by-product of processes which produce heat 

or plasma.  The energy conversion efficiency of incandescent and fluorescent lamps 

is only 5 and 25 % respectively. If we can replace these inefficient artificial lighting 

systems with at least 50 % efficient lighting sources, overall electrical energy 

consumption can be reduced by ~ 25% [1-3]. This would also help to reduce green 

house gas emission into the atmosphere as the energy consumed to supply lighting 

throughout the world results in the emission of 1900 megatones (Mt) of CO2 per  

year [4].   

 

There is now the great potential of solid state lighting technology (SSL). 

Solid state lighting is the direct conversion of electrical energy to visible white light 

using semiconductor materials. It can provide higher efficiency, and thus offers much 

potential to conserve precious electricity. According to US Department of Energy, if 

successful, by 2015, solid state lighting can reduce the overall electricity 

consumption by 25 % [1-2].  However SSL technology is not yet sufficiently 

developed to replace today’s general lighting systems. For that we need white solid 

state lighting technology that is simultaneously high in efficiency, low in cost, and 

high in colour-rendering quality. To attain that goal in the near future we require 
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breakthroughs in solid state lighting technology, stimulated by a fundamental 

understanding of the science of light-emitting materials. Solid state lighting materials 

generally belong to three broad categories (a) Inorganic, (b) Organic and (c) Hybrid. 

The dominant inorganic solid state lighting materials today are group III- nitrides.  

 

1.2 Group III- nitrides 

The group III-nitrides (Al,Ga,In)N and their ternary (InGaN, AlInN, AlGaN) 

and quaternary (AlInGaN) alloys are currently the only commercially available 

materials class producing light in the green to ultraviolet part of the spectrum [Fig 1 

and 2]. They possess direct bandgaps from 0.7 eV for InN to 6.2 eV for AlN, 

covering the spectral range from infrared to deep ultraviolet (UV). The  direct and 

large bandgap nature, intrinsic high carrier mobility, and the capability of forming 

heterostructures allow them to dominate photonic and electronic device markets such 

as  ultraviolet, blue, green and white light emitting diodes (LEDs), blue and green 

laser diodes (LDs) and high speed/high power and high temperature electronic 

devices [5-8]. The high thermal and chemical stability and physical hardness of GaN 

give those devices the advantage of operating in hostile environments. The nitride 

semiconductors also exhibit superior radiation hardness compared to other smaller 

bandgap counterparts such as Si or GaAs, allowing them to be incorporated into 

demanding space applications. Because of these widespread applications and 

properties, group III- nitride semiconductor materials have attracted much attention 

in both the consumer and defence industries. Detailed discussion of the structural and 

optical parameters of III-nitrides is given in Chapter 2.  
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Figure 1.1 Bandgap energy versus lattice constant of III- nitride semiconductors 

 at room temperature [9]  

 

 

 

 

 

 

Figure 1.2 Various binary, ternary and quaternary materials used for LEDs with the 

 wavelength ranges indicated [10]  

Unlike GaAs and InP based semiconductors, III-nitride based materials have 

a high density of defects due to very limited availability of lattice matched substrates. 

Up to now most III-nitride based optoelectronic devices have been fabricated using 

hetero-epitaxy on substrates such as sapphire (Al2O3), silicon carbide (SiC), and in 

some cases on silicon. Because of lattice mismatch, III-nitrides grown on these 

substrates often exhibit a high density of threading dislocations, typically of the order 
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of 10
8
- 10

10
/ cm

2 
[11]. These defects are still one of the major limiting factors for the 

performance of GaN based optoelectronic devices, acting as non-radiative 

recombination and scattering centres. Achievement of lower defect density would 

also improve device reliability resulting in a longer lifetime [6, 7]. Various defect 

reduction process such as epitaxial lateral overgrowth (ELOG), nano-ELOG, 

coalescence of nanocolumns of III-nitrides etc have been demonstrated and optical 

characterisation of some of these nanostructures constitute a part of this thesis.  

Among the various epitaxial techniques that have been developed for the 

growth of III-nitride based materials, metal organic chemical vapour deposition 

(MOCVD) and molecular beam epitaxy (MBE) are the leading technologies. The 

samples characterised in this thesis were all prepared by MOCVD with the exception 

of two sets of samples that are grown partially by MBE technique followed by 

MOCVD.  

1.3 Motivation of this work 

Semiconductor technology is quickly being driven towards nanoscale 

dimensions where ‘smaller’ means better performance e.g., higher efficiency, higher 

density of integration, faster response and less power consumption. Nanostructures 

composed of group III-nitride alloys provide the potential for new semiconductor 

device configurations such as nano-scale optoelectronic devices. Nanostructured 

light emitters are the building blocks of optoelectronic devices such as LEDs and 

laser diodes used for lighting and display applications [12]. Both bottom up- and top-

down approaches are used in synthesising various group III-nitride nanostructures 

and there is significant progress in the research areas of fabricating these into light 

emitting nanostructures. The nano-structural properties of III-nitride semiconductor 

nanostructures have to be investigated and understood before the device optimisation 

as the physical properties and ultimate device performance depend strongly on their 

nano-structures. Therefore to desirably tune the physical properties of semiconductor 

nanostructures through growth manipulation it is important to understand their 

fundamental nano-structural and luminescence properties.  
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1.4 Objectives of the Thesis  

Rapid developments of fabrication methods for III-nitride nanostructures 

have attracted a great deal of interest in their optical and electronic properties for 

potential applications in optoelectronic devices such as nano-scale light emitting 

devices. The goal of my project is to understand the optical properties of these III-

nitride light emitters relate them to the nanostructures and use the results to enhance 

devices made from them.  For this a combination of a multitude of complimentary 

techniques on the nanometre scale are needed in order to get insight into the 

structure-properties interplay within the semiconductor nanostructures. In this project 

the characterisation of III-nitride based nanostructures is carried out using 

 state-of-the art tools including scanning electron microscopy (SEM) and 

cathodoluminescence (CL) spectroscopy. These techniques are used to obtain high 

quality data from nanoscale features in a range of structures.  Our CL set-up is 

attached to a high resolution scanning electron microscope and is capable of 

obtaining both spatially (< 20 nm) and spectrally (0.2 nm) resolved hyper spectral 

images from nanostructured light emitters [13]. This permits the optical emission 

from single, isolated nanostructures to be analysed. PL spectroscopy (He-Cd 325 nm 

and Xe lamp based excitation) is also used as a complimentary technique to 

characterise the luminescence properties of these nanostructures. The structures 

characterised and analysed include semipolar {1011} grown InGaN/GaN QWs, 

nano-epitaxial lateral overgrown (nano-ELOG) GaN,  coalesced GaN nanocolumns, 

AlInN and AlInGaN epitaxial layers grown by MOCVD and MBE.  The optical 

polarisation anisotropy of AlInN samples is studied as a function of InN fraction in 

order to probe the band structure of the alloy. The cathodoluminescence mapping of 

quaternary AlInGaN epilayers intended for using as barrier layers in high electron 

mobility transistors (HEMT) are also a part of this work. 
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1.5 Thesis overview 

This thesis consists of 9 chapters.  

(i) The first chapter gives a brief discussion of motivation and the 

objective of the thesis and outlines its structure.  

(ii) The second chapter briefly describes the structural and optical 

properties of important III-nitrides. A review of recent research and 

development associated with nano-ELOG GaN, semipolar InGaN 

QW, nonpolar InGaN QWs, AlInN, and AlInGaN epilayers, which 

constitute the important light emitting structures described in this 

thesis, are discussed. Existing research challenges in each of these 

areas are also pointed out.  

(iii) Chapter 3 introduces the working principle and instrument setups of 

the characterisation techniques used in this thesis to study the nano-

structural and optical properties of semiconductor nanostructures. 

This includes scanning electron microscopy, cathodoluminescence 

and photoluminescence spectroscopy, Rutherford Backscattering 

spectrometry (RBS), etc. A brief discussion of MOCVD and MBE 

growth techniques used for the fabrication of III-nitride 

heterostructures is also included. 

(iv) Chapter 4 presents the optical properties of nanoscale epitaxial lateral 

overgrown (nano-ELOG) GaN. Spatially and spectrally resolved 

cathdoluminescence (CL) from such coalesced layers are used to 

quantify the GaN band edge energy downshift due to bandgap 

renormalisation effects and due to strain effects.  

(v) In Chapter 5, the optical properties of GaN layer coalesced above an 

array of nanocolumns investigated using plan-view and cross-

sectional cathodoluminescence are discussed. Relaxation of tensile 

strain with increase in thickness of the coalesced layer is observed for 

GaN layer coalesced over nanocolumns. 
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(vi) Chapter 6 focuses the optical properties of semipolar (1011) InGAN 

QWs fabricated on the facets of nanopyramids. A blue/red shift in 

QW emission energy is observed as the electron beam scans from 

bottom to top of the nanopyramids. An attempt has been made to 

correlate this QW luminescence emission shift to the strain in 

underlying GaN template pyramids. A section of this chapter is also 

devoted to study the optical properties of nonpolar InGaN QWs 

fabricated on nanofacets of 3D GaN structures. 

(vii) In chapter 7 we focus on the luminescence from ternary c-AlInN 

epilayers. The composition of the epilayers is examined using RBS 

and X-ray diffraction technique (XRD). The luminescence properties, 

bandgap energy, Stokes shift etc are discussed as a function of InN 

molar fraction. An attempt has been made to study the optical 

polarisation anisotropy in c-plane AlInN emission using PL 

spectroscopy. 

(viii) The optical properties of UV emitting quaternary AlInGaN epilayers 

are the topic of chapter 8. The spatially resolved luminescence 

properties of the epilayers are investigated using cathodoluminescence 

hyperspectral imaging technique and are discussed as a function of 

InN localisation and strain effects.   

(ix) The overall conclusions of the thesis are presented in Chapter 9 and 

some suggestions for future work are also proposed. 
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Chapter 2 

Properties of III-nitrides, 

Research Background and 

Objectives 

 
 

2.1 Introduction 

This chapter describes some of the fundamental properties such as crystal 

structure, band structure and luminescence properties of III-nitrides with emphasis on 

nanoscale epitaxial lateral overgrowth (nano-ELOG) GaN, coalesced GaN 

nanocolumns, semipolar and nonpolar InGaN QWs on GaN nanopyramidal facets, 

AlInN and AlInGaN thin epilayers which form the subject of this thesis. Before 

proposing the research objectives behind the nano-structural characterisation of each 

of these structures, it is necessary to summarise the recent research progress and 

identify the existing research challenges in these structures. Thus the purpose of this 

chapter is to present the general background of research and to formulate the research 

aims of this thesis. 

2.2 Properties of III-nitrides 

2.2.1 Crystal Structure  

GaN and its related compounds can crystallise in the following three-crystal 

structures: (1) wurtzite, (2) zinc-blende and (3) rock-salt. A rock-salt phase occurs at 

high pressure and the zinc-blende structure is metastable and may be stabilised only 

by heteroepitaxial growth on substrates like GaAs. At ambient environment, the 
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thermodynamically stable phase is the wurtzite structure [1]. The wurtzite structure 

has a hexagonal unit cell containing 6 atoms of each type and has two lattice 

constants ‘a’ and ‘c’. Further this structure is composed of two hexagonal close-

packed (hcp) sub-lattices which are shifted with respect to each other along the c-axis 

by the amount u=3/8. Each atom of one kind is surrounded by four atoms of the other 

kind. The unit cell of the wurtzite crystal structure is shown in Fig 2.1.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 2.1 Unit cell for the hexagonal wurtzite structure for the III-nitrides [2]  

 

The large electro-negativity of nitrogen atom adds a large ionic bonding component 

to the III-nitrides and plays a role in forming a tightly bonded crystal structure. In an 

ideal wurtzite structure, the c/a ratio is 1.633 and the deviation from this ideal value 

increases as the electro-negativity difference between group III atom and nitrogen 

atom increases. The bonding energy of AlN is 11.5 eV/atom while that of GaN is 8.9 

eV/atom and that of InN 7.7 is eV/atom. The lattice parameters, thermal expansion 

coefficient and c/a ratio of three binary III-nitrides are listed in Table 2.1. Alloys of 

GaN, AlN and InN are of special interest as they can form the barriers or the active  
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layers of nearly all III-nitride based devices. Many properties of the alloys such as 

energy bandgap, effective mass of the electrons and holes and the dielectric constant 

depend on the alloy composition. The lattice parameters of the alloys can be 

estimated using Vegard’s law [3] according to which if two binary compounds AC 

and BC form an alloy AxB1-xC, then the lattice parameter ‘a’ and ‘c’ is given by 

a (AxB1-xC) =  xaAC + (1-x) aBC 

c (AxB1-xC) =  xcAC + (1-x) cBC 

 

Table 2.1 Material properties of wurtzite AlN, InN and GaN [1, 2] 

Property  GaN AlN InN 

Lattice constant, a [Å] 3.189 3.112 3.548 

Lattice constant, c [Å] 5.185 4.982 5.76 

Thermal expansion (Δa/a)  

[10
-6

/K] 

5.59 4.2 4 

Thermal expansion (Δc/c) [10-6/K] 3.17 5.3 3 

Thermal conductivity (κ) [W/cm·K] 1.3 2 0.8 

c/a  1.626 1.601 1.612 

Lattice mismatch (%) sapphire 14.8 12.5 25.4 

SiC 3.3 1 14 

GaN - -2.4 10.6 
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The group III-nitrides lack an inversion plane perpendicular to the c-axis, and thus 

their surfaces have either a group III- element (Al, Ga, or In) polarity designated  

as (0001) or a N polarity designated as (0001). Because of the partial ionic nature of 

the bonds in (AlN>GaN>InN) III- nitrides, the c/a ratio is always less than the ideal 

one (Table 2.1) implying that the wurtzite crystal is compressed in the c-direction. 

Consequently, the centres of positive and negative charges from the metal–N bond 

are displaced from each other, and electric charges appear at the opposite surfaces of 

the crystal. This is called spontaneous polarisation. Since, the group III-nitrides are 

grown by heteroepitaxy, due to the lack of native substrates, a strain induced 

piezoelectric polarisation also arises. The percentage of lattice mismatch between III-

nitride binary and the common substrates such as sapphire, SiC and GaN is shown in 

Table 2.1. This polarisation causes an in-built internal electric field which can 

adversely affect the III-nitride based optoelectronic devices. The polarisation induced 

internal electric field effects in III-nitride QW heterostructures are discussed in detail 

in section 2.2.2.  

In order to overcome the problems relating to intense in-built fields, III-

nitride heterostructures and QWs can be grown along crystallographic directions 

where the piezoelectric field is small or zero. This opens up the potential of 

semipolar and non-polar planes or directions of III-nitride for QW fabrication. 

Nonpolar orientations are planes perpendicular to the c -plane like the (1100) plane 

(m-plane) and the (1120) plane (a-plane) of wurtzite crystal structure and utilise 

cos  = 0, where   is the inclination angle from the c-plane.  Semipolar orientations 

are any plane having a tilt angle between 0
◦
and 90

◦
 relative to the [0001] direction. 

The important nonpolar and semipolar planes are shown in Fig 2.2 [4].  
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Figure 2.2 The schematic illustrations of major directions and planes in the 

hexagonal GaN system (a) the polar c-plane (0001) (b) the nonpolar a-plane (1120) 

(c) the m-plane (1100) (d-f) semipolar planes (1013), (1011) and (1122)  

respectively [4] 

 

2.2.2 Polarisation induced electric field in III-nitride QWs 

The origin of spontaneous and piezoelectric polarisation in III-nitrides was 

introduced in section 2.2.1. The piezoelectric polarisation has two components; (a) 

due to lattice mismatch (misfit) strain while the other due to (b) thermal strain caused 

by thermal expansion coefficient difference between the substrate and the material. 

Also piezoelectric coefficients in III-nitrides are almost an order of magnitude larger 

than in many of the traditional III-V semiconductors, as high as ~30% of the values 

for classical proper ferroelectrics such as BaTiO3 (i.e., Ps = –0.081 C/m
2
, –0.029 

C/m
2
, –0.032 C/m

2
 for AlN, GaN, and InN, respectively) [1]. Electric fields induced 

by spontaneous/piezoelectric polarisation are irrelevant in large homogeneous 

materials. However, in heterostructures, this is not the case. There will be 

polarisation-charge discontinuities at the interfaces, and net polarisation charges 

induce internal electric field [5]. This internal electric field is large in small size 

heterostructures, such as QWs and is of the order of 1-2 MV/cm [6]. The effect of 
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this internal electric field in QW structures (the active region in most of the light 

emitting devices) is to spatially separate the electrons and hole wave function to 

opposite sides of the QW. This is known as Quantum Confined Stark Effect (QCSE) 

[Fig 2.3]. This results in reduced radiative recombination efficiency (reducing the 

internal quantum efficiency), redshift in emission energy, and blueshift in emission 

energy under high carrier injection. This internal electric field significantly 

contributes to the widely discussed low efficiency of green InGaN LEDs (‘green-

yellow gap’), carrier leakage and efficiency droop in LEDs [7, 8].  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 2.3 Quantum confined stark effect in InGaN/GaN QW structures [6]. Pb and 

Pw represent the Polarisation within the barrier and quantum well layer respectively.  

 

The strength of the internal electric field is determined by the projection (i.e., cos θ) 

of the polarisation vector onto the plane of interest [Fig 2.4 (a)]. Since the InGaN 

QWs grown along semipolar and nonpolar directions experience small or zero built-

in field related adversities, the heterostructures grown along such planes are of 

significant research interest.  
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Figure 2.4 (a) The inclination angle θ from the c- plane (b) piezoelectric polarisation 

of an InxGa1–xN quantum well grown pseudomorphically between relaxed GaN 

barriers. The lattice planes of particular polar, semipolar, and nonpolar orientations 

are shown as insets. P’z is the polarisation perpendicular to the growth plane [9] 

 

It was pointed out by Park and Chuang [10] that the piezoelectric field can be 

cancelled out for certain oblique crystal orientations of semipolar planes [Fig 2.4 

(b)]. Though there is still a debate concerning the semipolar orientation for which the 

field vanishes, a reduction in piezoelectric field strength has been experimentally 

verified for III-nitride heterostructures grown along {1011}, {1013} and {1122} 

crystalline facets inclined respectively at angles 62, 32 and 58
0
  with respect to the 

polar c-axis [7]. Furthermore the epitaxial growth and InN incorporation along these 

semipolar directions appear to be much easier to control [11] and the InN 

incorporation in InGaN semipolar quantum wells may be comparable to, or greater 

than that of the c-plane one. Therefore, it may be possible to overcome the green-

yellow gap with semipolar InGaN quantum wells [12]. 

 

 

 

(a) (b) 
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2.2.3 Band structure of III-nitrides 

The III-nitride hexagonal crystals all have direct- transition bandgap structure 

whereas the cubic structures of AlN and BN exhibit indirect bandgaps. InN was 

initially  reported to have an energy gap of 2 eV, but values from 0.67 (low 

temperature) to 0.63 eV (room  temperature) have been accepted based on the optical 

properties of high quality hexagonal InN epitaxial layers with low background 

electron densities grown by MBE [1]. Fig 2.5 shows the band structure of the 

wurtzite and zincblende III-nitrides near the Г- point. The conduction band (CB) is 

formed of highly symmetric s-orbitals and valence band (VB) is composed of highly 

asymmetric p-orbitals.   

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 2.5 Relationships between the VB splitting at the Γ point in the zinc-blende  

and wurtzite lattices  and the irreducible representations of the CB and VB in these 

lattices. The indications ┴ and ǁ show that, the optical transition is allowed for the 

light polarisation perpendicular and parallel to the c-axis respectively. Brackets 

indicate the partially allowed transition. The symbols Δso and Δcr are the spin-orbit 

and crystal field splitting respectively [13].  

 

 

For wurtzite, the energy at the Γ-point, Γ15, corresponds to the valence band and split 

into three levels through the action of crystal field and spin–orbit coupling. The 

crystal field splitting arises due to the hexagonal symmetry of the wurtzite crystal 

structure and this splits the valence band into Г6 state (two fold degenerate) and Г1 

Г8 

Г7 
Г15 

Г6 

Г1 

Г9 

Г7 

Г7 
Δcr 
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state (non-degenerate). Spin-orbit interaction further splits the Г6 state into Г9 and Г7 

states. The three resulting bands in wurtzite III-nitrides are called heavy hole [HH 

(Γ9), A band], light hole [LH (Γ7), B band), and crystal field [CH (Γ7), C band], 

respectively. On the other hand, the zincblende valence band is divided into the 

doubly degenerate Γ8 (HH, LH) and Γ7 (CH) because of spin–orbit splitting. For 

wurtzite GaN and InN, the crystal field splitting parameter Δcr is small and positive 

and Г6 is always higher than that of Г1 state. Thus the top of the valence band is 

mainly constituted by HH band and the valence band ordering of wurtzite GaN is 

similar to as shown in Fig. 2.5. On the other hand, AlN has a large negative crystal-

field splitting energy due to its smaller ratio of the c- and a-lattice constants 

(c/a=1.601 compared to 1.625 for GaN). Hence the energy level of Г1 state is higher 

than Г6 state. Consequently the top of the valence band is constituted by CH band 

[13, 14]. The more details on band structure of AlN and GaN is given in Chapter 7. 

 

The electronic energy band parameters of semiconductor alloys and their 

dependence on alloy composition are very important. The bandgap energy exhibits 

nonlinearity as a function of alloy composition. The bandgap energies of AxB1-xC 

alloys (from AC and BC) can be expressed as follows: 

Eg (AxB1-xC) =  x Eg AC + (1-x) Eg BC – bx(1-x)  

where b denotes the bowing parameter accounting for the deviation from a linear 

interpolation between the two binaries AC and BC. For InxGa1-xN, recent bandgap 

data give a relatively small bowing parameter of 1.43 eV [17]. For Al1-xInxN alloys, 

the bowing parameter as large as 10 eV and a dependence on InN composition are 

also observed [18].  

2.2.4 Optical properties of III-nitrides 

The typical radiative recombination processes occurring in III-nitrides 

semiconductors are summarised in Fig 2.6 [13]. Intrinsic optical transitions take 

place between the electrons in the CB and holes in the VB including excitonic effects 

due to the Coulomb interaction. Free excitons (FE) and their excited states transition 

can be seen in high quality samples with low impurity concentration. Excitons could 

be bound to neutral or charged donors and acceptors. The two important bound 
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excitons (BE) in III-nitrides are neutral shallow donor bound excitons (DBE) and 

neutral shallow acceptor bound (ABE) excitons.  The transition energy of bound 

excitons associated with neutral impurities is lower than that of FE by their 

localisation energy Eloc. The bandgap energy of GaN can be accurately determined 

from luminescence measurements of exciton transitions. The actual bandgap is 

recovered by adding the estimated binding energy to the observed exciton transition 

energy. Extrinsic properties are related to dopants or defects. The defect related 

transition seen in optical spectra are free to bound, bound to free and bound to bound 

(donor-acceptor) and yellow band luminescence. Photoluminescence and 

cathodoluminescence spectroscopic techniques are employed to study the radiative 

recombination of optical properties of various III- nitride based nanostructures and 

epitaxial layers as discussed in this thesis.  

 

 

 

 

 

 

 

 

 

Figure 2.6 Schematic drawing of radiative recombination processes in III-nitride 

semiconductors preferably at low temperature where the excitonic and impurity-

related emission occur [13]  

 

Excitons couple with several kinds of phonons. Phonons are quanta of the collective 

lattice vibrations. They play an important role in the luminescence spectrum because 

in the exciton recombination process, the energy distributed is not only given to the 

photon but also to the lattice, leading to the so called phonon sidebands. The 

interaction of carriers with phonons is known to strongly affect the optical properties 

of semiconductors. A noticeable feature of the PL spectrum of GaN at low 
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temperature is the appearance of longitudinal (LO) optical phonon replica of FE and 

BE [1, 13, 19].  

  

As the investigated samples include epilayers of ternary and quaternary alloys 

it is necessary to consider another important optical property of exciton localisation. 

The localised exciton transition takes place in alloy semiconductors with potential 

fluctuations (inhomogeneity) at low temperature. Potential fluctuation causes a 

difference between absorption (occurs at higher energy) and emission (at lower 

energy) which is referred to as the Stokes shift. Localisation and potential fluctuation 

can affect intensity dependent excitation and temperature dependent PL intensity by 

opening the channels of nonradiative recombination as the temperature is increased. 

The amplitude of the fluctuating potential at the bandedge caused by alloy disorder is 

strongly correlated to the energy bandgap difference between the two binaries 

constituting the alloy. The factors constituting the localisation are indium 

segregation, compositional fluctuations, quantum well width variation, and strain 

inhomogenities. Fig 2.7 gives a schematic of exciton localisation in InGaN  

epilayers [1]. 

 

 

 

 

 

 

 

 

Figure 2.7 Schematic representation of the origin of potential fluctuations causing 

localisation and Stokes shift in InGaN epilayers [1] 
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2.2.5 Factors causing the optical anisotropy in III-nitrides 
 

Since the polarisation resolved optical properties of AlInN and GaN are 

discussed in chapter 7 of this thesis, it is worth to discuss the factors that cause the 

optical anisotropy in wurtzite III-nitrides. Optical polarisation anisotropy can arise 

from the structural properties of the semiconductor material as well as due to external 

factors. The symmetry of the lattice of crystalline III-nitride semiconductors can 

affect the polarisation properties of the system. The wurtzite crystals have low 

symmetry. The lattice arrangement in wurtzite unit cell, having a hexagonal base 

with a unique c-axis normal to this hexagonal base, introduces anisotropy between 

directions parallel and perpendicular to the c-axis. This can influence the electronic 

band structure which in turn results in a difference in the responses of the system for 

light polarised relative to the c-axis.   

Lattice mismatch and thermal expansion coefficient mismatch between the 

substrate and the epitaxial material result in the growth of strained epilayers. 

Anisotropic strain manifests as a deformation of the lattice structure of the 

semiconductor film and can modify the electronic band structure and can cause the 

anisotropy in optical properties. Thus for a bulk semiconductor which is isotropic 

when unstrained, the presence of anisotropic strain can reduce the symmetry of the 

crystal and introduce polarisation anisotropy in its optical responses [20, 21]. Even 

for crystal structures which are essentially asymmetric, the anisotropic strain can 

further modify the electronic band structure and can alter the polarisation dependence 

of the optical response of the system [22, 23]. 

The next section gives the description of various III-nitride heterostructures 

whose optical properties are investigated in this thesis. Research background and 

challenges in each of the sample structure is discussed in separate sections.  

2.3 Research Background and Objectives 

2.3.1 Epitaxial Lateral Overgrowth (ELOG) GaN 

Most of the technological development of GaN based devices relies on 

heteroepitaxy because of the absence of bulk GaN substrates. This generates huge 

densities of dislocations (10
9
 to 10

11
 cm

-2
) due to lattice parameter and thermal 
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expansion coefficient differences. Using appropriate buffer layers allows the 

dislocation density to be reduced into the low 10
8
 cm

-2
 ranges. An important  method 

of reducing the defect density is epitaxial lateral overgrowth technology (ELOG) 

[24]. In ELOG, parts of a highly dislocated GaN layer are masked with a dielectric 

mask after which the growth is restarted. At the beginning of the second step 

deposition only occurs within the openings while no deposition is observed on the 

mask. This is referred to as selective area epitaxy (SAE) or selective area growth 

(SAG). The basic idea of ELOG is the filtering and blocking of the defects [1,25].  

The ELOG depends on growth anisotropy in the form of different growth 

rates on different crystallographic planes. The lateral overgrowth rates and the 

equilibrium facets developed in the process are strong functions of both 

crystallographic orientation of the stripe openings and the growth parameters, such as 

the temperature, V/III ratio in the vapour phase, reactor pressure, composition of the 

carrier gas (H2- N2) and the fill factor (definend as the ratio of the stripe opening and 

the pattern period) [1, 25]. In the pyramidal structures formed by selective area 

epitaxy, the bending mechanism of threading dislocation causes a sizable reduction 

in threading dislocation (TD) density. The threading dislocations bend at 90 degrees 

when they reach the {1101} facets and minimise the free energy of the system by 

bending towards the free surface. Chapter 6 of this thesis investigates the optical 

properties of QWs fabricated on pyramidal structures of nanodimension. These 

samples constitute different sets based on the QW thickness and pyramid shape and 

are prepared at University of Bath.  Modulation of the V/III ratio can also be 

employed to control the morphology of overgrown structures. This can be 

implemented by introducing controlled interruptions of the NH3 flow in the growth 

process. The lateral growth increases with the duration of the flow interruption. By 

tuning the growth conditions it is possible to enhance the lateral growth and to get 

full coalescence [1].  

There are some disadvantages with  ELOG as follows; in ELOG threading 

dislocations originating from the interface in the window regions can propagate to 

the surface and very thick GaN layers (of the order of tens of microns) are needed in 

comparison to nano-ELOG method  (discussed below) to greatly reducing TD 



22 
 

density. Moreover, the processing of efficient devices is possible only above the 

ELO wings and thereby reduces the area available for device fabrication.                                                                                                                                              

2.3.1 (a)  Nanoheteroepitaxy  and  nano-ELOG 

Nanoheteroepitaxy can eliminate defects more efficiently than other ELOG 

techniques. Here the coalescence takes place in the realm of nano dimension with 

resulting overall strain relaxation for minimal defect propagations. This approach 

starts with patterning of a substrate into a two-dimensional array of 10-300 nm sized 

nucleation islands. This is then followed by selectively growing epitaxial material on 

the islands. These processes are followed by lateral overgrowth to get coalescence. 

The nanoscale patterning permits strain partitioning as in planar compliant structures 

and stress in these nanostructured sample decays exponentially away from the 

heterointerface with a characteristic decay length proportional  to the diameter of the 

island. These factors can lower the strain energy in nanostructured lattice 

mismatched material systems. According to nanoheteroepitaxy theory, mismatch 

dislocation formation can be avoided from material systems with a lattice mismatch 

in the range 0-4 %, though unavoidable in material systems with larger lattice 

mismatch (e.g., the 20 % mismatch for GaN on Si). Also this nanostructuring can 

effectively prevent defect propagation owing to the large surface to volume  

ratio [1, 25]. 

Nano-ELOG process is a cross between nanoheteroepitaxy and ELOG 

processes. Following the formation of nanosized patterns (stripe or dot) the 

nanosized growth windows allow for prismatic GaN growth with thicknesses at the 

top below the critical thickness for extended defect free material to be achieved. The 

prismatic GaN grown in nano-ELOG should be defect free because of its small 

thickness and three dimensional strain minimising shape. This is in contrast to 

conventional ELOG where the base for selective area growth is large and (1101) 

prismatic planes require a layer thickness greater than the coherence limit to reach 

the tip and therefore the prismatic GaN is defect loaded. Following prismatic growth, 

the growth temperature can be changed as in conventional ELOG for enhanced 

lateral epitaxial growth for coalescence. The various steps of nano-ELOG are shown 

in Fig 2.8 [26]. Preliminary investigations showed threading dislocation densities as 
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low as 10
7
 cm

-2
 in GaN coalesced films on Si substrate.  This is notable considering a 

thickness of 2 µm for the coalesced GaN film [27]. 

 

 

 

 

 

 

 

 

Figure 2.8 Different stages of nano-ELOG GaN growth [26]. (NELO stands for 

nano-ELOG) 

The previous reports on nano-ELOG suggest that it is a promising method to 

improve the quality of GaN semiconductor materials for the commercialisation of 

GaN devices on Si/sapphire substrates [28, 29]. New additions on these 

achievements are the following two reports. The fabrication of phosphor free white 

light InGaN/GaN MQW based LED structures on nano-ELOG GaN has recently 

been reported by Soh et al [30]. The nanopatterning with embedded SiO2 mask 

enhanced the light extraction efficiency due to multiple scattering.  Very recently 

Fong et al [31] reported improved performance of the InGaN/GaN MQW LED 

structures fabricated on nano-ELOG layers. The nano-ELOG layer contributes to a 

twofold improvement in the LED performance, (i) by increasing the internal 

quantum efficiency due to reduction of threading dislocations and (ii) by increasing 

the extraction efficiency. The threading dislocation density estimated from 

(transmission electron microscopy) TEM measurements was 7.5 x 10
7
cm

-2
.  

However, most publications on the subject focus on the threading dislocation 

densities (TDDs) and there are only a few that analyse the optical properties of the 
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nano-ELOG GaN especially the spatial distribution of radiative recombination 

emission across such a coalesced layer. Hence a part of this thesis is devoted to the 

investigation of optical properties of a series of nano-ELOG GaN layers using high 

spatial and spectral resolution CL hyperspectral imaging technique.    

2.3.2 Coalescence of GaN nanocolumns 

Nanocolumns are self-organised one dimensional nanocrystals. GaN 

nanocolumns were first demonstrated in 1996 by Yoshizawa et al [32]. Following 

this several related researches on the growth of nanocolumns on Si, sapphire and SiC 

by RF-MBE, hydride vapour phase epitaxy (HVPE), MOCVD and the 

characterisation of their structural and optical properties were reported. The GaN 

nanocolumn layers showed very intense luminescence emission with intensity many 

times higher than that of standard MOCVD grown GaN layers. This can be mainly 

attributed to their nanocolumn character. Their almost dislocation free nature 

introduces higher internal quantum efficiencies and the one dimensional 

nanostructure enhances the light extraction efficiency. Thus GaN nanocolumns are 

expected to be key technologies for realising nanometre scale photonic and electronic 

devices. [33].  

Because of the very high structural and optical quality of GaN nanocolumns, 

it is possible to obtain a GaN epitaxial layer with potentially little or no stress and 

very few dislocations if the tops of such relaxed and dislocation-free GaN 

nanocolumns are coalesced by lateral growth. Nano-ELOG based on nanocolumns 

was first described by Luryi and Suhir [34]. Three approaches have so far been 

reported for the coalescence of GaN nanocolumns: (a) an all MBE route, involving 

coalescence overgrowth of MBE grown GaN nanocolumns by switching from N-rich 

to Ga-rich conditions [35]; (b) an all MOCVD route [28], involving coalescence 

overgrowth of GaN nanocolumns fabricated using a nano-imprint lithographic 

patterning and (c) growth of GaN nanocolumns by MBE following by an MOCVD 

overgrowth [36]. 

Tang et al reported the coalescence overgrowth of GaN nanocolumns on a Si 

(111) substrate with MOCVD. The cross-sectional CL spectroscopy revealed the 
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more efficient radiative emission from the coalesced layer than from the nano-

column layer, showing the high optical quality of the coalesced layer [37]. The TD 

density of the coalesced GaN layer over the nanocolumns of ~ 10
8
 cm

-2
 and the 

improvement in crystal quality of the coalesced layer with increase in thickness of 

the layer is also reported [38].  

The coalesced GaN nanocolumn layers on Si substrates described in  

chapter 5 of this thesis are obtained by combining MBE and MOCVD approach, i.e 

utilising the third method mentioned above and their optical properties are 

investigated. These samples were prepared at the University of Bath. Self-assembled 

GaN nanocolumns are produced by MBE on a Si [111] substrate, and then serve as 

seeds for nano-ELOG by MOCVD. The optical properties of the coalesced GaN 

nanocolumn layers using high spatial resolution cathodoluminescence hyperspectral 

imaging technique is discussed in detail in Chapter 5.  

2.3.3 Semipolar/nonpolar InGaN/GaN QWs 

The significance and advantages of semipolar/nonpolar III-nitride 

semiconductor heterostructure growth have already been discussed in section 2.2. 

Advantages of using nonpolar or semipolar LEDs are not only reducing quantum 

confined stark effect related effects but also making a polarised light source which is 

important in applications such as LD and liquid crystal display (LCD) back light 

module [39].  There are three main approaches for the fabrication of semipolar 

InGaN/GaN QWs. These include the growth of a GaN epilayer on spinel (MgAl2O4) 

substrates [40], on bulk GaN substrates [41], and on the sidewalls of pyramidal or 

ridge GaN structures created on planar polar GaN surfaces using selective area 

epitaxy [42]. GaN grown on spinel substrates suffer from high density of threading 

dislocations and stacking faults. The use of bulk semipolar GaN substrates is 

prohibited by high wafer cost and small substrate size. On the other hand, the SAE 

technique can create semipolar planes on polar GaN surfaces and  is a promising 

technique for creating high quality semipolar (1011), (1122)   or nonpolar (1120) 

facets on (0001) GaN [1, 25].  

Most of the reports on faceted GaN microstructures are on the micron-scale, with the 

minimum mask window openings in the range 1– 6 µm with a spacing of 5 to 20 µm. 
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But as far as any large area LED application of light emission from QWs grown on 

semi- or non-polar facets is considered, there is a need to maximise the emissive area 

by reducing the separation between the growth islands, i.e by fabricating QWs on 

nanopyramids. The semipolar {1011} InGaN/GaN QWs described in this thesis 

[Chapter 6] are all fabricated on facets of GaN nanopyramids.  The advantages of  

faceted geometry are (i) reduced piezoelectric fields (ii) increase in the effective area 

(iii) good light output etc.  Experimental and theoretical study demonstrated that the 

low dimensional structures contain low defect density, thus reducing the nonradiative 

recombination centres and increasing internal quantum efficiency of GaN based light 

emitting diodes. Nanostructures i.e. nanopyramid arrays offer additional strain 

relaxation afforded by the presence of the additional free surface. This strain 

relaxation should enable more indium to be incorporated into the active layers, 

therefore expanding emission spectrum of GaN based LEDs [25]. Thus, fabrication 

of GaN based nanostructures is important for improving the semiconductor device 

performance.   

There are only a few reports for the semipolar InGaN/GaN QWs fabricated 

on the nanofacets of hexagonal pyramids. The available literature is summarised 

below. Keyan et al fabricated the {1011} InGaN/GaN MQWs on the nanofacets of 

hexagonal nanopyramid formed on top of the GaN nanorods of ~ 60 nm diameter. 

Higher InN incorporation and higher PL emission intensity is observed in 

comparison to c-plane grown InGaN/GaN QWs and is attributed to the strain 

relaxation effects in nanostructures, reduced dislocation density and high light 

extraction efficiency due to nano-patterning [43]. Yu et al reported the fabrication 

and optical properties of semipolar InGaN/GaN MQW deposited on the facets of 

high density self assembled nanostructured semipolar GaN pyramids, based on c-

plane GaN template. InGaN/GaN MQWs were fabricated on the facets of self-

formed nanopyramids having the dimension of 100-200 nm and with two types of 

semipolar planes (1011) and (1122). The analysis of optical properties by PL 

spectroscopy revealed a remarkably reduced internal electric field and higher internal 

quantum efficiency (>30 %) from these nanostructured semipolar MQWs [44]. In 

both these cases, though the very high density of nanostructures were realised, they 

were not quite uniform and resulted in broad PL emission which would affect the 
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device performance adversely. Kim et al [45] reported the InGaN MQWs emitting in 

the yellow region fabricated on (1122) facets of nanoscale GaN hexagonal pyramids. 

Effective suppression of InN localisation (absence of S-shape as a function of 

temperature) and piezoelectric field is attributed mainly to the nanosize and 

semipolar nature respectively. But the report lacks a spatial distribution analysis of 

QW emission to verify how InN incorporation and well width varies across the 

nanopyramids compared to their micron scale-dimensions. Though (1122) plane is 

remarkable in terms of InN incorporation, they are not thermodynamically stable 

under the InGaN growth conditions and QWs grown on these planes can be quite 

non- uniform. On the other hand the semipolar (1011) facets making an angle of 62
0
 

with respect to the c-plane have reduced quantum confined stark effect and 

thermodynamically stable for MOCVD growth conditions.  

The InGaN QWs investigated in this thesis are all fabricated on {1011} facets 

of nanopyramids which are uniformly patterned in size and shape and the obtained 

emission spectral width is better than the published reports mentioned above. The 

growth details of the samples are described in Chapter 6. A detailed analysis of 

nonpolar and semipolar QWs fabricated on such nanopyramid facets is challenging 

because of their small dimension. However we have obtained spectrally and highly 

spatially resolved (~15 nm) luminescence information from these nanostructures. 

This yields information such as which facets emit in a particular wavelength region, 

how the indium incorporation in these nanopyramids can be compared to that of 

micron scale pyramids and how the strain on the GaN template pyramids affects the 

indium incorporation in the QW layer etc. This information is important to realise 

white light generation from the InGaN/GaN LEDs fabricated on these nanofacets as 

this would allow growers to modify the growth conditions of these nanopyramids 

without the use of phosphors which is the most efficient  method to efficient white 

light generation.  

2.3.4 AlInN epilayers 
 

AlInN is the least explored ternary compared to AlGaN and InGaN, mainly 

because of the difficulty in the growth of high quality AlInN alloy epilayers. This is 

due to the spinodal phase separation phenomenon caused by the difference of lattice 
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parameters, bonding energy and the optimum growth temperature between InN and 

AlN [46]. The first growth of AlInN was done by Starosta and a linear relation 

between the composition and the lattice constant was reported [47]. Presently AlGaN 

is the standard material for optical engineering of GaN devices and deep-UV emitters 

are currently being developed using AlGaN as active layer. However, because of the 

cracking issues and strain relaxation issues most of the reports on AlGaN/GaN 

distributed Bragg reflectors (DBRs) and LDs use AlN contents below 30 %. In 

contrast, pure AlN layers cannot be employed effectively because of the lack of an 

appropriate barrier material for carrier confinement. GaN based optoelectronics need 

a high-index contrast and high-bandgap lattice matched material. AlInN alloys with 

indium content between 14-22 % which are within a +0.5 % lattice mismatch to GaN 

are of special interest if they prove to exhibit a sufficiently high bandgap and 

refractive index contrast with GaN, so that these alloys can be employed as the active 

and cladding layers with no strain in the light emitting diodes and laser diode 

structures operating from the deep UV region to an infrared region [46, 48]. 

Lattice matched AlInN/GaN heterostructure based highly reflective (>99 %) 

DBRs and high electron mobility transistors with high two-dimensional electron gas 

(2DEG) sheet carrier density and mobility of upto 1760 cm
2
/Vs are reported [49-51]. 

Senda et al reported that AlInN is more suitable than AlGaN for UV photodiodes 

with a cut-off wavelength in the UV-C range [52]. Despite the numerous applications 

of AlInN, the luminescence characteristics are not widely investigated compared to 

InGaN and AlGaN. Therefore it is worth investigating the optical properties of 

AlInN alloys. Understanding the compositional dependence of the bandgap is 

necessary in order to fabricate AlInN/GaN based optoelectronic devices as carrier 

confinement largely depends on the bandgap values.  

Kubota et al reported for the first time the bandgap energy of the ternary AlInN and 

demonstrated that lattice matched AlInN has a bandgap energy of 3.34 eV [53]. 

Onuma et al reported recombination dynamics of localised excitons in AlInN 

epitaxial films on GaN templates grown by MOCVD. The integrated PL intensity at 

300 K was as strong as 29 % of that at low temperature, showing the potential use of 

AlInN alloys as infrared to UV light emitters [54]. Wang et al reported the 
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composition dependent emission and absorption energies for AlInN with InN 

fraction varying from 0.13 to 0.24. A very large bowing parameter of 6 eV and 

Stokes shift of 0.4 to 0.8 eV were observed. The estimated bandgap using 

photoluminescence excitation spectroscopy is 3.9 to 4.5 eV [55]. Seppanen et al 

reported the highest value of luminescence emission of 5 eV from lattice matched 

AlInN grown on Ti0.2Zr0.8N on single crystal MgO (111) substrates by Magnetron 

Sputter Epitaxy [56]. Sakalauskas et al reported a detailed discussion on band 

structure and valence band ordering in Al rich AlInN alloys pseudomorphically 

grown on GaN for the InN molar fraction of 0.143 to 0.242 [57]. Preparation of a-

plane AlInN and their polarisation resolved emission and absorption measurements 

were recently reported by Laskar et al [58]. 

As a part of this thesis, the optical properties of a set of c-plane AlInN 

epilayers with InN molar fraction ranging from 14-20 % is investigated using the 

non-imaging mode CL set up and Xe-lamp based PL spectroscopy. Along with 

emission characteristics, the bandgap and bowing parameter of the epilayers are 

obtained using photoluminescence excitation (PLE) spectroscopy. The sample 

structure and the experimental results are discussed in detail in Chapter 7. The thin 

(~100 nm) epilayers of c-plane AlInN described in this thesis were prepared at 

University of Cambridge.  

2.3.5 AlInGaN epilayers 

Deep-UV LDs and LEDs are useful for realising large capacity optical 

memory or long-life time fluorescent light. Moreover they are important in 

biochemical and medical fields. However there are some technical problems that 

prevent the realisation of UV devices. The most severe problems are: difficulty in 

obtaining efficient UV emission at room temperature (RT) from AlGaN QWs 

compared with InGaN QWs; difficulty in achieving p-type doping in high Al content 

AlGaN; and the lack of efficient exciton localisation which makes carriers very 

sensitive to the non-radiative recombination centres.  

However AlInGaN alloys are very important materials for the UV and deep 

UV range where Al rich AlGaN alloys have problems with low quantum efficiency 

and cracks due in part to lattice mismatch with GaN. The quaternary AlInGaN alloys 
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have the advantages such as strong spontaneous emission due to an enhanced 

radiative recombination of localised excitons / carriers at band tail states and better 

lattice match to AlN [59, 60].  The very intense UV emission at RT from AlInGaN 

has been utilised in fabricating efficient UV LEDs and LDs in the wavelength range 

340- 375 nm with InN content varying from 0.02- 0.05.  Light output powers of 

greater than 80 mW under pulsed current injection and power of 3.8 mW cw 

operation is also reported [61]. The application of AlInGaN quaternary for barrier 

layers in High Electron Mobility Transistor (HEMT) devices is also demonstrated 

[62].  It has been reported that introduction of InN ~ 5 % in AlGaN to form AlInGaN 

can considerably enhance the UV emission due to In segregation effects [63].  

With all these successful implementations of AlInGaN -based devices, the 

spatial distribution analysis of AlInGaN intrinsic emission has not been widely 

investigated. This is partly limited by the spatial resolution of the CL experimental 

set up. However such an analysis is worth undertaking as it would provide 

experimental support to the proposition of InN localisation effect in AlInGaN similar 

to InGaN epilayers.  As a part of this thesis, the spatial distribution of emission 

characteristics of a set of c-plane AlInGaN epilayers with InN molar fraction ranging 

from 1.8 to 4.3 % is investigated using high spatial resolution CL set up.  Large area 

luminescence emission measurements such as PL and PLE are also employed to 

study their optical properties. These samples were prepared at Fraunhofer Institute 

for Applied Solid State Physics (IAF), Germany. Thus the study on AlInGaN 

epilayers involves two main objectives: (1) to study the light emission and bandgap 

energy as a function of InN in AlInGaN; and (2) to investigate the spatial distribution 

of light emission from AlInGaN to see any effect of InN localisation.  

 

2.4 Summary 

The fundamental properties of III-nitrides relevant to the study discussed in this 

thesis are described. Previous reports on various III-nitride nanostructures such as 

nano-ELOG GaN, coalesced GaN nanocolumn, semipolar and nonpolar InGaN/GaN 

QWs fabricated on nanofacets, epilayers of AlInN and AlInGaN,- which are the 

heterostructures studied in this thesis – are reviewed. The main research challenges 
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and research objectives in each of these III-nitride heterostructures are discussed and 

stated.   
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Chapter 3 

Experimental techniques and 

principles 
 

 

3.1 Introduction 

Research on semiconductor materials requires various kinds of 

characterisation techniques for proper understanding of the material with a view to 

improving performance of devices and increasing the yield. This chapter gives the 

details of the characterisation techniques used in this thesis. The techniques used are 

photoluminescence (PL) and PL excitation (PLE) spectroscopy for investigating the 

luminescence properties; cathodoluminescence (CL) spectroscopy and CL 

hyperspectral imaging  for spatially resolved luminescence characterisation, 

secondary electron microscopy (SEM)  for visualisation of the surface morphology; 

and Rutherford backscattering spectrometry (RBS) to study the compositional 

properties. 

 

3.2 Optical characterisation 

The main objective of this thesis is the characterisation of nanostructured III-nitride 

light emitting structures. To explore the optical properties of these structures, the 

luminescence properties and excitation mechanisms are studied using PL and CL 

hyperspectral imaging technique. Luminescence in solids is a non-equilibrium 

process in which the electronic states of solids are excited by some energy from an 

external source and the excitation energy is released as light. When the excitation 

source is optical, the process is termed as photoluminescence. Electron beam induced 
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luminescence is called cathodoluminescence. Through the process of carrier 

recombination excited carriers return to their ground state after a given life time. In 

the process of radiative carrier recombination, light is emitted with energy equal to 

the difference between the ground and excited states and non-radiative carrier 

recombination process occurs through dissipation of thermal energy [1]. By 

analysing the spectral intensity and wavelength position in respective luminescence 

methods, important properties such as the bandgap energy, bound exciton emission 

energy and defect emission bands can be determined. The comparison of these 

optical properties with the measured compositional and morphological properties can 

yield important properties of the material under investigation.  

 

3.2.1 Photoluminescence spectroscopy 

Photoluminescence from semiconductors is the most commonly used 

spectroscopic technique. PL spectroscopy is useful for providing information on: (1) 

optical emission efficiencies, (2) composition of the material (i.e. alloy composition), 

(3) impurity content, and (4) layer thicknesses (i.e. quantum well thicknesses), etc 

[2]. Two setups are used to measure PL and PL excitation (PLE) spectra of the 

samples.  One PL setup uses a 325 nm Helium-Cadmium (He-Cd) laser line and the 

other PL/PLE setup uses a 1000 W Xenon lamp as the excitation source. Details of 

these setups are described in the following sections. 

 

3.2.1 (a) PL experimental setup 

 

A schematic representation of the PL setup using the 325 nm He-Cd laser is shown in 

Figure 3.1. A narrow band-pass interference filter near 325 nm is employed to 

remove plasma lines. The laser is focused onto the sample using a Schwarzschild-

type reflecting objective, which also collects the emitted luminescence. The PL 

signals from the samples are detected using a combination of a spectrograph (Oriel 

Instruments MS125
TM

, Model No. 77400, with an f-number of 3.7) and a 1024 x 255 

pixel silicon charge-coupled detector (CCD; Andor front illuminated Model DV420 

OE). The luminescence from the sample is focused on the 26 μm entrance slit of the 

spectrograph and reflected by two mirrors inside onto the surface of a diffraction 

grating which disperses the collected luminescence onto the CCD detector. A Schott 
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WG345 long-pass filter placed in front of the entrance slit of the spectrograph blocks 

any remaining 325 nm laser. The detector is cooled using a thermoelectric cooler to 

about -50 °C in order to reduce thermal noise. During the PL measurements, the 

signal from each vertical column of pixels in the CCD is integrated to obtain the PL 

intensity at a particular wavelength. Thus each column of the CCD acts as the output 

slit and detects the light dispersed at a particular angle from the diffraction grating. 

The width of each column in the CCD is 26 μm, which is matched to the entrance slit 

and helps to obtain signals with high signal to noise ratio.  

 

Figure 3.1 325 nm He-Cd laser PL spectroscopy setup. The blue lines show the 

excitation light path, the red lines represent the luminescence from the sample, part 

of which goes to the camera to check the position of the luminescence spot. 

 

All samples were mounted on sample holder made of aluminium inside a 

closed cycle helium cryostat. An oil based diffusion pump backed by a rotary pump 

creates the required vacuum. A Cryogenics CT1 helium compressor permits the 
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cryostat to be cooled down to around 15 K. In combination, the helium cryogenerator 

and a film heater which is connected to a temperature controller (Oxford Instruments 

ITC-4) control the temperature around the sample. A temperature sensor is used to 

monitor the temperature in the cryostat and provides feedback to the temperature 

controller. In this way, the temperature of the samples can be controlled in the range 

from 15 K up to  300 K. During the experiment, the position of the PL spot (~ 15 

µm) was fixed on a certain location on the sample as the temperature was increased 

in several steps up to room temperature. The spectral resolution depends on the 

wavelength and diffraction grating selected [3, 4]. Table 3.1 summarises some 

parameters of each grating used in this thesis.  

 

Table 3.1 Important parameters of the gratings used in the spectrograph. The spectral 

resolution data are obtained using a 26 μm entrance slit and 1024 element CCD 

array. The blaze wavelength is the wavelength at which the grating efficiency is 

maximum [5] 

 

 

3.2.1 (b) Photoluminescence excitation (PLE)/PL experimental setup 

 

 Photoluminescence excitation measurements are a widely used spectroscopic tool 

for the characterisation of optical transition in semiconductors. This technique is 

especially useful for studying the bandgap of epilayers grown on opaque substrates 

and thin epilayers, and is less dependent on the thickness of the material than direct 

absorption measurements. A typical spontaneous light emission process 

(luminescence) involves mainly three processes; (1) excitation of the valence band 

electrons to the conduction band (2) relaxation of non-equilibrium electrons and 

holes to their ground state (3) recombination of e-h pairs to produce luminescence.  

Line Density 

(lines/mm) 

Blaze 

wavelength 

(nm)  

Type  Spectral 

resolution  

(nm) 

Wavelength  

Range (nm) 

400 350/500 Ruled 1.2 200-800 

1200 350 Ruled 0.4 200-1000 

2400 400 Holographic 0.2 230-650 
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In PLE spectroscopy, the spontaneous emission from the sample is detected at fixed 

photon energy, typically at the lowest excitonic resonance. The intensity of this 

signal is then recorded as a function of the excitation frequency. When the excitation 

photon energy is less than the bandgap, the intensity of the luminescence is 

negligible, but it increases rapidly as the absorption edge is approached. The 

equivalence between PLE and absorption signals strongly depends on the assumption 

that the recombination times are much larger than the intraband relaxation times, i.e., 

the excited electrons and holes have enough time to relax completely into quasi-

equilibrium before recombining radiatively. In this case, the emission intensity at the 

lowest exciton becomes independent of the relaxation rate, and the PLE spectrum is 

approximated to the absorption signal [2, 6]. The difference between the excitonic 

peak positions in PL and PLE is known as the Stokes shift. 

To measure the PLE spectra and selectively-excited PL spectra, a wavelength 

adjustable excitation source is needed. The excitation source used is a short arc 1000 

W Xenon lamp with a quartz envelope and with output wavelength covering the deep 

ultraviolet of 220 nm to the visible wavelength range. The variation of excitation 

wavelength is achieved by scanning the excitation monochromator whereas the 

detection monochromator remains fixed at the desired position. The quartz envelope 

totally blocks the emission shorter than 220 nm, providing a short wavelength limit.  

A schematic representation of the PLE setup using Xe-lamp is shown in 

Figure 3.3. Light from the Xe-lamp is focused by a quartz lens onto the slit of a Jobin 

Yvon 0.25 m monochromator (excitation monochromator) that consists of a UV 

grating of 1200 lines/mm. Slit width determines the band-pass of the quasi-

monochromatic light from the excitation source. A narrow slit improves the band-

pass and hence the excitation spectral resolution; however this would lower the 

intensity of the output light. Hence, to make a trade off between the resolution and 

the excitation intensity, a slit width of 2 mm is selected, giving a band-pass of 

approximately 6 nm at 300 nm. The output from the excitation monochromator 

passes through a chopper (chopping frequency ~ 36.5 Hz) and is focused on the 

sample surface to a spot size of approximately 2 x 5 mm
2
. The sample is mounted on 

the cold head of a closed-cycle helium refrigerator on a moveable stage. An Oxford 
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Instruments ITC-4 Temperature Controller in conjunction with a heater and sensor 

inside the cryostat is used to measure and change the temperature. 

 

 

 

Figure 3.2 Schematic diagram of PLE/PL spectroscopy set-up using Xe lamp. The 

blue lines are the excitation light path and the red lines represent the luminescence 

from the sample. 
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Figure 3.3 Geometrical arrangement of the experimental setup for the polarisation 

resolved PL measurements 

Two quartz lenses are arranged in series to collect and collimate the 

luminescence from the sample and focus it onto the entrance slit of a McPherson 

0.67 m detection monochromator with 1800 lines/mm UV/visible grating (blazed at 

400 nm and working from 200-800 nm). The lenses are adjusted to maximise the 

amount of PL collected into the slit. The sample is mounted at an angle of 60° to the 

excitation beam to minimise the amount of specularly reflected excitation light 

entering the detection monochromator. A cooled photomultiplier tube (PMT) (Thorn 

EMI Gencom Inc. 3365) is used to detect the light dispersed by the detection 

monochromator. The PMT is connected via a Stanford SR570 current preamplifier to 

a Stanford SR810 DSP lock-in amplifier. The PL and PLE measurements are 

recorded using in-house software written by Dr. Paul Edwards, a colleague from our 

research group. 

All PLE spectra presented in this thesis have been corrected for the combined 

throughput of lamp and the excitation monochromator. This was performed by using 

a UV sensitive photodiode placed at the sample position. The spectral response of the 

photodiode was obtained from the supplier. Dividing the measured intensity by the 

sensitivity function, the excitation intensity as a function of wavelength could be 

obtained. This Xe-lamp setup is also used to perform PL measurements. In a PL 

measurement, the setup is the same, the only difference being that the stepper motor 

is now used to drive the detection monochromator whilst the excitation wavelength 

remains unchanged. Prior to acquisition of a PLE spectrum, a PL spectrum is 
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acquired in order to determine the detection energy at which the emission 

monochromator should be set. This setup is further modified to measure the 

luminescence anisotropy of c-plane AlInN epilayers. Figure 3.3 shows the 

measurement geometry for the polarised PL measurements, with PL being collected 

in a direction close to the c-plane of the sample (near edge luminescence is 

measured). Xe lamp is used as the excitation source and the excitation wavelengths 

used range from 260- 290 nm. The PL from the AlInN epilayers collimated using UV 

lenses is passed through a rectangular sheet of UV polariser [50 x 50 mm, 

transmission range: 280-450 nm, 01 WL 50 Comar systems] to resolve the emitted 

photons with electric field vector parallel to c-direction (Eǁc) and perpendicular to c-

direction (E┴c). A depolariser is inserted before the entrance slit of the emission 

monochromator to eliminate the polarisation dependence of monochromator 

sensitivity as shown in in Fig 3.2.  

 

3.3 Spatially resolved characterisation/luminescence 

Although PL/PLE spectroscopy is ideal for analysing light 

emission/absorption properties on a large area, in-depth optical characterisation of 

III-nitride nanostructures essentially demands the spatially resolved luminescence 

information as well. The spatial resolution achievable with far field optical 

techniques is diffraction limited to ~ 250-500 nm. This diffraction limit can be 

overcome by two methods; (1) reduction of wavelength of the probing source (2) 

employment of near field detection techniques. Moving to shorter photon 

wavelengths is difficult due to the lack of versatile lenses and mirrors beyond the 

ultraviolet. Near field scanning optical microscopy (NSOM) exploits near field 

detection technique to push the spatial resolution down to tens of nanometers (< 30 

nm) depending on the tip aperture size. The use of electrons as the probing source 

rather than photons, permits one to achieve much improved and higher spatial 

resolution of < 1 Å, since the de Broglie wavelength of electrons is well below 0.1 Å 

at electron beam energies above 20 keV. Thus electron microscopes are one of the 

the best choice for spatially resolved characterisation of nanostructures. In this thesis, 

the field emission gun scanning electron microscope (FESEM) and electron probe 
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microanalyser (EPMA) are used to obtain spatially resolved information on surface 

features, luminescence and composition of III-V heterostructures [7].  

 

When an energetic electron beam is incident on a target solid, the electrons 

interact elastically and inelastically with the specimen creating an interaction volume 

(depending on beam conditions) from which various types of radiation emerges. The 

generated signals include backscattered, secondary, and Auger electrons, 

characteristic and continuous X-rays, cathodoluminescence (long wavelength 

photons in the ultraviolet, visible, and infrared ranges) and beam induced currents in 

certain type of materials [8, 9]. By recording the magnitude of these signals with 

suitable detectors, a measure of certain properties of the specimen such as 

topography, composition, and luminescence can be studied from any area of interest 

of the specimen. Most commonly electron microscopes are used for imaging 

nanosized features using secondary electrons, but nowadays electron microscopes are 

modified to collect and analyse other inelastically scattered electrons as well to 

extract material information contained in them. In this thesis electron beam generated 

secondary electrons, and cathodoluminescence from III-nitride heterostructures are 

respectively exploited to study the surface morphology and optical properties. Figure 

3.4(a) and (b) show the various signals resulting from electron beam interaction with 

the solid and the depth from which the respective signals are generated.  
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Figure 3.4(a) Generalised illustration of various signals arising for electron –

specimen interaction and (b) the interaction volumes from which respective signals 

arise [10] 
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3.3.1   Field emission gun scanning electron microscopy (FESEM)  
 

An FESEM is used to visualise very small topographic details on the surface 

and hence ideal for studying the surface features/topography of III-nitride 

nanostructured light emitters. In standard electron microscopes, electrons are mostly 

generated by heating a tungsten filament by means of a current to a temperature of 

about 2800°C. In FESEM no heating source is employed. An extremely thin and 

sharp tungsten needle (tip diameter 10
–7

–10
-8

 m) functions as a cathode in front of a 

primary and secondary anode. The voltage between cathode and anode is in the order 

of magnitude of 0.5 to 30 kV. Because the electron beam radius produced by the 

field emission source is about 1000 times smaller than in a standard microscope, the 

image quality and spatial resolution is markedly better.  Electrons are liberated from 

a field emission source and accelerated in a high electrical field gradient. Within the 

high vacuum column these so-called primary electrons are focussed and deflected by 

magnetic lenses to produce a narrow scan beam that bombards the object. As a result 

secondary electrons are emitted from each spot on the object. The angle and velocity 

of these secondary electrons relates to the surface structure of the object. A detector 

catches the secondary electrons and produces an electronic signal. This signal is 

amplified and transformed to a video scan-image that can be seen on a monitor or to 

a digital image that can be saved and processed further [11, 12]. Four main 

components combine to produce the images from the sample: an electron gun, a 

demagnification unit, a scan unit and a detection unit. The electron gun, which is the 

source emitter, is already described above. The electron beam emitted by the electron 

gun is focused by the electro-magnetic lenses (condenser lens, scan coils, stigmator 

coils and objective lens) and the apertures in the column to a tiny sharp spot.  

3.3.2 Cathodoluminescence spectroscopy and hyperspectral imaging 

Since the most extensively used luminescence characterisation method 

employed in this thesis is the phenomenon of cathodoluminescence, this is described 

in detail in the following section. Cathodoluminescence is the phenomenon of 

emission of light (commonly wavelength ranges for λ = 200 nm to 2500 nm) by a 

solid material due to irradiation by an energetic electron beam. The mechanism of 

(electron-hole) e-h pair generation in CL is impact ionisation, a typical non-
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equilibrium process where one energetic charge carrier loses energy by the creation 

of other charge carriers [9, 13, 14].  

CL spectroscopy is the study of the spectral distribution of the emitted CL 

light signals. When the intensity of light emission is mapped in 2D space, this is 

termed as CL microscopy. Changes in CL spectra or intensity contrast in maps can 

lead to information about the alloy composition, intrinsic emission and/or defects 

distribution. Thus in combination, CL spectroscopy and microscopy are 

indispensable tools for the study of light emission from materials and the factors that 

improve or degrade it in the semiconductor and optoelectronic industries. The most 

common and versatile way to perform CL experiments is within a scanning electron 

microscope, specially equipped with some form of light collection and detection 

apparatus. In this thesis, CL measurements are performed using two custom built (by 

Dr Paul Edwards from our research group) high resolution CL setups: one attached to 

a field emission scanning electron microscope and a second lower resolution CL 

setup attached to a electron probe microanalyser.  

CL spectroscopy is also performed as a function of sample temperature in 

non-imaging mode in a vacuum chamber equipped with an electron source and an 

optical spectrometer. This CL setup is developed by Dr Carol Trager-Cowan from 

our research group. In all the cases, prior to CL measurements, computational 

technique of Monte Carlo (MC) simulation is performed using CASINO software to 

get an insight into the electron beam interaction volume [15]. The electron beam 

injected into the sample undergoes a series of elastic and inelastic scattering 

processes as discussed above. The trajectory as well as the angle of scattering is 

random, described by a computable statistical distribution. The MC simulation never 

represents the exact electron path taken by electrons in a sample but by averaging 

thousands or millions of simulated paths, a representation of the experimental 

interaction volume is obtained computationally. The interaction volume and 

simulated trajectories of electrons in 2 µm thickness GaN layer for electron beam 

voltage of 1, 3 and 5 kV are shown in Fig 3.5. 
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Figure 3.5 The electron beam trajectories in 2 µm thick GaN layer simulated by 

CASINO software for electron beam acceleration voltages of (1) 1 (b) 3 and (c) 5 

kV.  

3.3.2 (a) Types of CL experiments 

In addition to the highly spatially resolved 2D maps, other different types of CL 

measurements are also performed to study the uniformity of composition across 

different layers of the ternary and quaternary III-nitride alloys, to discern the nature 

of a particular transition in observed CL spectra and also to study the strain variation 

and the localisation effects.   

3.3.2 (a).1 CL as a function of electron beam energy 

The electron beam acceleration voltage or energy is the most obvious operating 

parameter that can be controlled to cause variation in the CL response. The lower 

electron beam energy CL experiments excite parts of the sample closer to the 

surface. With increase in electron beam energy more e-h pairs are injected into the 

deeper layer of sample and thus it is possible to depth profile the CL emission 

characteristics [14]. Figure 3.6 shows the electron beam energy deposition profile 

(using Monte Carlo simulation) for a GaN epilayer of thickness 800 nm for different 

electron beam energies. In this thesis, depth resolved CL measurements are 

performed for GaN epilayers coalesced above a nanocolumn and nanopyramid array 

to study the strain variation across the coalesced layer and also for AlInN/GaN 

heterostructures to track the compositional homogeneity and to differentiate the 

origin of different luminescence peaks. These voltage-resolved CL measurements are 

further verified by the complimentary technique of cross sectional CL spectroscopy 

and mapping, wherever possible.  

(a) (b) (c) 
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Figure 3.6 Electron beam energy deposition profile vs depth as a function of different 

electron beam energies. GaN layer of thickness 800 nm is considered as the sample.  

3.3.2 (a).2 CL as a function of electron beam current 

In current-resolved CL, the beam voltage is kept constant and beam current bI  is 

varied to reveal information about the physics of recombination processes. The 

theory of current-resolved CL originates from excitation power dependent PL 

measurements. Current-resolved CL measurements are performed for AlInN/GaN 

epilayers to study any band filling effects and also for semipolar and nonpolar InGaN 

QWs. For the InGaN QWs grown along polar c-direction, there exists an internal 

electric field of the order of MV/cm leading to QW emission red shift and decrease 

in radiative efficiency (QCSE) as discussed in chapter 2. With increase in excitation 

current, more e-h pairs are created and induce an electric field screening the built-in 

field, and hence the QW emission gets blue shifted. The amount of blue shift is a 

measure of the polarisation induced electric field experienced by the QWs. The peak 

energy shifts in InGaN QW emission due to changes in excitation current density are 

analysed to compare the polarisation induced electric field effects for QWs fabricated 

on different crystal orientations of facetted 3D GaN structures.  
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3.3.2 (a).3 CL hyperspectral imaging 

CL hyperspectral imaging is a uniquely valuable tool enabling the acquisition 

and storage of an entire CL spectrum from each imaging point of the sample under 

investigation [16]. A pixel in a conventional colour image typically contains 

information on the intensities of three colour channels: red, green, and blue. In 

hyperspectral imaging each sampled pixel contains an entire spectrum of data – the 

intensities of hundreds or thousands of individual wavelength channels. In more 

detail, hyperspectral image is a three dimensional data cube which contains both 

spatial and spectral information I (x,y,λ); the two spatial axes x and y corresponds to 

the co-ordinates of electron beam injection and scanning on the sample plane and the 

third a spectral axis corresponding to CL emission wavelength. The hyperspectral 

image is also known as a spectrum image, or a spectrum map [14, 17]. A typical 

image size in hyperspectral imaging is 256 x 256 pixels. In this thesis the 

hyperspectral images of III-nitride nanostructures are acquired using CHIMP 

software developed by Dr Paul Edwards. 

The hyperspectral image is formed by scanning the sample surface with a focussed 

electron beam and simultaneously recording the light emission spectrum from each 

pixel of the sampled region. Alternatively, larger area scans can be acquired by 

scanning the sample under a fixed electron beam. To be capable of acquiring a full 

spectrum from each pixel of an SEM image, fast electronics and detectors are 

necessary in hyperspectral imaging technique. Hence the detector side is setup by 

parallel spectroscopy using a CCD array which requires only tens or hundreds of 

milliseconds of dwell time to acquire each spectrum. Moreover, since the complete 

spectroscopic information is collected in a single electron beam scan, the parallel 

detection minimises the effects of electron-beam damage that could hamper the CL 

studies of nanostructures. In this thesis, the CL hyperspectral images are acquired by 

the CL setups attached to the EPMA and to the FESEM. The CCD on the EPMA has 

1024 pixels and each pixel is of 26 µm wide, whereas the CCD on the SEM has 1600 

pixel with each pixel width of 16 µm. The number of wavelength channels can be 

selected by binning (adding pixel columns together).  In CL hyperspectral imaging 

measurements described in this thesis, the dwell time varies for 0.05 s to 0.1 s, 

depending on the brightness of the samples under investigation. In conventional 
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spectrally resolved (monochromatic) imaging, a narrow wavelength band pass is 

used to obtain a CL image and most of the spectral response is lost inside the 

monochromator. The information in such monochromatic CL maps is limited to the 

intensity of a single wavelength band. Hyperspectral imaging  technique allows one 

to perform advanced data analysis methods such as multivariate statistical analysis, 

and nonlinear least squares (NLLS) fitting pixel by pixel yielding valuable 

information such as  2D distribution of peak intensity, peak energy and line width 

across a region of interest of the sample corresponding to each CL emission spectral 

band [18]. The principle of hyperspectral image acquisition is shown below in Figure 

3.7.  

 

 

 

 

 

 

  

 

 

 

 

 

 

Figure 3.7 The working principle of hyperspectral imaging [19] technique.  

3.3.3 EPMA- CL hyperspectral imaging setup 

The schematic of the CL setup attached to Cameca SX 100 EPMA is shown 

in Figure 3.8. Here, the exciting electron beam and the light collection geometry are 

normal to the sample surface. The CL signals from the sample, collected and 

collimated by a reflecting objective is focussed onto the entrance slit of a 12.5 cm 

spectrometer [Oriel MS125] which disperses the CL signal to a cooled Si CCD 
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detector [Andor DU420 –BU]. A built-in optical microscope coaxial and confocal 

with the electron beam allows optical monitoring of the samples during 

measurements. This system is capable of simultaneous mapping of composition 

distribution by wavelength dispersive X-ray spectroscopy (WDX) and CL signals, 

permitting the correlation of composition and luminescence over dimensions ranging 

from µm to cm. Depth-resolved CL spectroscopy and hyperspectral imaging for a 

coalesced GaN layer ~ (2 µm thickness) above an array of nanocolumns (Chapter 4) 

and nanopyramids (chapter 5) are performed using this CL set-up. Since the 

excitation beam current can be precisely varied from pA to µA, this setup is of 

special interest in experiments requiring exciting electron beam current resolution. In 

chapter 6 where the spatially resolved optical properties of InGaN QWs fabricated on 

the nanofacets of 3D GaN structures of specific crystal orientation are discussed, the 

excitation current density resolved measurements are performed using this CL setup  

to investigate the screening effect in QW emission peak shift due to electric field 

induced by excited charge carriers.  

 

 

 

 

 

 

 

 

 

 

 

Figure 3.8 Schematic of the CL setup attached to the Cameca SX 100 EPMA  

system [19]. 
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3.3.4. SEM CL hyperspectral imaging setup 

The schematic of the CL setup attached to the FESEM is shown below in 

Figure 3.9. Here the geometry of CL setup is different from that attached to EPMA. 

The normal to the sample surface is inclined (45
o
) to electron beam excitation 

direction and the horizontal axis of the reflecting objective (NA 0.28)  which collects 

and collimates the CL signals to a 90° off-axis paraboloidal shaped aluminium mirror 

through a quartz window. The reflecting objective is of Schwarzchild type which is 

useful in correcting the astigmatism, aberration and coma, whilst also having a long 

working distance and zero chromatic aberration.  The off-axis metal mirror directs 

and focuses the collimated CL to the entrance slit (100 µm or 25 µm) of 12.5 cm 

spectrograph (Oriel MS125). This disperses the luminescence to a 1 inch length 

electron multiplied CCD (EMCCD, Andor Newton) camera which forms the CL 

hyperspectral image described above. The electron multiplication (EM) technology 

implemented in the CCD chip allows for the magnification of the captured electron 

signal, resulting in the reduction of the effective readout noise. Thus EMCCD 

technology essentially enables to obtain high quality CL hyperspectral images and 

spectra from nanostructured light emitting heterostructures. The detector array used 

in our FESEM CL setup has the provision to be used both as a conventional CCD 

and as an EMCCD. 

The spatial resolution achievable with the CL setup attached to electron 

microscope is determined by 3 factors: (a) the electron beam size on the sample 

surface; (b) the interaction volume; and (c) the diffusion length of the minority 

carriers [18]. The electron beam size depends on the acceleration voltage, working 

distance and the beam current. In order to have small beam size, the acceleration 

voltage should be large, with a small working distance and low beam current. 

However, high value of acceleration voltage would degrade the spatial resolution. 

Hence to maximise the spatial resolution that can be achieved with the instrument, a 

trade off can be made between the acceleration voltage and the beam current to 

obtain good CL signal at a small possible beam size. Since the FESEM is capable of 

producing electron beams having spot size of ~ 1 nm the spatial resolution of CL 

hyperspectral images acquired on the FESEM CL setup is far better than that 
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attached to EPMA where the thermionic tungsten filament acts as the electron 

source. Moreover, the FESEM can perform well at low electron beam voltages 

compared to EPMA.  

With the EPMA CL setup the size limit of the features that can be resolved is 

> 100 nm whereas FESEM has been demonstrated to be able to resolve features as 

small as ~ 10 nm [20]. Furthermore, the objective electron lens in the FESEM is 

aberration corrected helping it to achieve a small spot at low electron voltages. A 

comparison of the Monte-Carlo simulation for electron trajectories in GaN for 

different acceleration beam voltages suggest that the lateral spread and penetration 

depth are approximately the same for a given beam voltage. Hence while mapping 

the CL signals from QWs, QDs, and thin epilayers of ternary and quaternary alloys, a 

lower beam voltage is selected to limit the interaction volume to the near-surface 

region. Donolato et al [21] has experimentally  confirmed that the diffusion of the 

minority carriers do not significantly affect the resolution of CL image as the density 

of e-h pairs falls off rapidly as one moves away from the generation region.  
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Figure 3.9 (a) Photograph of the CL se up attached to FESEM system and (b) its 

schematic arrangements of the optical components. EMCCD is the electron 

multiplying CCD camera.   

3.4 Composition Analysis 

Composition analysis is of significant interest especially that of alloys as the nano-

structural and optical properties are directly dependent on the composition. This 

section focuses on Rutherford backscattering spectrometry (RBS) and high resolution 

X-ray diffraction techniques (HR-XRD) used to investigate the composition of the 

ternary III-nitride alloys. The RBS measurements described in this thesis were 

performed by Dr. Katharina Lorenz together with her PhD student Sérgio Magalhães 

at the Instituto Tecnologico e Nuclea (ITN), Sacavém, Portugal. HR-XRD 

(a) 

(b) 
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measurements were performed by Dr Thomas Sadler at University of Cambridge and 

Dr. Lutz Kirste of Fraunhofer Institute for Appied Solid State Physics. 

 

3.4.1 Rutherford backscattering spectrometry 

Rutherford Backscattering Spectrometry (RBS) is a widely used nuclear method for 

the quantitative determination of the composition of a material and depth profiling of 

individual elements. RBS can perform quantitative measurements without the need 

for reference samples. It is a non-destructive technique, having good depth resolution 

of the order of several nm, and a very good sensitivity for heavy elements of the 

order of parts-per-million (ppm). During an RBS measurement, high energy [MeV] 

He++ ions are directed onto a sample and the energy distribution and the yield of the 

backscattered He++ ions at a given angle of the sample are recorded. The energies of 

the backscattered ions depend on the mass of the atoms from which they scatter 

(kinematic factor) as well as the depth at which the collision occurs (energy loss 

factor). The number of backscattered ions is proportional to the concentration of a 

given element. Since the backscattering crosssection is known for all elements, it is 

possible to derive quantitative depth profiles from the RBS spectra for thin films that 

are less than 1 µm thick [22]. Usually silicon solid state detectors are used in RBS 

measurements for the determination of the energy of backscattered particles. The 

ions create electron-hole pairs in the detector, which are separated by an applied 

electric field and create a charge pulse. The number of electron-hole pairs in this 

pulse is proportional to the ion energy [23]. RBS includes all types of elastic ion 

scattering with incident ion energies in the range 500 keV to several MeV. Usually 

protons, 
4
He, and sometimes lithium ions are used as projectiles at backscattering 

angles of typically 150- 170
0. 

Different angles
 
or different projectiles are used in 

special cases.  
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Figure 3.10 Schematic of an RBS setup [24] 

Figure 3.10 shows a schematic of an RBS technique. A computer program is used to 

fit the data to obtain both compositional and thickness information. The crystalline 

quality of a target sample can be determined by the RBS channelling technique. 

Target ions which are incident on the sample at an angle which corresponds to a 

particular crystal plane travel along the channel between the atomic rows and 

penetrate much further before backscattering. This effect is known as channelling 

[25, 26] and the corresponding spectrum is known as the channelling or aligned 

spectrum. This is then compared with the spectrum obtained when the ions are 

incident at an angle which does not correspond to any of the crystal planes, the so-

called random spectrum, as used above to obtain composition and thickness 

information. If the atoms within the target are displaced from their crystalline lattice 

site this will result in a higher backscattering yield in relation to a perfect crystal. The 

ratio of the backscattered yields from the two spectra gives a value for the crystalline 

quality denoted as  min and is usually quoted as a percentage. The lower the  min 

value, the better the crystalline quality. State of the art values of  min for GaN are 

around 2 % [27].  

3.4.2 High resolution X-ray diffraction (HR-XRD) 

X-ray diffraction is an important structural characterisation technique for crystalline 

material due to their periodic nature. The existence of Bragg diffraction peaks in the 

XRD spectrum is used to confirm the structure of the crystal. This non-destructive 
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characterisation technique can provide information on alloy composition, uniformity 

of epitaxial layers, thickness, built-in strain (tilt, twist stress), crystalline perfection, 

dislocation density and interface quality [28]. In this thesis, the XRD measurement is 

performed with the purpose of determining alloy composition and thickness of AlInN 

and AlInGaN epilayers. These are respectively discussed in chapter 7 and chapter 8.  

3.5 Surface roughness analysis 

 Surface roughness values of thin AlInGaN epilayers are discussed in Chapter 

8. These values were estimated using the method of X-ray reflectometry (XRR). 

XRR measurements were performed by Dr Lutz Kirste of IAF.  

3.5.1 X-ray reflectometry (XRR)   

This is a non-destructive and non-contact technique for measuring the surface 

topography/surface roughness of epilayers at sub-micron scales. This technique is 

also useful for thickness determination between 20-200 nm with a precision of about 

1-3 A
0
. The principle of XRR is, a short wavelength radiation is scattered effectively 

by a small-scale surface roughness [29]. The angular dependence of the scattered 

radiation intensities contains the information about the average geometric 

characteristic of roughness. For very flat surfaces with root mean square roughness in 

the range of several angstroms, XRR and Atomic Force Microscopy (AFM, the most 

commonly used technique for surface roughness determination) give similar 

roughness values [30].  

3.6 Growth of III-nitride heterostructures  

3.6.1 MOCVD 

It is very difficult to grow III-nitrides from their stoichiometric melts using 

techniques such as the Czochralsky or Bridgman technique commonly used for 

typical semiconductors. Because of the high bonding energy of the N2 molecule, the 

III-V semiconducting nitrides, especially GaN and InN, require high N2 pressures to 

be stable at the high temperatures necessary for the growth of high quality single 

layers. The typical melting conditions of binary III-nitride materials are shown in 
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table 3.2 below. Because of these extreme conditions they have to be crystallised by 

a method that allows bulk growth at low temperatures and pressures. With metal 

organic chemical vapour deposition and molecular beam epitaxy technique it is 

possible to grow high crystalline quality epilayers of binary and alloys of III-nitride 

compounds [28].  

Table 3.1  Melting temperatures of GaN, InN and AlN [28, 29] 

Binary compound Melting temperature 

(
o
C) 

GaN 2500 

InN 1900 

AlN 3200 

 

Metal organic chemical vapour deposition (MOCVD), also known as metal organic 

or organo- metallic vapour phase epitaxy (MOVPE, OMVPE) is the growth of thin 

layers of compound semiconducting materials by co-pyrolysis of various 

combinations of organometallic compounds and hydrides. This is the most widely 

used growth technology for III-nitrides, both for research and for commercial 

production of LEDs and LDs. MOCVD growth of epitaxial layers results in high 

material quality, interfacial abruptness between layers, luminescence efficiency, 

uniformity and throughput. Sources that are used in MOCVD for both major film 

constituents and dopants are various combinations of organometallic compounds and 

hydrides. The group III metal organics typically used are trymethyl aluminium 

(TMAl), trymethyl gallium (TMGa) and trymethyl indium (TMIn). The commonly 

used group V precursor is ammonia (NH3). The high bond energy of NH3 requires a 

higher growth temperature of about 1100°C for GaN. The sources are introduced as 

vapour phase constituents into a reaction chamber at approximately room 

temperature and are thermally decomposed at elevated temperatures by a hot 

susceptor and substrate to form the desired film in the reaction chamber. In order to 

prevent the growing III-nitrides from dissociating, very high V-III ratios and a high 
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flow rate of NH3 are necessary. The thermal decomposition of most metal organic 

precursors typically involves the sequential release of the methyl ligands by cleavage 

of the metal carbon bonds. The majority of NH3 is decomposed catalytically on the 

growing surface through dissociative adsorption in conjunction with adsorbed group- 

III compounds. The chamber walls are not deliberately heated (a ‘cold wall’ process) 

and do not directly influence the chemical reactions that occur in the chamber [29, 

30].    

A schematic of an MOCVD growth system is given in Figure 3.11. The 

growth of nitride semiconductors by MOCVD relies on the transport of 

organometallic precursor gases, hydrides for nitrogen source and reacting them on or 

near the surface of a heated substrate. The underlying chemical mechanisms are 

complex and involve a set of gas phase and surface reactions. The deposition of 

epitaxial nitride layers by MOCVD involves the reaction of metal-containing In, Ga 

or Al gases with ammonia.  

 

Figure 3.11 Schematic of MOCVD technique  

The overall chemical reaction in MOCVD,  
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R                - Hydrogen 

M                - Group III metal 

E          - Group V element 

n          - 3 for III-V growth 

For the GaN, Al(1-x)InxN and AlxGa(1-x)N growth, 

Ga(CH3)3 + NH3                 GaN + 3CH4 

xIn(CH3)3 + (1-x) Al2(CH3)6 + NH3             InxAl(1-x)N + 9CH4 

xAl2(CH3)6 + Ga(CH3)3                         AlxGa(1-x)N + 9CH4 

The vapour phase reactants RnM and ERn' are thermally decomposed at elevated 

temperatures to form the non-volatile product ME which is desposited on the 

substrate and the susceptor while the volatile product RR' is carried away by the H2 

flush gas to the exhaust. The above equation describes a simplified overall reaction 

and ignores any side reaction and intermediate steps [29].  

3.6.2 MBE 

MBE offers the possibility to grow epitaxial films on crystalline substrates with 

atomic layer precision. In MBE technique, thin films are formed in ultra-high 

vacuum (approximately ~ 10
-10

 Torr) on a heated substrate through various reactions 

between thermal molecular beams of the constituent elements and the surface species 

on the substrate. The composition of the epilayer and its doping level depend on the 

arrival rates of the constituent elements and dopants, respectively. The typical growth 

rate is ~ 1 µmh
-1

, or slightly more than one monolayer per second (MLs
-1

). As MBE 

growth occurs under conditions that are governed primarily by the kinetics, rather 

than by mass transfer, this allows the preparation of many different structures that are 

otherwise not possible to attain. Figure 3.12 shows a schematic of the MBE 

technique. 
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Figure.3.12 Schematic of the MBE setup  

 

In III-nitride growth by MBE, the metal species are provided by Ga, In, and 

Al metal sources, the dopants are provided by pure Si for n-type and Mg for p-type 

using conventional Knudsen effusion cells that are heated to sufficient temperatures 

for the desired growth rate, composition, and doping levels [30]. These Knudsen-

effusion-cells forms the “molecular beam” by thermal evaporation (for the group-III 

elements). Several approaches have been investigated for supplying an atomic source 

of nitrogen. RF plasma and electron cyclotron resonance (ECR) microwave plasma 

sources are the two most successful techniques. In these RF plasma MBE systems, 

the plasma source is used to crack molecular nitrogen. These plasma sources use 

cylindrical cavity geometry to efficiently pump microwave energy into the nitrogen 

discharge area. When using ECR sources, a tradeoff between growth rate and ion 

damage occurs. Under normal ECR use, the flux of the low energy reactive N species 

is so low that only low growth rates of 500 Å/hr can be achieved. At higher 

microwave powers, higher growth rates can be achieved, but ion damage leading to 

deep levels and semi-insulating electrical properties occurs. A major advantage of 

MBE for III-nitride growth is the low growth temperature that can be achieved 

because of the atomic nitrogen source. This is in contrast to MOCVD, which must 

employ high growth temperatures (>1000°C) to crack the ammonia molecules [31].  

The lower growth temperatures should result in lower thermal stress upon cooling, 
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less diffusion, and reduced alloy segregation. The low growth temperature also 

allows the system to grow abrupt heterostructures and superlattices with reduced 

solid-state diffusion, and there is additional flexibility in creating novel structures. 

However, MBE has several inherent drawbacks. The ultra-high vacuum requires 

multi-stage cryogenic vacuum systems. Deposition rates for MBE are relatively low 

compared to MOCVD. Furthermore, source material replacement and maintenance 

inside the ultra-high vacuum chamber is tedious and time consuming. This thesis 

includes two sets of samples that are prepared partly using MBE technique. In 

chapter 4 the optical properties of coalesced GaN nanocolumns are discussed and the 

GaN nanocolumns are realised by MBE technique. In addition, the AlInGaN 

quaternary layers described in chapter 7 were also prepared by the MBE technique.  

3.7 Summary 

The various characterisation techniques used in this thesis for obtaining high quality 

data from various III-nitride nanostructures are discussed. The basic principle and the 

experimental setup corresponding to photoluminescence, cathodoluminescence, CL 

hyperspectral imaging, Scanning electron microscopy, Rutherford-backscattering 

spectrometry etc were  discussed in detail. A brief description of the growth 

techniques such as MOCVD and MBE used for the growth of samples studied in this 

thesis were also included.   
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Chapter 4 

Cathodoluminescence studies of 

GaN coalesced from selectively 

grown nanopyramids 

 

4.1 Introduction 

GaN-based light emitting diodes (LEDs) and laser diodes (LDs) in the 

UV/blue/green wavelength range are necessary for applications like full colour 

displays, solid state lighting, short-haul optical communications, back lights for 

liquid crystal displays, laser printers and read-write laser sources for high density 

information storage [1, 2]. For the realisation of GaN-based next generation opto-

electronic devices with improved optical power, quantum efficiency and operating 

lifetime, reductions in threading dislocation density (TDD) are essential. The 

conventional technique of epitaxial lateral overgrowth (ELOG) used for reducing 

TDDs in GaN layers were already discussed in section 2.3.1 of chapter 2. The ELOG 

technique had reduced the TDDs on GaN-on-sapphire to ~10
6
 cm

-2 
[3, 4]. This 

micron-scale ELOG technique has attracted extensive attention since Nakamura et al. 

demonstrated blue laser diodes with lifetimes exceeding 10,000 hours on ELOG GaN 

in the 1990s [4, 5]. Theoretical and experimental studies show that further reductions 

in the TDD are possible if the ELOG technique is extended to the nanoscale, which 

is referred to as nano-ELOG [6,7] as discussed in section 2.3.1(a) of chapter 2.  

Zang et al. [8]  have reported dislocation densities down to 10
8
 cm

-2
 for  

a 2.5  m thick nano-ELOG GaN layer grown on a Si substrate by MOCVD. Wang 

et al [9] reported a TDD as low as ~ 10
7
 cm

-2
 for a 4  m nano-ELOG GaN layer 

grown over a nanoporous SiO2 mask. A high light extraction efficiency as well as 
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dislocation reduction for nano-ELOG GaN grown on a sapphire substrate has been 

reported by Chiu et al [10]. However there are not many reports that investigate in 

detail the optical properties of the nano-ELOG GaN layers. This chapter investigates 

the optical properties of a series of nano-ELOG GaN layers using high spatial and 

spectral resolution CL hyperspectral imaging. .  

4.2 Sample specifications and Experimental details 

The GaN layers were grown by MOCVD in an Aixtron AIX 200/4HT RF-S 

reactor, using both conventional and pulsed growth modes. A nanopatterned growth 

mask was fabricated from 100 nm SiO2 by nanoimprint lithography (NIL) on GaN 

templates grown on c-plane sapphire substrates. The nanopatterns are hexagonal 

arrays of circular pores with a diameter of about 200 nm and a pitch of about 450 

nm, giving a pattern fill-factor of ~ 50 %. In the conventional growth mode, gallium 

(group III) and nitrogen (group V) precursors are switched into the growth chamber 

simultaneously, whereas in pulsed growth mode the group V sources are 

intermittently supplied while the group III sources are supplied continuously. Pulsed 

mode MOCVD enhances the migration length of the group III species and promotes 

lateral growth [11, 12]. The results described in this chapter were obtained from three 

samples, A, B and C. Samples A and B are grown with 40 pulses to give a thickness 

of approximately 300 nm for the coalesced GaN layer, whilst twice as many pulses 

were used for sample C to give a thicker coalesced layer (~ 700 nm) of GaN. 

Samples B and C were grown with growth interruptions during the pulsed growth 

conditions [11].  

The light emitting properties of the samples were studied by room 

temperature CL hyperspectral imaging technique using two different set ups as 

described in section 3.3.2 of chapter 3. High spatial resolution spectrum images were 

collected using the field emission gun SEM and lower spatial resolution spectrum 

images were obtained in plan-view using the electron probe micro-analyser. A 

focussed electron beam is scanned across the sample surface and a room temperature 

CL spectrum is recorded at each pixel in a 2D map, using a 1/8 m spectrograph and 

cooled charge coupled device array. Voltage resolved CL spectroscopy was also 

performed using the CL set up attached to the electron probe micro-analyser.  
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4.3 Results and Discussion 

4.3.1 Surface morphology 

Figure 4.1(a) shows a representative cross-sectional secondary electron image 

of sample B. The cross-sectional images together with large area secondary electron 

images of partially coalesced regions (Figure 4.7(b)) indicate that the initial GaN 

deposition forms nanopyramids in the window regions [13]. The subsequent changes 

in the growth conditions favour the lateral growth and coalescence of these 

nanopyramids over the SiO2 mask, giving the formation of a thick continuous GaN 

layer [11]. Figure 4.1(b) shows planar secondary electron images of samples A, B 

and C. The surface of sample C appears to have more features than the others, with 

the presence of many closed loop like features having dark contrast and extending 

over the surface.  

 

Figure 4.1. (a) Cross-sectional SEM image for sample B, and SEM images of 

coalesced layer of GaN for samples (b) A, (c) B and (d) C. 

 



68 
 

4.3.2 Optical properties 

Depth resolved CL spectra from the samples are obtained by exciting the 

samples with different electron beam acceleration voltages varying from 3 to 15 kV. 

The electron beam energy deposition profile in a thick GaN epilayer is shown in Fig. 

4.2 (a) as a function of electron beam acceleration voltage. This is obtained by 

Monte-Carlo simulation for a fixed range parameter for the electron beam trajectories 

[14].  The peak of the electron beam energy distribution profile, for each electron 

beam energy voltage shown in Fig. 4.2(a) corresponds to the maximum energy loss 

within the GaN epilayer and can be associated with the formation of the maximum 

number of e-h pairs and hence the maximum CL signal generation. The depth 

corresponding to this maximum electron beam energy loss will be used for the depth 

scale in this chapter. Figure 4.2(b) shows the depths for the maximum CL emission 

as a function of beam acceleration voltage. The error bars represent the depth range 

within which 85 % of the maximum energy loss of the incident exciting electron 

beam occurs. The increase in size of these error bars with increase in acceleration 

voltage is commensurate with the broad nature of the electron energy loss profile 

[Fig 4.2(a)] within the GaN epilayer at higher electron beam voltages.  

 

 

 

 

 

 

 

Figure 4.2(a) Electron beam energy deposition estimated using Monte-Carlo 

simulation of the electron trajectories in a thick GaN layer (b) depth of maximum CL 

vs electron beam acceleration voltage with the error bars representing the range 

within which 85 % of the maximum electron beam energy loss occurs within the 

GaN epilayers. 
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Depth resolved CL spectra from sample B are shown in Fig. 4.3(a), revealing a red-

shift of the GaN near bandedge (NBE) emission peak with increasing electron beam 

penetration. The peak positions of the GaN peaks are fitted using Gaussian functions 

and plotted as a function of the depth of maximum CL for all three samples in Fig. 

4.3(b). As the depth of maximum CL increases, the peak energy is observed to 

redshift from the bandgap energy for bulk unstrained wurtzite GaN (3.42 eV) [15]. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 4.3 (a) CL spectra as a function of electron beam voltage for Sample B 

(b)peak emission energy vs depth of maximum CL for all three samples (c) line 

width and intensity of the CL emission peak for all three samples at an accelerating 

voltage of 10 kV. 
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It might be supposed that this indicates a reduction in tensile stress within the 

GaN layers towards their top surface, but later in this chapter we will show that 

energy shifts due to doping must also be considered. With sample C it was necessary 

to excite with a higher voltage electron beam (corresponding to greater depth) to 

generate a CL signal. The secondary electron image in Fig.4.1(d) indicates that 

sample C has a higher density of surface features, which may be causing a higher 

rate of non-radiative recombination in its near-surface layer. However, despite the 

lower radiative efficiency of the sub-surface layer in sample C all three samples 

show a very similar shift of peak energy with depth within the sample. A comparison 

of the CL emission intensity and line width for all the samples is shown in Fig.4.3(c) 

for electron beam energy of 10 keV. The maximum luminescence intensity and 

minimum line width are obtained for sample B, suggesting that this layer has the best 

crystal quality. The interpretation of the excitation energy dependent CL is 

confirmed by measurement of CL spectra from a cross-section of sample B (Fig. 

4.4(a) and (b)). The CL peak measured from below the mask region is red-shifted, by 

approximately 18 meV, compared to that from the coalesced region. It is noteworthy 

that the CL peak emission wavelength and FWHM are both very similar for the wing 

and seed regions. This observation is in contrast to the GaN NBE behaviour in 

micron-scale patterned lateral epitaxial growth, where the peak energy and FWHM 

of GaN NBE emission from wing and seed region differs [16]. Monte-Carlo 

simulations show that at 5 kV the CL comes from a volume approximately 120 nm in 

diameter, which limits the ability to compare intensities for the cross-sectional CL 

spectra from the different regions.  
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Figure 4.4(a) Cross-sectional SEM and (b) RT CL spectra for sample B excited using 

5 keV electron beam  

 

The values of the NBE exciton energies are known to depend on the built-in 

strain within the GaN layer, with GaN grown on sapphire generally under in-plane 

compressive strain. Although the stress due to the lattice mismatch between GaN and 

sapphire can be relaxed at a film thickness of less than several nanometers, a 

significant compressive strain builds up in the GaN layer during cool down from the 

growth temperature due to the difference in thermal expansion coefficients between 

the GaN and sapphire. As the film thickness increases the residual compressive strain 

in the GaN layer will decrease due to the formation of dislocations [17]. This 

compressive strain blueshifts the NBE energy compared to the value for bulk GaN 

and this shift is expected to increase with depth (from the surface) in a GaN-on-

sapphire sample. The observed redshift in band edge emission peak with increasing 

the depth of maximum CL in the samples in this study is therefore unexpected. 

Possible causes are discussed below. 

 To obtain spatially resolved luminescence information across the coalesced 

layers hyperspectral CL maps are acquired for all samples, using different electron 

beam energies to provide information as a function of depth. These hyperspectral CL 
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coalesced layer from sample C obtained for an electron beam voltage of 15 kV. The 

mapped region is shown by the white box on the secondary electron image 

[Fig.4.5(a)] and the intensity map reveals regions of intensity contrast of micron 

scale size. The bright spots have average diameters of 2-5  m, which indicates the 

size of the defect free regions in the coalesced layer.  

 

 

 

 

 

 

Figure 4.5 (a) Secondary electron image of the coalesced layer for sample C, 

(b) integrated intensity CL map of the coalesced layer shown in the white box in (a). 

The spatially averaged CL spectra collected from the mapped region show a 

single peak  similar to those in Fig. 4.3(a) and Gaussian peak fitting using a non-

linear least squares algorithm is used to generate maps showing the distribution of 

the peak height, centre energy and FWHM for the GaN NBE. Figure 4.6 shows depth 

resolved centre energy CL maps for sample A (8 kV and 10 kV) and a 13 kV map for 

sample C. The depth of maximum CL in GaN for electron beam acceleration 

voltages of 8, 10 and 13 kV are approximately 60, 100 and 130 nm, respectively, 

ensuring the excitation volume is confined, or nearly confined (considering the error 

bars as well in Fig 4.2(b)), within the coalesced GaN layers of the respective 

samples. Moreover, the depth range within which the maximum number of e-h pair 

formation occurs within the GaN epilayers as shown in Figure 4.2 (b) must also be 

considered. 
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Figure 4.6 Curve fitted centre energy maps of the GaN band edge CL emission at RT 

for the samples A (at 8 and 10 kV) and C (10 kV) for (a), (b) and (c) respectively. To 

make the energy shift clearer the same energy scales are used. (d) CL map showing 

the FWHM distribution for sample A for 10 keV electron beam energy. All images 

are 20 x 20 µm 

The CL maps reveal domain-like variations in peak energy ranging from 3.37 to 3.41 

eV, which can most likely be attributed to the effects of local strain. These can be 

related to the coalescence of GaN seeded from quite widely separated GaN 

nanopyramids [11]. This may also be a reflection of microstructure within the 

template below the mask region [18]. No significant variation in domain size with 

depth is observed for samples A and B. The corresponding integrated CL intensity 

maps also show micron-scale random variations in intensity which might be due to 

the random distribution of defects. It is worth noting that the FWHM maps 

corresponding to the GaN NBE emission show a variation of only 3-6 meV across 

the mapped 20 x 20  m area of the coalesced layer, with an example shown in Fig 

4.6(d). 

To study the effect of individual nanoholes in the selective growth mask on 

the luminescence properties, higher spatial resolution hyperspectral CL maps were 

acquired from sample A. The CL intensity map (acquired using an 8 kV electron 

beam) for the GaN near bandedge emission shows a hexagonal pattern (Fig.4.7(a)), 
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which likely corresponds to the hexagonal symmetry of the nanohole lattice 

arrangement. To correlate the features in this map with the underlying mask, a 

secondary electron image of a different region of the nanostructured sample, where 

the coalescence was incomplete, is compared to the band edge intensity map. The 

alignment indicates that the intensity of the bandedge emission is relatively higher 

for the regions of coalesced GaN above the growth mask compared to that from the 

regions directly above the growth window. Enhanced emission intensity from the 

regions above the growth mask would correlate with an improved crystal quality of 

GaN in the laterally overgrown wing region along with an intensity enhancement due 

to reflection of backward travelling light at the interface of the GaN and buried SiO2 

layer.  

 

 

 

 

  

 

Figure 4.7.(a) Bandedge CL emission intensity map for the sample A acquired using 

an 8 kV electron beam in a FESEM (b) secondary electron image from a different 

region of the nanopyramid array where the coalescence is incomplete,  
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affected by temperature, carrier concentration and the energy of the incident electron 

beam. The influence of the electron beam energy on the band edge emission peak can 

have two origins; one related to the penetration depth of the electron beam in the 

coalesced layer, which increases with beam energy, and second an excitation power 

induced peak shift.  Since low injection conditions are maintained for the CL 
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the sample surface, the possible factors contributing to strain variation are: (1) lattice 

and thermal expansion coefficient mismatch between the substrate and GaN, 

resulting in a residual compressive strain, (2) tensile strain due to the presence of Si, 

and (3) any stress arising due to coalescence effects.  The presence of high 

concentrations of silicon, possibly from the mask or n-GaN template, can influence 

both strain and carrier concentration in a GaN lattice and can contribute to a redshift 

of the NBE emission through bandgap renormalization (BGR). This is a reduction in 

the fundamental bandgap energy caused by doping densities in excess of about 10
18

 

cm
-3

 within GaN [19, 20]. Another direct effect of Si doping in GaN is the 

broadening of the PL/CL line width of the near band edge emission [19, 21].  

Substitution of Si in place of Ga in the GaN lattice might be expected to lead 

to tensile strain and a net contraction of the lattice as the Si atoms (~ 100 pm) are 

smaller than the Ga atoms (130 pm). Dadger et al [22] and Lee et al [23] have 

previously observed tensile strain in Si doped GaN layers. However, according to 

Romano et al [24], the tensile stress due to Si doping is not related to the change in 

lattice constant of GaN rather it is due to an increase in surface roughness (which 

increases with decrease in effective crystallite size) and crystallite coalescence. Since 

our nanopyramids (which coalesce to form the GaN epilayers) are of ~ 200 nm, size-

related effects could be significant. 

The observed shift in bandedge emission peak ( E ) is treated as a sum of the 

shifts due to strain, including that induced by Si, ( strainE ) and to the carrier 

concentration induced by the Si donors ( carrierE ) :  

carrierstrainbulkCL EEEEE           [4.1] 

Hence, estimation of carrierE enables an estimation of the strain induced GaN peak 

shift in the coalesced layers.  

The carrier concentration in these layers can be estimated using data for the 

PL FWHM of Si-doped GaN published by Yoshikawa et al. [25], Lee et al. [19] and 

Schubert et al. [26]. The following power law dependence is generated by combining 

the FWHM and Si concentration data in these three reports:  
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3/212104.849)( nmeVFWHM     [4.2] 

where   is the carrier density. This expression does not include any strain 

dependence of the GaN CL line width, which is expected to be very small [21, 27]. 

This is supported by the CL maps of these samples, where the GaN FWHM varies by 

only ~ 3 meV whilst the corresponding peak energy shifts by about 30-35 meV 

[Fig.4.6(d)]. 

Figure 4.8(a) shows the variation of the FWHM estimated from the CL 

spectra for the three samples as a function of depth of maximum CL. Equation 4. 2 is 

used to estimate carrier concentrations from these FWHMs, with values varying from  

9.6 × 10
17

 to 7.6 × 10
18

 cm
-3

.
 
The carrier densities increase with the depth of 

maximum CL up to a depth of about of 70 nm (corresponding to an electron beam 

voltage of ~ 8 kV). When the depth range of CL excitation is considered, the 85 % 

range in Figure 2(b), it is seen that this corresponds to the region of excitation 

approaching the SiO2 mask. Beyond this the carrier densities reach a plateau.  These 

carrier concentrations are sufficient to shift the  GaN  bandgap energy via BGR. The 

bandgap reduction due to BGR can be estimated using the following relation, 

31/

carrier KnE        [4.3] 

where K  is the BGR coefficient and n  the electron density. Lee et al [19] have 

reported BGR coefficients of -1.38 × 10
-8

 and -2.1 × 10
-8

 eV cm for moderately and 

heavily compensated Si doped GaN layers, respectively. Based on the estimates of 

the Si doping density in the coalesced layers in the region just above the growth 

mask, the BGR coefficients for samples A, B and C are calculated to be -2.27, -2.05 

and -2.31× 10
-8

 eV cm, respectively.  Figure 4.8 (b) shows the BGR redshift in band 

edge CL peak position due to the raised carrier concentrations and the measured 

redshift E   (from Fig.4.3(b))  as a function of depth. In all samples the shifts reach 

values close to, or exceeding, 40 meV as the excited region reaches depths close to 

the SiO2 masks. Thus bandgap renormalisation will account for a large proportion of 

the observed redshift. Moreover, a comparison of the measured shift and BGR shift 
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reveals that at each depth of maximum CL, the corresponding biaxial strain shift  

 ( strainE  in Equation 4.1) in bandgap energy should be positive; implying prevailing 

compressive strain at each depth from the sample surface. The obtained BGR redshift 

values are comparable to the values reported previously for Si doped GaN [19, 25]. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 4.8(a) Room temperature band edge CL linewidth and (b) bandgap narrowing 

shift and measured shift vs depth of maximum CL for the three samples. 
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These BGR shift values are then used to quantify the CL band edge emission 

peak shift due to biaxial strain by subtracting the estimated BGR shifts from the total 

shift. The resulting shifts due to biaxial strain are plotted in Fig.4.9. For the thinner 

samples there is a peak in the strain induced shift at the excitation energy that 

corresponds to a depth of maximum CL reaching down to the buried mask, when the 

85% range is taken into account. The positive strain shifts, corresponding to 

compressive strain, decrease for lower penetration depths giving the expected strain 

relaxation towards the surface. Further, the observed positive strain shifts imply that 

the residual compressive strain dominates the tensile strain due to the presence of Si.  

 

 

 

 

 

 

 

 

 

 

Figure 4.9 Biaxial strain shifts for the three samples as a function of depth of 

maximum CL. The dashed line extends the plot for sample C to the two simulated 

data points, as described in the text. 
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a penetration depth somewhat deeper than in samples A and B. Thus two extra points 

have been simulated for sample C, corresponding to low excitation depths, by 
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continuing the trend of bulkCL EE   vs depth of maximum CL and assuming a similar 

drop of carrierE  towards the surface as in samples A and B. The result is a strain shift 

plot of similar overall shape to the thinner samples but with a  peak occurring at a 

greater depth, as might be expected in the thicker sample. 

4.4 Summary 

Nanoscale epitaxial lateral overgrowth of GaN has been carried out on a GaN 

sapphire template by MOCVD using nanopatterned SiO2 as the mask material. The 

room temperature depth-resolved CL bandedge emission spectra from coalesced 

GaN layers are redshifted from the bandgap energy for bulk unstrained GaN. 

Analysis of the FWHM of the GaN bandedge emission provides estimates of carrier 

induced red-shifts, which are found to have maxima (near 40 meV) at the point 

where the extent of the excited region approaches the SiO2 mask region. This 

suggests that this effect is due to the diffusion of Si from the mask material into the 

GaN. The energy shifts due to strain are estimated and the expected positive values, 

reducing towards the surface, are recovered. Spatially resolved CL maps show 

micron-scale domain-like variations possibly reflecting the microstructure of the 

template below the growth mask.  
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Chapter 5 

Cross-sectional and plan-view 

cathodoluminescence of GaN 

partially coalesced above a 

nanocolumn array 
 

 

5.1 Introduction 

A brief introduction to the GaN nanocolumns and their epitaxial overgrowth 

was given in Chapter 2. This chapter describes the study of optical properties of such 

a coalesced GaN layer above an array of GaN nanocolumns. The high quality optical 

data on these samples are obtained using CL hyperspectral imaging as described in 

Chapter 3. The growth of GaN on Si substrates is of significant interest because of 

the potential for use of large area substrates and integration with electronic devices 

along with advantages such as low cost, wide availability and high thermal 

conductivity [1, 2]. GaN-on-sapphire and GaN-on-SiC are currently the leading 

combinations for commercial high brightness blue/green/white LEDs and III-nitride 

wireless/RF products. GaN-on-silicon has yet to really make its mark on either of 

these industries, but is the most promising material combination for achieving high 

device performance from growth on a low cost, large diameter platform. However, 

the growth of high quality GaN on Si is challenged by the large lattice (16.9 %) and 

thermal expansion coefficient (56 %) mismatches, which result in high densities of 

threading dislocations and tensile stress in GaN epilayers. GaN substrates with fewer 
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threading dislocations are highly desirable for fabricating high-performance III-

nitride devices and also for next generation laser diodes (LDs). Growth processes 

utilizing epitaxial lateral overgrowth (ELOG) have proved significant in reducing 

dislocation densities and improving optical and electrical properties [3] as described 

in section 2.3.1 of Chapter 2. However, TD densities < 10
-6

cm
-2

 have not been 

achieved so far using this technique and high performance devices are fabricated 

only on the ELOG “wings”. 

   Nano-ELOG involving lateral overgrowth at the nanometer scale, 

developed to overcome the limitations of the conventional ELOG techniques and to 

reduce the dislocation density to below 10
-6

cm
-2

 was already described in section 

2.3.1(a) of Chapter 2. GaN nanocolumns are one dimensional columnar 

nanostructures with high crystal quality and can possess improved optical properties 

due to their dislocation-free nature [4]. If the tops of such relaxed and dislocation-

free GaN nanocolumns are coalesced by lateral growth, a GaN epitaxial layer with 

potentially little or no stress and very few dislocations can be obtained. This chapter 

discusses the optical properties of partially coalesced GaN nanocolumns on a Si 

substrate. Self-assembled GaN nanocolumns are produced by MBE on a Si [111] 

substrate, and then serve as seeds for nano-ELOG by MOCVD. The optical 

properties of the partially coalesced layers are investigated using high spatial 

resolution cathodoluminescence hyperspectral imaging to provide visualisation of the 

microstructure, information on the local luminescence and tracking of the strain 

variation across the coalesced layers. Collecting such data from cross-sections 

provides information as a function of depth within the grown layers. 

5.2 Sample specifications and Experimental details  

Growth of GaN nanocolumns on Si was carried out in an RF-MBE systems 

having two Ga sources configured with different angles towards the growth 

substrate. NH3 was used as the nitrogen source to grow layers of GaN and AlN. Prior 

to growth the Si (111) substrate was heated to 950
o
C for 60 minute for thermal 

cleaning, followed by a 60 minute surface nitridation at 1023
o
C. The AlN buffer was 

deposited for 30 minutes at 850
o
C.  The substrate temperature was then raised to 
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900
o
C and the GaN nanocolumn structures were grown for 2 hours using the two Ga 

sources. 

Coalescence of the GaN nanocolumns was conducted in an Aixtron 200/4HT 

RF-S MOCVD reactor. The combined conventional growth mode, i.e. when gallium 

and nitrogen precursors are switched into the growth chamber simultaneously, and 

pulsed growth mode was applied [5]. Under the conventional growth mode, a growth 

temperature of 1150 ºC, reactor pressure 100 mbar, V/III ratio in the range of 500-

10000, and the growth time corresponding to nominal planar growth for 2 µm GaN 

were used. The pulsed growth was employed to achieve the fast lateral growth in the 

early stage of coalescence. H2 was used as carrier gas in all the growth experiments. 

 

The surface and cross-sectional morphology of the partially coalesced 

nanocolumns were studied by field emission gun scanning electron microscopy 

(FESEM) as described in chapter 3.  The light emitting properties were investigated 

by spatially and spectrally resolved room temperature CL setups attached to two 

different electron microscopy systems. High spatial resolution CL maps were 

collected from an angled sample using the FESEM and lower spatial resolution CL 

maps were obtained in plan-view using the CL setup attached to a Cameca SX100 

electron probe micro-analyser (EPMA). Detailed descriptions of these two set ups 

were given in chapter 3. The application of appropriate mathematical methods to CL 

hyperspectral, three dimensional data set I (λ, x, y), was used to extract the spatial 

distribution of peak intensity, peak energy and FWHM across the mapped region.  

5.3. Results and Discussion 

5.3.1 Surface morphology 

The plan-view secondary electron image (Fig. 5.1(a)) of the top GaN layer 

reveals that the surface of the overgrown epilayer is not continuous, rather 

constituted by a number of sub-μm scale domain structures with distinct grain 

boundaries. The misalignment of adjacent GaN nanocolumns with respect to each 

other can possibly account for this incomplete coalescence with distinct grain 

boundaries. The cross-section SEM image, in Fig.5.1(b), shows the layer of GaN 
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nanocolumns, approximately 500 nm in height, which then merge into larger 

columns giving an overgrown layer of  partially coalesced GaN, about 2 μm in 

thickness.   

 

 

 

 

 

 

Figure 5.1(a) Plan-view and (b) cross-sectional SEM images of the partially 

coalesced GaN nanocolumns. 

5.3.2 Plan view CL hyperspectral imaging 

A plan-view integrated intensity CL map from the partially coalesced 

nanocolumns acquired with an electron beam energy of 10 keV using the CL setup 

attached to the EPMA is shown in Fig.5.2. The penetration depth (the depth at which 

the energy density of the incident electron beam has reduced by 90%) estimated 

using Monte-Carlo simulation is 370 nm for this electron beam energy and is thus 

confined well within the partially coalesced layer. The CL emission intensity [Fig 5.2 

(b)] is not uniform across the partially coalesced layer and shows strong contrast 

between dark and bright regions. Figure 5.2(c) shows the mean CL spectrum for the 

mapped region in Fig. 5.2(a) and presents two peaks at 3.41 eV and 3.19 eV. The 

3.41 eV peak corresponds to near band edge (NBE) emission and indicates a slight 

tensile strain in the partially coalesced GaN layer, by comparison with the NBE of 

bulk unstrained wurtzite GaN bandedge emission of 3.42 eV [6].  

 

 

 

 

 

(a) 

2 µm 

(b) 
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Figure 5.2(a) Secondary electron image of the partially coalesced GaN layer. (b) 

plan-view integrated intensity CL map from the partially coalesced GaN 

nanocolumns layer (b) mean CL spectrum from the mapped region. 

 

The peak appearing at 3.19 eV is most likely related to donor-acceptor pair (DAP) 

recombination. The most common donor species in GaN are O and Si, behaving as 

shallow donors. Although oxygen is not a usual contaminant in MBE growth, Si 

contamination is possible when using a Si substrate and Si-based mask material. In 

both MOCVD and MBE techniques, carbon is the most common residual acceptor 

(b) (a) 

(c) 
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contaminant [4]. However, since the nanocolumn growth occurs under nitrogen rich 

conditions, the formation of Ga vacancies acting as acceptors is also likely.   

 

Gaussian peak fitting to the individual CL spectra from each pixel, using a 

non-linear least squares (NLLS) algorithm, is used to generate maps showing the 

distribution of peak height, centre energy and FWHM for both GaN near band edge 

emission and the DAP emission, as shown in Fig. 5.3. The CL intensity maps [Fig. 5. 

3(a) and (d)] show the distribution of the NBE and DAP emission respectively. Both 

are localised and randomly distributed and, importantly, these variations occur on a 

length scale much larger than that of the nanocolumn array. The spatial variation of 

the DAP emission indicates an inhomogeneous distribution of impurities across the 

partially coalesced surface and it is noteworthy that there is a contrast difference 

between the domain centre and boundaries.   

The GaN bandedge centre energy CL map (Figure 5.3(b)) reveals micron-

scale domain-like variations in peak energy, which can be attributed to the effects of 

the micron sized domain structures seen on the plan- view SEM. The effects of strain 

and/or doping can have a contribution to this variation in NBE CL emission. The 

thickening of GaN nanocolumns occurs by the merging of neighbours during the 

MOCVD overgrowth process and, together with minor misalignments between the 

adjacent coalesced regions, can cause strain in the partially coalesced layer.  CL 

maps taken at different electron beam energy, to provide some depth resolution, 

indicate that there is no significant variation in domain pattern with depth, for either 

intensity contrast or peak energy. The CL maps showing the spatial distribution of 

GaN NBE and DAP emission peak FWHM [Fig 5.3(c) and (f)] also reveal µm-scale 

range variations similar to that of intensity and peak energy spatial distribution.  
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Figure 5.3 The CL maps showing the distribution of peak intensity, centre energy 

and line width for the GaN near bandedge (a,b and c respectively) and DAP emission 

(d, e and f respectively). Images (a)-(f) are 10 x 10 µm. 

 

To study the spatial distribution of strain across the partially coalesced GaN layer, 

high resolution plan-view CL hyperspectral maps are acquired from a 2 x 2 µm
2
 area 

of the sample using the FESEM CL set up.  Figure 4 shows the CL peak energy map 

of GaN NBE emission overlaid on the secondary electron image. The grain 

boundaries are generally seen to match the higher energy (blue) regions, indicating 

higher compressive strain at these points. The merging of adjacent crystal domains, 
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arising from non-perfectly aligned nanocolumns can account for the strain at the 

grain boundaries [7].  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.4 The CL peak energy map of GaN NBE emission overlaid on the 

corresponding secondary electron image. The scale bar corresponding to the CL peak 

energy distribution map is also shown. 

 

5.3.3 Cross-sectional CL hyperspectral imaging 

Cross-sectional CL hyperspectral imaging is performed using the CL set up 

attached to FESEM. Figure 5.5(a) shows a secondary electron image of a cross-

section, which was then mapped using CL hyperspectral imaging in the FESEM. The 

mapped area was 0.75 x 3 µm
2
 with a step size of 50 nm and a dwell time of 500 ms 

per pixel. The mapped area is indicated by the box, and includes both the partially 

coalesced and nanocolumn layers. Figure 5.5(b) shows the integrated intensity CL 

map across the cross-section with lines separating the emission from the partially 

coalesced and nanocolumn regions. The vertical scale of Fig 5.5(b) has been 

corrected for the tilt of the sample. The CL emission is brighter from the nanocolumn 

layer relative to the partially coalesced layer indicating the higher optical quality of 

nanocolumn layer which can be attributed to its lower dislocation density [4, 8]. This 

1 µm 
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can also be due to the improved light extraction efficiency of one dimensional 

nanocolumns.  

 

The dislocation density reduction in the nanocolumns is partially due to the 

dislocation bending in the nanocolumns and dislocation blocking effect of the SiO2 

mask and partially due to strain relaxation in the nanometer sized nucleation and 

growth [9]. A similar observation of brighter CL from the nanocolumn layer has 

been reported by Tang et al [10] from samples fabricated using nano-imprint 

lithography and MOVPE, although the same authors have reported the opposite 

behaviour for coalescence above MBE nanocolumns grown from an AlN nucleation 

layer [11].  

 

The spectra from the full height of Fig. 5.5(b), averaged across the fifteen 

pixels of the map are plotted as a CL line scan in Fig. 5.5(d). The analysis of this 

cross-section map reveals a blue shift of ~ 25 meV in the GaN near bandedge CL 

peak as the sampled region moves upward from the nanocolumn layer, through the 

partially coalesced layer of thickness ~ 2µm. This shift in the GaN band-edge 

emission can be related to the release of tensile strain through the partially coalesced 

layer. This is in agreement with the observation by Shiao et al [7] where the strain 

across an overgrown GaN layer of similar thickness decreases with an increase in 

thickness of the coalescence layer. Similarly Tang et al [10] observed a rebuilding of 

compressive strain (~0.66 GPa) in a GaN coalesced layer over strain free 

nanocolumns grown on nanopatterned sapphire substrate. Bougrioua et al [12] also 

reported the incorporation of strain in an MOCVD overgrown GaN layer using PL 

spectroscopy, with coalescence started from strain–free nanopillars grown by MBE, 

although in this case the sense was tensile. 
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Figure 5.5(a) Secondary electron image showing the mapped region in a box (b) 

Cross-sectional CL integrated intensity map (c) mean spectrum from the cross-

section CL map (d) line spectrum corresponding to CL line scan analysis.  

 

A comparison of the averaged CL spectra obtained from line scan analysis of 15 

pixels across the nanocolumn layer and the top part of the partially coalesced layer 

reveals that the GaN bandedge emission from the nanocolumn layer is broader 

[Fig.5.6] (by approximately 50 meV) and hence this layer is more tensile strained 

than the partially coalesced GaN layer. The small dimensions of the nanocolumns 

allow for local strain relaxation, permitting the lattice parameter to approach its bulk 

value. Hence the GaN nanocolumns are expected to grow strain-free and defect-free 

c 
c (c) 
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with a single hexagonal crystal structure, as has been experimentally observed by 

several research groups [4, 13]. This leads to an expectation that the GaN layer 

structure realised by coalescence of these strain free nanocolumns should be 

completely strain relaxed.  However the tensile strain from the nanocolumn layer 

observed in the present case could be due to high residual doping. Liu et al [14] also 

observed a tensile stress for micron scale pyramid facets near the base of epitaxial 

lateral overgrowth (ELOG) GaN grown over a SiO2 mask. 

 

Figure 5.7 clarifies how the blueshift and narrowing of the GaN bandedge 

emission develop as the electron beam scans from the nanocolumn layer to the top 

layers of partially coalesced overgrowth GaN. Each data point on these plots are 

obtained by Gaussian peak fitting to the individual CL spectra, averaged across 15 

pixels on a line spectrum. The tensile strain from doping arises due to Si from the 

substrate or mask diffusing to the nanocolumn layer. Si doping effects in the GaN 

lattice were discussed in Chapter 4. The FWHM analysis of the PL spectra for 

bandedge emission from GaN as a function of Si doping by Schubert et al [15] and 

Lee et al [16] revealed an increase in FWHM of the bandedge emission with increase 

in Si doping concentration. Tang et al [10] also observed a similar broadening effect 

for the GaN bandedge emission from regularly patterned GaN nanocolumns on 

sapphire substrate. However the nanocolumns in the present case are not uniformly 

patterned or well ordered arrays as reported by Tang et al. The MBE grown 

nanocolumns have slight dispersions in their height, width and orientation, as shown 

in Figure 5.1, which can contribute to the broadening of the FWHM of the GaN 

bandedge emission.  
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Figure 5.6. Comparison of the FWHM of the mean CL spectra collected from the 

nanocolumn layer and the top partially coalesced layer 

 

 

 

Figure 5.7(a) FWHM and (b) energy variation of the GaN NBE emission as the 

electron beam scans from the nanocolumn layer to the top of the coalesced layer. The 

lines are guides to the eye. 
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The peak of the mean band edge CL emission (~3.41 eV) from the plan-view map is 

comparable to that collected from the top partially coalesced layers in the cross-

sectional CL map (~3.41 eV), but shifted from that of unstrained bulk GaN emission 

(3.42 eV) implying that the partially coalesced layer is not fully relaxed and under a 

slight tensile strain. The absence of a continuous crystal surface and the presence of 

distinct domain structure as seen in the SEM image, and a possible epitaxial 

misalignment due to random orientation of the growth facets between adjacent 

domains as suggested by plan-view CL map, can result in a build up of compressive 

strain in the GaN overgrown layer, reducing the tensile strain. 

Investigation of a similar region further along the cross-section revealed a 

slightly different strain situation. Starting from the top of the nanocolumns, a slight 

redshift of ~ 20 meV for GaN bandedge emission is observed across the partially 

coalesced GaN layer, indicating a build up of tensile strain as the coalescence 

overgrowth proceeds. Analysis of individual CL spectra averaged across 15 pixels 

obtained from line scan analysis along the partially coalesced layer further revealed 

that the initial layers of the overgrowth layer are tensile strain relaxed.  

It is worth mentioning that the mean CL spectrum collected from some 

regions of the cross-section has a shoulder emission at 3.35 eV in addition to the 

bandedge emission peak. There are two different views about the origin of this peak.  

Bunea et al [17] attributed this shoulder emission to re-absorption where as Chen et 

al.[18] reported this emission at 3.35 eV to be related to localised or extended 

defects, such as stacking faults and dislocations or shallow levels in the bandgap. The 

presence of this shoulder emission peak in the coalesced overgrown GaN layer on 

sapphire and Si substrates are reported by Tang et al [10, 11].  An intensity 

comparison of the emission at 3.35 eV to the NBE emission across the nanocolumn 

and partially coalesced layers was performed using the mean CL spectra collected 

from the respective layers.  No consistent behaviour exists for the ratio I3.35/INBE 

across the nanocolumn layer and partially coalesced layer, implying that the defects, 

if they are the cause of this emission, are randomly distributed across the 

nanocolumn layer and coalesced layer.  
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5.4. Summary 

The optical properties of a GaN layer coalesced by MOCVD starting from 

MBE grown nanocolumns on Si substrate have been studied using CL hyperspectral 

imaging. The overgrown GaN layer is partially coalesced with distinct grain 

boundaries, with plan-view CL hyperspectral imaging revealing micron-scale domain 

like spatial variations of the GaN NBE emission energy and FWHM. Higher 

resolution plan-view CL mapping indicated that the grain boundaries associated with 

this partially coalesced GaN are under strain. Cross-sectional CL hyperspectral 

imaging identified a blue shift of ~ 25 meV, and a narrowing of the GaN bandedge 

emission peak, as the electron beam sampled region moves upward from the 

nanocolumn layer. This energy shift is possibly associated with the release of tensile 

strain through the partially coalesced GaN layer.  
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Chapter 6 

Cathodoluminescence imaging of 

semipolar and nonpolar 

InGaN/GaN single quantum wells 

 

6.1 Introduction 

This chapter discusses spatially resolved optical properties of semipolar 

{1011} and nonpolar {1100} InGaN /GaN single quantum wells probed using high 

resolution CL hyperspectral imaging. The significance of these specific crystal 

orientations for InGaN QW fabrication was already described in Chapter 2. The non-

polar and/or semipolar InGaN/GaN QW based LEDs and laser diodes are expected to 

exhibit enhanced efficiency and performance compared to their polar counterparts. In 

order to realize efficient non-and semipolar III-nitride LEDs and lasers, high quality 

QWs in the respective crystal orientations are required. These can be fabricated using 

selective area epitaxy where GaN pyramidal facets grown on c-plane GaN act as the 

template for semipolar/nonpolar QW growth. Selective area epitaxy on the nanoscale 

offers advantages such as an increase of light emitting area, improved light extraction 

efficiency, 3D stress relief, low defect density, efficient means for precise control of 

position and homogeneous size distribution of QDs (on the apex of nanopyramids) 

[1, 2]. There are only a very few reports [discussed in section 2.3.3 of Chapter 2] on 

semipolar {1011} and nonpolar InGaN QWs fabricated on GaN nanofacets and 

detailed investigation on their spatially resolved luminescence properties are seldom 

reported.  

This chapter investigates the optical properties of three different sets of semipolar 

{1011} InGaN QWs fabricated on the facets of GaN nanopyramids. In addition to 
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these, the optical properties of InGaN QWs grown along the nonpolar m-plane 

{1100} nanofacets of 3D GaN structures are also discussed. The purpose of present 

study is to explore the nanoscale spatial variation of InGaN/GaN QW emission 

properties across the nanofacets of 3D GaN structures using high resolution 

cathodoluminescence hyperspectral imaging.  

 6.2 Sample specifications and Experimental details 

The three sets of semipolar {1011} InGaN QW samples [Table 6.1] described 

in this chapter were grown by Dr Philip Shields and Dr Duncan Allsopp at the 

University of Bath. These InGaN QWs were fabricated on the nanofacets of GaN 

pyramids selectively grown on c-plane sapphire (Fig 6.1). A brief discussion of the 

selective area growth (SAG) of GaN can be seen in section 2.3 of Chapter 2. The 

selective area grown template consisted of a patterned SiO2 layer on a c-plane GaN 

on c-sapphire substrate realised by nanoimprint lithography and CHF3 plasma 

etching [3]. The pores or openings in the mask are quasi-hexagonal in shape arranged 

in a hexagonal lattice of 450 nm. The GaN nanopyramids in the first set of sample 

(1969 SQW) are non-intentionally doped while those for second (2135-2138) and 

third (2321-2344) sets of samples are Si doped with dopant concentration as given in 

Table 6.1. The nominal thicknesses of the InGaN QW and GaN cap layer for the first 

two sets are 2.8 and 10 nm based on equivalent c-plane growth at 865 
0
C and 200 

mbar. For the third set, the QWs have double the thickness compared to first two 

sets, as the growth time was doubled. Moreover for the third set, the thin GaN cap 

layer is followed by a high temperature grown thick (~110 nm) p-type GaN layer. 

The SiO2 mask is 100 nm thick for the first set and 40 nm for the other two sets. The 

pore dimensions are ~200 X 400 nm
2
, for the first set of sample, the elongation 

deriving from the nanoimprint master (hence the GaN nanopyramids are slightly 

elongated). For the other two sets of samples (II and III), the pores are circular with a 

diameter of 200-250 nm. The QW growth temperature in each set is given in 

 Table 6.1.  

The fourth set comprises one sample having InGaN QWs on nonpolar m-plane 

{1100} facets of 3D GaN structures, which are grown on nano patterned a-plane 

GaN templates on r-plane sapphire substrates. The nonpolar templates were grown 
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by Dr Menno Kappers at the University of Cambridge and the overgrowth was 

performed by Dr Philip Shields and Dr Duncan Allsopp at University of Bath.  

A 19 nm thick SiNx layer constitutes the mask layer and the pores are circular in 

shape with diameters in the range 200-250 nm on a hexagonal lattice of 600 nm. The 

GaN 3D nanostructures are grown by MOCVD at a reactor temperature of 1000 
0
C 

and pressure of 200 mbar. The size, shape and the crystal orientation of different 

facets of 3D GaN nanostructures realized on a-plane GaN templates depends on the 

growth anisotropy in different directions. Once the growth of 3D GaN nanostructures 

is complete, the reactor conditions were changed for the growth of a single InGaN 

QW on their facets.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 6.1. General sample structure for semipolar InGaN QWs on nanofacets of 

GaN pyramids  
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Table 6.1 Sample specifications for semipolar and nonpolar InGaN QWs 

 

 

 

The PL spectra of the samples are obtained using the 325 nm line of He-Cd laser as 

the excitation source. The experimental setup and component details are as described 

in Chapter 3. The detailed description of the custom built hyperspectral CL setup 

attached to FESEM and EPMA used for CL measurements are also given in Chapter 

3. The hyperspectral CL maps are obtained using the FESEM CL set up using an 

electron beam voltage of 5 kV and a beam current of 1.6 nA.  For the set III samples, 

7 kV beam voltage is used because of the thick p-type GaN layer on top of the QWs. 

The CL maps thus obtained were treated mathematically to extract the spatial  

Sample 

name 

InGaN 

Growth 

temperature 

(
o
C) 

Mask 

material 

and 

thickness 

(nm) 

Pore size 

and shape  
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dependence of GaN NBE and InGaN QW luminescence. The depth resolved 

luminescence properties of both the QWs and GaN nanostructures were obtained by 

FESEM CL measurements as a function of electron beam voltages. Electron beam 

voltages of 2, 5 and 7 kV (with probe currents of 3.4, 1.6 and 1 nA respectively) 

were the beam conditions used this measurements. Excitation current dependent 

measurements were performed on selected samples using the CL set up attached to 

the EPMA. For this measurement, the electron beam is defocused to 2 µm and the 

excitation current is varied from 0.5 nA to 200 nA corresponding to a current density 

of 0.01 to 5 A/cm
2
. 

 

6.3 Results and Discussion 

6.3.1 Spatial mapping of array of nanopyramids 

6.3.1(a) Set I : 1969 SQW (non-intentionally doped GaN nanopyramids) 

 

   The surface morphology of the sample is studied by scanning electron 

microscopy [Fig 6.2].  The areal density of the GaN pyramidal structures estimated 

from the SEM image is ~110
9
cm

-2
. Growth on the SiO2 mask is not entirely 

suppressed, possibly because of residual contamination from the imprint resist. 

Detailed CL imaging revealed that the debris on the growth mask did not contribute 

to the luminescence.  The CL from an area encompassing several nano-pyramids 

 [Fig 6.2(b)]  comprises (i) a sharp emission peak at a wavelength of ~365 nm 

associated with GaN near band-edge emission (ii) a somewhat broader peak at a 

wavelength of ~420 nm associated with the InGaN QW and (iii) a broad defect band 

centred near 550 nm. Figure 6.3 shows maps of the peak intensity of the QW CL 

peak and yellow band (YB), obtained by curve fitting to the 5 kV CL data obtained 

using EPMA CL set up.  The maps in Figure 6.3 clearly show that the ~420 nm QW 

emission comes only from the nanopyramids whilst the defect band emission 

emanates predominantly from under the growth mask. 
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Figure 6.2 (a) GaN nano-pyramids formed by selective area growth with InGaN/GaN 

quantum wells on the facets (b) mean CL spectrum from a set of nanopyramids 

showing the different luminescence peaks  

 

 

 

 

 

 

 

 

 

 

 

Figure 6.3 Maps of the room temperature CL intensity at 5 kV electron beam voltage 

for (a) the QW peak and (b) the long wavelength YB.  Also shown is a spectrum 

measured on a nanopyramid facet. 

 

By combining the scanning mode yielding 2D CL maps with the electron beam 

voltage variation, 3D details of the samples can be obtained. Voltage resolved 
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monochromatic CL mapping measurements had been performed on this sample 

 by A. Šatka at International Laser Center and Slovak University of Technology, 

Slovakia, using their SEM-CL setup employing a photomultiplier tube as the 

detector. The obtained CL maps for 375, 425 and 525 nm emissions excited by 

electron beam voltages of 10, 5 and 3 kV are shown in Figure 6.4.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 6.4  Room temperature monochromatic CL images at wavelengths of 375 nm 

and 425 nm for beam voltages of 10 kV (left), 5 kV (centre) and  3 kV (right) 

The upper rank of Fig. 6.4 shows monochromatic CL images obtained at 

wavelengths of 375 nm (GaN NBE) for accelerating voltages of 10, 5, and 3 kV (left 

to right), the middle rank shows the 425 nm wavelength QW emission whilst the 

bottom row shows the defect related 525 nm emission distribution for the same beam  
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conditions. Monte Carlo simulations of the electron beam interaction with the sample 

reveal that for the 10 kV beam a majority of the electron–hole (e–h) pair generation 

occurs at depths beyond 100 nm in the nanopyramids and below the 100-nm-thick 

SiO2 mask in the regions between pyramids. The dominant NBE and defect related 

emission from beneath the mask indicates carrier diffusion lengths in the GaN seed 

layer are shorter than the distance between the nanopyramids, i.e., <200 nm. The 

defect emission band has been associated with silicon [4] and possibly with oxygen 

related defects [5] in this case associated with the SiO2 growth mask. Since the single 

QW is too thin to absorb much NBE, the low intensity of the latter clearly indicates 

that e–h pairs generated deep within the pyramid cores predominantly diffuse to the 

QW before recombining radiatively. Since this behaviour was observed for a range 

of beam penetration depths (accelerating voltages), this implies that the carrier 

diffusion lengths in the nanopyramid cores are long, i.e., the nanopyramids are 

formed from high quality GaN. This is confirmed by the low intensity of the defect 

band emission from the nanopyramids apart from a small region at their tips.  

At 5 kV, the depth of the peak energy loss of the beam electrons determined 

from Monte Carlo simulation is <50 nm below the inclined facets of the nano-

pyramids and just below the oxide in the mask regions. As a result of the 

significantly decreased number of e–h pairs generated in GaN beneath the mask, the 

overall NBE and defect-related CL intensity is lower. Also the contrast between the 

NBE from the nanopyramids and from beneath the mask is greatly reduced. 

Consequently, the QW emission still dominates the CL from the nanopyramids at 

this beam voltage. At 3 kV, the integrated CL from the nanopyramids is weaker still, 

owing to a further decrease in the injection level; however the QW emission is still 

clearly dominant. The electron beam now barely penetrates the mask and NBE and 

defect related CL is no longer observed from beneath the growth mask. No NBE or 

QW emission could be detected from the nanopyramid tips under any of the 

excitation conditions used. 

The bottom rank of Figure 6.4 shows monochromatic maps of the 525 nm CL 

at 10 and 3 kV beam voltages and an SEM image of a single nanopyramid measured 

at 3 kV.  The nano-pyramids contain few if any of the defects that cause the broad 

band emission, apart from at the tips. This emission band has been associated with 
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silicon [6] and possibly with oxygen related defects
13

. Both species could diffuse 

from the SiO2 growth mask into the underlying GaN buffer layer. The image of the 

integrated CL from a typical nano-pyramid reveals there is little emission from the 

interfaces between the facets, yet the only evidence of any defects in the nano-

pyramids is at their tips. Since QW emission dominates the luminescence from the 

nano-pyramids, this implies that either the structure of the QW varies or the QW is 

depleted of carriers towards the interfaces between facets. 

Figure 6.5 maps the distribution of peak intensity and peak energy of the 

InGaN QW luminescence, obtained by Gaussian peak fitting to each component 

spectrum measured using a 5 kV electron beam. A line scan analysis performed over 

four adjacent nanopyramids as shown in Fig 6.5(b) shows that the QW emission 

energy shifts to the blue by ~60-80 meV as the beam traverses from the bottom to the 

top of the sampled nanopyramid facets.  Given the absence of QW emission from the 

nanopyramid tips [Fig 6.5 (a)], a monotonic reduction in the InN fraction is thought 

to be the cause of the variation in QW emission energy with distance up the 

nanopyramids. Also, their small size is thought to limit well width variations.  The 

alloy variation is remarkably consistent from pyramid to pyramid, confirming that 

the nanoscale self-assembly growth process produces dense, uniform arrays of semi-

polar oriented QWs that efficiently emit light. More discussion on this QW energy 

variation is given in the following sections. The FWHM distribution of the QW 

emission is uniform across individual pyramids and also from pyramid to pyramid 

with values in the range 200-220 meV. This FWHM is comparable to that reported 

for semipolar InGaN QWs emitting in the similar wavelength region and fabricated 

on micron scale sized GaN pyramids [7-9]. Keyan et al and Yu et al reported 

semipolar InGaN QWs on the nanofacets of GaN pyramids having base lengths of 

200-250 nm and 60 nm respectively. The linewidth of QW emission from these 

structures were respectively 300 and 430 meV [10, 11].  The lower FWHM of the 

QW emission from the 1969 SQW sample imply their better quality and the alloy 

homogeneity. 
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Figure 6.5 InGaN QW (a) emission intensity and (b) peak energy CL maps obtained 

by nonlinear least square Gaussian fitting to individual CL spectra from 5 kV 

hyperspectral CL map (c) QW emission energy variation across the nanopyramids 

for the line scan shown in Fig 6.5 (b).   

 

6.3.1(b) Set II:  (2135-2138 SQW) : Si-doped  GaN nanopyramids 

The nanopyramids in this series are not elongated as that of 1969 SQW sample as 

discussed in section 6.3.1(a). Fig 6.6 shows the secondary electron image of a typical 

thin capped QW sample (2138 SQW) fabricated on the GaN nanofacets.  The areal 

density of SAG GaN nanopyramids is 7x10
8
/cm

2
. The facets of the GaN 

nanopyramids are smooth, similar to that of 1969 sample. Debris on the SiO2 mask is 

hardly seen for these samples and thus growth on mask has been effectively 

suppressed. The pyramidal tops are pointed for this series of samples in contrast to 

the elongated tops for the 1969 SQW sample.  
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Figure 6.6 Typical SEM image of GaN nano-pyramids formed by SAG self-

assembly with InGaN/GaN quantum wells on the facets grown at temperature of 

845
0
C (2138 SQW) 

 

Fig 6.7(a) shows the low temperature (LT) (16 K) PL spectra of the samples 

as a function of their growth temperature. The room temperature as well as low 

temperature PL spectra collected from an area comprising a large number of 

nanopyramids have three main peaks similar to that of 1969 SQW sample, (1) peak 

at ~ 360 nm corresponding to GaN NBE (2) peaks in the wavelength range 400-480 

nm originating from the InGaN QWs and (3) a peak at ~570 nm corresponding to 

yellow band emission. LT PL spectra also resolve peaks at 378 nm (3.28 eV) 

corresponding to GaN donor- acceptor pair emission and its first longitudinal optical 

phonon emission at 387 nm (3.2 eV) appearing as a shoulder emission. Fig 6.7(b) 

shows the spatially averaged CL spectra collected from a 2 x 2 µm
2
 area of the 

samples. Multiple QW emission peaks are observed for the lower temperature (815 

and 825 
0
C) grown samples. These features are not resolved in the QW PL spectra, 

where the luminescence signals are collected from a larger area of the sample (~ 15 

µm spot size). The spatial distribution analysis of the QW emission across the 

nanopyramids is performed on these samples using the high spatial resolution CL 

setup (described later on) in order to assess the spatial origin of these multiple peaks 

in the QW emission region. The behaviour of QW emission wavelength as a function 

200 nm 
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of growth temperature can be seen in Fig 6.8. The blueshift in QW emission peak 

with increase in growth temperature is consistent with the decreasing InN 

composition in the InGaN QWs.  

 

 

 

 

 

 

 

 

 

 

 

 

Figure 6.7(a) Low temperature (16 K) PL spectra and (b) spatially averaged 

normalized RT CL spectra of set II semipolar InGaN QW samples at room 

temperature as a function of QW growth temperature 

 

 

 

 

 

   

 

 

 

 

 

Figure 6.8 Growth temperature dependence of QW emission wavelength of the 

samples under optical (PL) and electron (CL) beam excitation 
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 Nonlinear least square curve fitting of the individual InGaN QW CL emission peak 

by Gaussian function is carried out to obtain the emission intensity, energy and 

FWHM spatial distribution. Fig 6.9 shows such a spatial distribution of different 

peak parameters for QW emission from a 1.5 x 1.5 µm
2
 area of the 2138 SQW 

sample. The QW emission at ~ 425 nm is observed only from the pyramid facets 

implying its selective growth [Fig.6.9 (a)]. The QW peak energy distribution map 

[Fig 6.9 (b)] reveals that the InGaN QW emission energy blueshifts as the electron 

beam scans the nanopyramids from bottom to top and this observation is similar to  

that of  1969 SQW sample. The FWHM of the QW emission is ~ 230 meV [Fig 

6.9(c)]. The behaviour of the CL emission is the same for the other three samples in 

this series as well. The amount of blueshift in QW emission energy as the electron 

beam scans from bottom to top of the nanopyramid ranges from 50-110 meV and the 

FWHM of the QW emission from 190-240 meV for this sample series [Table 6.2]. 

This QW emission energy shift and FWHM distribution is found to be consistent 

from pyramid to pyramid for CL mapping carried out from different regions of the 

sample and demonstrate the uniformity of the self assembly process. Similar 

nonlinear least squares fitting procedure applied to GaN NBE emission using Voigt 

functions reveals that the FWHM of the GaN nanopyramid is smaller than from the 

GaN template layer implying the high material quality of the nanopyramids. Intensity 

spatial distribution maps for YB emission shows a lower intensity from the 

pyramidal structures compared to the underlying GaN nucleation layer implying 

reduced defect concentration in the pyramidal structures. 
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Figure 6.9  InGaN QW (a) peak emission intensity, (b) peak energy and (c) FWHM  

CL maps obtained by nonlinear least square Gaussian fitting to individual CL spectra 

from 5 kV hyperspectral CL map. All images are 1.5 x 1.5 µm. 

The spatial origin of the double peaks in the wavelength range 430- 500 nm 

for the samples 2136 SQW and 2137 SQW is obtained by Gaussian nonlinear curve 

fitting of the individual peaks from their CL hyperspectral data. For both samples 

their intensity distribution CL maps [Figure 6.10 (a)-(d)] show that these emissions 

come from nanopyramids and the spatial distribution is different for different peaks.  

While the intensity spatial distribution of emission at ~ 450 nm (2.8 eV) is uniformly 

distributed across the pyramid facets, the emission at 484 nm (2.6 eV) shows 

variation in spatial distribution with lesser intensity towards the top region of the 

pyramidal structures.  This multiple emission from QWs can be due to QW potential 

variation due to InN composition fluctuation or thickness variation.  
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Figure 6.10 Spatial distribution of multiple QW emission intensity for the samples 

(a) 2136 @ 451 nm (b) 2136 @ 484 nm (c) 2137 @ 452 nm and (d) 2137 @ 484 nm. 

All images are 1.5 x 1.5 µm. 

6.3.1(c) Set III:  (2321-2344 SQW): Si-doped GaN nanopyramid 

This sample series is similar to that of set II with the exception of a thicker p-type 

GaN cap layer (~110 nm) and double thickness QWs compared to set II of samples. 

Hence to extend the electron beam interaction volume to the QW region, these 

samples are probed by a slightly higher electron beam voltage than used for the 

previous set of samples. Fig 6.11 shows the secondary electron image of the sample 

2344 SQW obtained for 6 kV electron beam voltage. The nanopyramids are slightly 

larger for this series compared to set II and smaller than set I. The nanopyramids are 

uniform in size and shape with the growth on the mask region effectively suppressed 

and with smooth facets. The areal density of the nanopyramids is 8 x 10
8
cm

-2
.  
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Figure 6.11 Secondary electron image of the 2344 SQW nanopyramid sample  

 

 

 

 

 

 

 

 

 

 

Figure 6.12 Spatially averaged RT CL spectra as a function of InGaN QW growth 

temperature 

Figure 6.12 shows the spatially averaged CL spectra from an array of 

nanopyramids.  In addition to the QW emission peaks around 400-450 nm, the GaN 

NBE and yellow band emissions can be seen. The spectral position of the QW 

emission obtained in PL and CL spectroscopic measurements match well and no 

additional QW peaks are resolved in CL measurements as in 2136 and 2137 SQW of 
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set II. Though the QWs are twice as thick compared to set II, their lower intensity 

may be due to the thick p-GaN cap absorbing the incident exciting beam or the high 

growth temperature of the p-GaN cap might have deteriorated the quality of the 

QWs. The CL maps corresponding to the intensity of NBE, QW and YB emissions 

are found to be similar to set I and set II. Defect related YB emission is observed 

from the tips of the nanopyramids in addition to its intense emission  from the GaN 

nucleation layer.  

Depth resolved CL measurements are performed for these samples using 

electron beam acceleration voltages 2, 5 and 7 kV respectively. The electron beam 

voltage dependent luminescence behaviour of each of the emission peaks (GaN  

NBE, InGaN QW, and YB) is similar to that obtained for the 1969 SQW series and 

can be explained by similar arguments. Nonlinear least squares Gaussian fitting is 

applied to the QW luminescence to study the spatial distribution of peak intensity, 

peak energy and FWHM. Considering the QW emission energy variation, the 

samples 2321 and 2335 SQW exhibit a blueshift as the electron beam scans from 

bottom to top of the nanopyramid, similar to the behaviour shown by the set I and set 

II samples. However the sample 2344 SQW with the QWs grown at a higher 

temperature of 865
0
 C shows a redshift in QW emission energy as the electron beam 

scans from bottom to top of the nanopyramid [Fig 6.13(a)]. This is further evidenced 

by a line scan analysis across the nanopyramids as shown in Fig 6.13 (b). The exact 

reason for the QW emission redshift for this sample is not known at this point. 
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Figure 6.13 (a) Spatial distribution of InGaN QW emission peak energy for the 2344 

SQW (b) The line spectra of QW emission energy obtained from line scan analysis 

across a single nanopyramid for sample 2344 SQW.  

 

6.3.2 Spatial mapping of single nanopyramid 

 

The high spatial resolution of the SEM-CL set up and the intense InGaN QW 

emission from the samples permit the mapping of QW emission from a single 

nanopyramid. Figure 6.14(a)-(d) show typical images from such a CL hyperspectral 

(a) 

Top bottom 

0 100 200 300 400

distance  (nm)

1.5

2.0

2.5

3.0

3.5

e
n
e
rg

y
  
(e

V
)

200

400

600

800

1000

1200

c
o
rre

c
te

d
 s

ig
n
a
l  (c

o
u
n
ts

)

0 100 200 300 400

distance  (nm)

1.5

2.0

2.5

3.0

3.5

e
n
e
rg

y
  
(e

V
)

200

400

600

800

1000

1200

c
o
rre

c
te

d
 s

ig
n
a
l  (c

o
u
n
ts

)

en
er

gy
 (

eV
) 

2344 SQW (b) 

0 100 200 300 400

distance  (nm)

1.5

2.0

2.5

3.0

3.5

e
n
e
rg

y
  
(e

V
)

0

200

400

600

800

1000

1200

c
o
rre

c
te

d
 s

ig
n
a
l  (c

o
u
n
ts

)

0.0 0.2 0.4 0.6 0.8 1.0 1.2 1.4

distance  (µm)

0.0

0.2

0.4

0.6

0.8

1.0

1.2

1.4

d
is

ta
n
c
e
  
(µ

m
)

2.95

3.00

3.05

3.10

c
e
n
tre

  (e
V

)

(a)  

1.
5

 µ
m

 

 

1.5 µm 

 



115 
 

imaging and the corresponding secondary electron image. The mean CL spectrum 

[Figure 6.15(a)] collected from a single nanopyramid consists of three emission 

bands corresponding to GaN NBE, InGaN QW and yellow band, similar to that of 

array of nanopyramids. The intensity spatial distribution maps [Fig 6.14(b)-(d)] show 

that the QW emission mainly originates from the nanopyramids while the GaN NBE 

and the yellow band emission from the area between the nanopyramids. Yellow band 

emission can also be observed from the tip of the nanopyramid as mentioned above. 

The blueshift in QW emission peak energy as the electron beam scans from bottom 

to top of the nanopyramid is shown in the line spectrum analysis given in  

Fig. 6.15(b). Table 6.2 summarises the QW emission characteristics such as emission 

energy, FWHM and peak energy shift from bottom to top of nanopyramid for all the 

three sets of semipolar InGaN QW samples.  

 

 

 

 

 

 

 

  

 

 

 

 

 

Figure 6.14 (a) Scanning electron image of a single nanopyramid [2335 SQW] (b) 

integrated intensity of GaN NBE emission (c) integrated intensity of QW emission 

(d) integrated intensity of YB emission from the single nanopyramid. Images b, c,d 

are 0.35 µm x 0.40 µm 

(a) (b) GaN NBE 

(c) QW (d) YB 
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Figure 6.15(a) Mean CL spectrum from a single nanopyramid (b) the line spectra of 

QW emission energy obtained from line scan analysis across a single nanopyramid 

for sample 2335 SQW.  

 

According to previous reports of InGaN QW fabrication on the facets of GaN micro-

pyramidal structures, a red shift in QW emission energy is observed as the electron 

beam scans from bottom to top of the pyramid [12-14]. However in the present case 

of QWs on GaN nanofacets, all of the samples except 2344 SQW exhibit a blueshift 

in emission energy as the electron beam traverses from bottom to top of the 

nanopyramids. Contrary to micron-scale pyramids, the small size of the 

nanopyramids is thought to limit the temperature gradient effects (which may affect 

InN incorporation and QW thickness) across the nanopyramid facets. These 

observations provide clear evidence that the rate of InN incorporation into the InGaN 

QWs grown on closely separated nano-pyramids of the type described in this work 

differs from that observed on micro-pyramidal structures [14-17]. With closely 

packing of the pyramids, differences in the adatom diffusion lengths will have little 

effect on InN incorporation into the QW.  Instead, the reactor ambient conditions will 

govern the InN mole fraction.  This will impact on applications of luminescent, semi-
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polar pyramidal structures in light emitting devices [18]. Unlike earlier work [12, 13] 

on larger, widely spaced pyramidal structures, there is no clear evidence of quantum 

dot (or wire) formation. 

Table 6.2 Summary of semipolar InGaN/GaN QW emission characteristics  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

6.3.3 CL emission as a function of excitation current 

   The excitation current dependence of the InGaN QW CL emission is studied using 

the CL set up attached to the EPMA [Fig.6.16(a)-(c)]. For this measurement, the 

electron beam is defocused to 2 µm and in order to check there is no damage caused 

by the electron beam on the CL spectra of the QW structures, spectra measured at the 

same spot are compared with those spectra measured at different spots located a 

sample  main QW 

peak energy  

main QW 

FWHM  

(meV)  

Blue vs redshift 

+  size of shift 

(meV) (bottom 

to top of 

nanopyramid  

Nanopyramid 

GaN NBE  

FWHM (meV)  

Set I 

1969 SQW 2.95 200 Blueshift  

~60-80 

75-85 

Set II 

2136 SQW  2.74  230  Blueshift  

 ~60  

65-75  

2137 SQW  2.73  190  Blueshift  

~60  

80-90  

2135 SQW  2.85  240  Blueshift  

~70  

70-80  

2138 SQW 2.94 240 Blueshift 

~ 50  

85-95 

Set III 

2335 SQW  2.8  240  Blueshift  

~70  

80-90  

2321 SQW  2.93  250  Shift not clear. 

Blue shift for a 

few pyramids  

70-75  

2344 SQW  3.02  300  Redshift  

~110  

80-86  
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certain distance away. The electron beam voltage used is 5 kV and the excitation 

current is varied from 0.5 nA to 120 nA.   

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 6.16 (a) CL emission spectra of the sample 2138 SQW as a function of 

electron beam current (b) QW emission wavelength as a function of excitation 

current density for samples 2135 and 2138 SQW (c) FWHM of the InGaN QW 

emission as a function of excitation current density 

 

As shown in Fig.6.16(b) & (c), the variation in both QW emission peak energy shift 

and the FWHM are very small (< 2-3 nm). A similar small QW peak shift has been 

previously reported for {1012} and {1011} semipolar InGaN QWs [1, 7] fabricated 

on the microfacets of GaN pyramidal stripes and mixed [{1011} and {1012}]  

semipolar InGaN QWs [11] fabricated on the nanofacets of GaN pyramids. The 
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characteristic blueshift of emission from InGaN QWs fabricated in the polar c-

direction is attributed to the screening of piezoelectric field caused by the increased 

carriers accumulated in the wells with increasing excitation power and is a measure 

of the internal electric field existing due to spontaneous and piezoelectric 

polarization effects as discussed in Chapter 2. The very small QW emission blueshift 

and only a slight increase in FWHM with increase in excitation current indicate the 

reduced in-built electric field experienced by these QWs on the semipolar nanofacets 

of GaN. The slight redshift in QW emission wavelength for the sample 2138 SQW at 

high excitation current density can be due to electron beam induced heating effects. 

A similar excitation current dependent QW emission shift investigation for 2335 and 

2344 SQW samples yielded similar results. 

6.3.5  PL spectroscopy 

Temperature dependent PL emission properties of InGaN QWs are 

investigated for all the three sets of semipolar samples for temperatures ranging from 

16 to 300 K. Figure 6.17 (a) and (b) show the temperature dependence of the PL 

spectra for the sample 1969 SQW  along with its QW peak energy shift as a function 

of temperature. Similar plots of QW emission energy as a function of temperature for 

2321 SQW and 2138 SQW for the temperature range of 15 to 300 K are shown in 

Fig. 6.17 (c) and 6.17 (d). The QW emission peak energies in these plots are obtained 

by fitting the QW emission spectra with Gaussian functions. As seen, a monotonic 

decrease of InGaN QW emission enegy with temperature is observed for all samples. 

No S-shape energy variation with temperature is seen as usually reported for c-plane 

grown InGaN QWs. This suggests the absence of significant carrier localisation 

effects on the QW emission properties. A similar observation of the absence of S-

shape dependence of InGaN QW emission energy on temperature for the semipolar 

{1011} InGaN QWs fabricated on GaN micropyramid facets are reported by  

Yu et al [7].    
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 Figure 6.17 PL spectra of 1969 SQW as a function of temperature (from 15 K to 300 

K in steps of 15 K). The temperature dependent InGaN QW peak position for the 

sample (b)1969 SQW (c) 2138 SQW and (d) 2321 SQW  

 

 In the case of polar c-plane grown InGaN QWs, the anomalous blueshift in 

QW emission energy in the temperature range of 100- 150 K is believed to originate 

from localised tail states induced by inhomogeneous distribution of indium in InGaN 

layers [19] or from the QCSE induced by a large in-built electric field [20] or from 

the combination of both effects [21]. Since for the semipolar {1011} orientations 

which makes an angle of 62
0
 with polar c-direction have reduced in-built electric 

field which is further confirmed by the above mentioned excitation current dependent 

studies, the result shown in Fig 6.17 (b)-(d) possibly indicate a dominant contribution 

of QCSE in the S-shape behaviour of polar c-plane InGaN QWs. Now considering 

the InN incorporation and ad-atom mobility in different crystallographic orientations 

of GaN  such as {1011} and {0001},  it is reported that the {1011} semipolar plane 
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is the thermodynamically most stable plane in terms of InGaN MOCVD growth 

conditions [22] and hence the absence of anomalous blueshift might also indicate the 

absence of localisation effect induced by inhomogeneous distribution of  InN.  

 

6.3.6 Effect of strain in GaN on InGaN QW emission shift 

An attempt has been made to investigate the effect of the strain in the GaN on the 

InGaN QW emission peak energy shifts as the probing electron beam scans the 

nanopyramids from bottom to top. The basis of this analysis is the CL maps showing 

the distribution of peak energy of GaN NBE and InGaN QW emission. These are 

obtained by Voigt (for GaN NBE) and Gaussian (for QW emission) curve fitting to 

the CL hyperspectral data. At the start, a line scan is performed on intensity 

distribution maps, scanning from base to top of nanopyramids and including the 

appropriate pixels. Then the same pixel coordinates are loaded onto their energy 

distribution maps.  A line scan of 4 pixel width is employed in this analysis. Samples 

from set I and II are mainly included in this study as the thick p-type GaN cap layer 

in set III samples makes them more complex to investigate. Figure 6.18(a) and (b) 

show the fitted centre energy CL maps for the QW and GaN NBE emissions with the 

numbers over the investigated pyramids. GaN NBE energy distribution CL map and 

line scan analysis across the nanopyramid revealed that the GaN pyramids are under 

tensile strain. This can be due to the Si doping of the GaN nanopyramids as 

described in the sample specification section. Figure 6.18(c) and (d) show two 

typical line scan analyses for the GaN NBE and QW emission energies and 

represents the typical behaviour. The InGaN QW peak energy appears to follow that 

of the GaN NBE emission which is simply related to the GaN strain state. The 

blueshift of the InGaN QW emission peak and the decrease of tensile strain in GaN, 

though small, is evident from the plots of Fig 6.18 (c) and (d). The InGaN layer is 

under compressive strain. In the case of samples in set II, the tensile strain in the 

GaN resulting from intentional Si doping might be reducing the compressive strain in 

InGaN, thus permitting more InN to be incorporated. Towards the base of the GaN 

nanopyramids, there is a possibility of enhanced Si doping accelerated by the 

unintentional Si doping from the SiO2 mask materials leading to more InN content in 

the InGaN QW towards the bottom. 
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Figure 6.18 (a) QW energy distribution map and (b) GaN NBE energy distribution 

map for the sample 2335 SQW (c) Energy variation of QW and NBE emission as a 

function of distance from top to bottom of the nanopyramids numbered 6 and 13. 

 For the 1969 SQW sample, the energy variation of InGaN QW emission and GaN 

NBE emission follows the same pattern as the electron beam scans the nanopyramid 

from bottom to top [Fig 6.19]. The source of the increase of tensile strain within the 

GaN nanopyramids towards the bottom is possibly the Si doping from the SiO2 mask 

material.    
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Figure 6.19 (a) QW energy distribution CL map and (b) GaN NBE energy 

distribution CL map for the sample 1969 SQW (c) Energy variation of QW and NBE 

emission as a function of distance from top to bottom of the nanopyramids numbered 

1 and 5. Image (b) has the same scale as (a). 

In the case of InGaN QWs fabricated on the facets of micron scale sized 

pyramids, the redshift in QW emission energy towards the top of the nanopyramid is 

thought to be due to the temperature gradient effects leading to QW well width and 

increased InN incorporation towards the top and these large size effects may be 

dominating the Si incorporation effects to the GaN pyramids from the SiO2 mask if 

any. However, in the case of the GaN nanopyramids, their small size makes the 

temperature gradient effects to the QWs negligible and the reactor ambient 

conditions governing the InN mole fraction and the Si incorporation effects from the 

SiO2 masks, the predominant factors affecting the  InGaN QW properties. 
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6.3.7  2458 SQW sample  

So far the the semipolar InGaN QWs fabricated on the nanofacets of GaN 

pyramids have been discussed. It would be advantageous if nanoscale selective area 

growth technique could be applied to nonpolar III-nitrides as well. There are not 

many reports on nonpolar InGaN QWs fabricated on nanometre scale 3D GaN 

templates. Fichtenbaum et al have reported the fabrication of nonpolar/semipolar 

InGaN/GaN QWs on nano-patterned 3D GaN templates. Their study was mainly 

focused on structural characterisation and there was no detailed discussion of their 

optical properties [23]. Here, we report the optical properties of nonpolar m-plane 

InGaN SQWs on the facets of 3D GaN nanostructures realised by selective area 

growth. The novelty of the approach lies in the nanoscale selective area growth on a-

plane GaN. Figure 6.20 gives orientation of GaN 3D structures with respect to 

sapphire (1102) r- plane.  

 

 

 

 

 

 

 

  

 

 

 

Figure 6.20 Orientation of a-plane GaN 3D structures on a-plane GaN template 

 

The secondary electron image of the facetted 3D GaN nanoscale structures used for 

the growth of nonpolar InGaN QWs is shown in Figure 6.21(a). The formation of the 

different shapes and specific facets of the 3D GaN structures can be accounted for by 

the different growth rates and surface migration of adatoms in a, m and c- directions, 
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influenced by MOCVD growth conditions (determined by growth temperature and 

pressure) and the mask design [22, 24]. Based on the previous experimental reports 

on micron scale structures, the InN incorporation in InGaN QWs would take place at 

different rates depending on the facet type [22, 25]; however there are no such 

reports on nanoscale structures. The spatially averaged RT CL spectrum [Fig. 6.21 

(b)] collected from an array of 3D nanoscale structures from an area of 1.5 x 1.5 µm
2
 

of the sample clearly shows intense QW emission in the blue wavelength region. 

 

 

 

 

 

 

Figure 6.21 (a) Secondary electron image of the nanoscale 3D GaN templates used 

for the fabrication of InGaN/GaN SQW (b) spatially averaged CL spectrum from a 

1.5 x 1.5 µm
2
 area of the sample. 

High resolution SEM-CL measurements are performed on a single 3D 

nanostructure to get locally resolved information on the QW emission properties. 

Figure 6.22(a) and (b) show the secondary electron image of a single 3D facetted 

structure and its integrated intensity CL map respectively. Figure 6.22 (b) indicates 

that the corners of the structures give brighter luminescence compared to other 

regions. The integrated intensity CL map for QW emission [Fig 6.22 (c)] revealed 

that the brighter corners are solely associated with QW luminescence. This can be 

due to the light escape cone of the QW emission from the 3D GaN nanostructures 

after undergoing multiple reflections inside it, resulting in more emission at the 

corners. The suggestion is based on the geometry of 3D GaN structures having 

smooth facets permitting total internal reflection and the possibility of existence of 

optical modes inside the 3D nano-cavities [26].  
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Figure 6.22 (a) Secondary electron image of a single 3D facetted structure (6 keV 

electron beam energy) (b) the corresponding integrated intensity CL map (c) InGaN 

QW emission intensity distribution CL map. Images (b) and (c) are 0.75 x 0.75 µm. 

 

The CL emission of the sample is studied as a function of excitation current density 

[from 0.004 to 5 A/cm
2
] using the CL set up attached to the EPMA [Fig. 6.23].  

Since the CL excitation and light collection geometry are in plan-view mode in 

EPMA CL set-up, the QWs fabricated on the top facets (the m-plane and the inclined 

semipolar planes) of 3D nanostructures contributes more to the measured CL spectra. 

A very small and negligible blueshift (1 nm) in QW emission energy is observed on 

raising the excitation current density to 5 A/cm
2
 and implies that the polarisation 

related internal electric fields are minimal in QWs fabricated on these facetted 

structures. No significant change in QW emission line width is observed with 

increase in current. Negligible broadening of the QW line width [Fig. 6.23 (b)] and 

emission wavelength with increasing excitation current, point to the flat quantum 

well (implying less built-in field) nature [27].     
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Figure 6.23 (a) QW CL emission spectra as a function of excitation current density 

(b) QW peak position and FWHM as a function of excitation current density 

6.4 Summary 

The spatially resolved optical properties of high density arrays of semipolar {1011} 

InGaN QWs fabricated on the nanofacets of GaN pyramids were studied using high 

resolution hyperspectral CL mapping technique. The QW emission energy blueshifts 

in most of the samples as the electron beam scans from bottom to top of the 

nanopyramid. The InN incorporation in these InGaN QWs fabricated on the 

nanofacets of GaN pyramids is thought to be governed by reactor ambient conditions 

rather than the adatom diffusion lengths. This QW energy blueshift from bottom to 

top of the nanopyramid is found to follow the release of the tensile strain in GaN 

towards the top of nanopyramid. The spectral position of InGaN QW emission 

studied as a function of excitation current density and temperature revealed 

negligible polarisation induced internal electric field in these structures. The optical 

properties of nonpolar InGaN QWs fabricated on nanofacets of GaN 3D structures 

on a-plane GaN template are also studied. The possibility of the existence of optical 

modes within the 3D GaN structures is shown by high resolution QW emission CL 

map from a single 3D nanostructure.  In summary, these high radiative efficient 

InGaN QWs deposited on nanofacets of GaN with semipolar and nonpolar 

orientation realised by nano-SAG technique demonstrate their potential to form the 

basis of a low cost technique for fabricating InGaN LEDs.    
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Chapter 7 

Optical properties of AlInN 

epilayers 
 

 

7.1 Introduction 

The ternary AlInN material system possesses the widest bandgap range from 

0.7 (InN)  to 6.2 eV (AlN)  amongst all the III-nitrides and hence holds great 

potential for applications in light emitting diodes (LEDs), laser diodes (LDs) and 

solar cells operating from the UV to the near infrared [1, 2]. Lattice matching of 

AlInN to fully relaxed GaN is of benefit to AlInN/GaN based high electron mobility 

transistors, highly reflective distributed bragg reflectors (DBRs) and in confinement 

layers in GaN based UV optoelectronic devices [3]. AlInN/AlN/GaN structures are a 

promising alternative to AlGaN barrier GaN- channel heterostructure field effect 

transistors (HFET) as the former provides more engineering freedom over the high 2 

dimensional electron gas (2DEG) density (~ 2.7x10
13

 cm
-2

) at the interface, 

circumventing strain and supporting high power operation of HFETs with higher cut-

off frequency [4, 5]. Despite this potential AlInN alloys are the least explored ternary 

III-nitrides in terms of fundamental and applied research mainly because of the 

difficulty in the growth of high quality AlInN alloys. Section 2.3.4 of Chapter 2 

described in detail the properties and applications of AlInN ternary system and 

addressed the existing research challenges especially for the fundamental material 

properties like bandgap, luminescence properties etc.  

            This chapter presents the study of composition, surface morphology and 

optical properties of AlInN epilayers with InN molar fraction ranging from 0.14 to 
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0.20. Optical emission and absorption have been studied using photoluminescence, 

cathodoluminescence  and PL excitation (PLE) spectroscopy, and values for the band 

gap energy and luminescence properties are discussed in relation to InN fraction. 

Polarisation resolved PL emission of AlInN/GaN heterostructures is also studied in 

order to investigate the electronic band structure of AlInN ternary alloys and assess 

the nature of the observed luminescence emission from the AlInN. In III-nitride 

wurtzite semiconductor heterostructures, their low symmetry crystal structure, highly 

asymmetric and anisotropic p-orbitals constituting the valence band and the 

anisotropic strain [3, 4] can contribute to the different optical response measured in 

directions parallel and perpendicular to the polar-c axis.  

7.2 Sample specification and Experimental Details 

The AlInN epilayers under investigation were grown by metal-organic chemical 

vapour deposition (MOCVD). Sample growth was performed by Thomas Sadler, Dr. 

Menno Kappers and Dr. Rachel Oliver in the Department of Materials Science and 

Metallurgy, University of Cambridge. All the AlInN epilayers were grown on c-

plane sapphire substrates. Trimethylaluminium (TMAl), trimethylindium (TMIn), 

trimethylgallium (TMGa) and ammonia (NH3) were used as precursors for Al, In, Ga 

and N respectively. Each run began with the growth of a low temperature GaN 

nucleation layer followed by the growth of a 6 μm thick GaN buffer layer. Figure 7.1 

shows the schematic structure of these samples. Table 7.1 summarises the sample 

code, growth temperature and nominal thickness of the AlInN epilayers. These 

samples vary in growth temperature and hence consist of different InN fractions 

varying from ~ 0.14 to 0.20.    

     PL, PLE and polarisation resolved PL measurements were performed at low 

temperature (~20 K) in a closed-cycle helium cryostat. A 1000 W short arc Xenon 

lamp combined with a 0.25 m focal length monochromator, as described in  

Chapter 3, was used as the excitation source. In all of the PL and PLE measurements 

using the Xe-lamp, the excitation area on the sample was about 2 x 5 mm
2
. More 

details of the Xe lamp based PL/PLE experimental setup is given in Chapter 3. 

Figure 3.2 and 3.3 show the measurement geometry for the polarized PL 

measurements, with the PL being collected in a direction almost parallel to the c-
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plane of the sample. Near edge luminescence (the angle between the normal to the 

sample surface and incident exciting beam is very small < 10
0
) and the PL signals are 

collected nearly parallel to one of the sample edges as shown in the experimental 

geometry. 

 

 

 

 

 

 

 

 

 

Figure 7.1 Schematic diagram of AlInN epilayer samples on c-plane sapphire 

substrate (not to scale).  

Table 7.1 Sample code, growth temperature and thickness of AlInN layers 

 

 

 

 

 

 

 

 

Sample name substrate Growth 

temperature 

(
0
C) 

 AlInN layer 

thickness 

(nm) (from 

XRD) 

C3042 A  

 

c-plane 

sapphire 

     800   97 ± 6 

C3043 A      800   93 ± 6 

C3303 A      790   90± 6 

C3305 A      790   52 ± 6 

C3622 A     760  106 ± 3 
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  The sample surface quality was examined by SEM at an electron beam energy 

 of 5 keV, the crystal quality and compositions were determined by RBS and HR-

XRD. Composition measurement by wavelength dispersive X-ray spectrometry 

(WDX) is not possible for these AlInN epilayers, since their thicknesses are less than 

the probing depth of the electron beam at beam energy of 5 keV which has been 

estimated to be ~120 nm using Monte Carlo simulation [6] as discussed in Chapter 3. 

The 5 keV is the minimum electron beam energy required to excite X-ray emission 

lines from InN. This will result in a large penetration into the underlying GaN buffer 

layer and can give high inaccuracies in the ratio of In/Al content if using the WDX 

technique. Variable temperature, variable energy cathodoluminescence spectra were 

acquired at low temperature (~ 20 K) using a home-built electron beam excitation 

system.  The electron beam excitation spot was focussed to a diameter of ~200 µm. 

The electron beam voltages varying from 0.75 to 5 kV and beam current of 0.1 to 5 

µA were used for the CL spectroscopy measurements described in this thesis. 

Spectra were acquired using an Oriel InstaSpecTM cooled 2-dimensional CCD array 

mounted at the output focal plane of a Chromex 0.5M monochromator. The sample 

temperature was varied between 20 and 300 K using a Leybold closed cycle helium 

cryo-refigerator and temperature controller. 

7.3   Results and Discussion 

7.3.1 Composition and Crystalline Quality 

The RBS measurements were performed by Dr. Katharina Lorenz together with her 

PhD student Sérgio Magalhães at the Instituto Tecnologico e Nuclea (ITN), 

Sacavém, Portugal. The measurements were performed with a 1 mm diameter beam 

of 1.6 or 2 MeV He+ ions using silicon surface barrier detectors. The InN 

composition and AlInN layer thickness values from the RBS spectrum are obtained 

through fitting using a simulation program. To improve the depth resolution, the 

samples were tilted to Ɵ = 70
0
; where Ɵ is the angle between the beam and the 

normal to the sample surface. The  min parameter is measured from the data as the 

ratio of the backscattered yield in an aligned (or channelled) spectrum to that in a 

random spectrum. It is used as a measure of the crystalline quality of the AlInN 

epilayers. Low values of  min correspond to good crystalline quality and high values 



134 
 

correspond to relatively bad crystalline quality. State of the art values of  min for 

GaN are around 2 % [7].  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

  

 

 

 

 

Figure 7.2 RBS/C random and <0001>-aligned spectra taken with a 1.6 MeV He+ 

beam for (a) C3042 A and (b) C3043 A respectively. 

   Figure 7.2(a) and 7.2(b) show the random and <0001> aligned RBS/C spectra 

measured from samples C3042 A and C3043 A respectively. It is observed from 

these figures that the channelled spectrum shows much lower backscattering yield 

than that of the random spectrum. The channelled spectrum of C3043 A has a higher 

(a) 

(b) 
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backscattering yield than that of C3042 A. This indicates that the former has poorer 

crystalline quality as compared to the latter. This is further reflected in the higher 

min value of C3043 A. The InN molar fractions, layer thickness and  min   

parameters derived from the RBS/C spectra are summarised in Table 7.2. The 

fractional errors for InN molar fraction, epilayer thickness and  min   parameters are 

± 5 %, ± 5 % and ± 10 %, respectively. 

               The crystalline quality of the AlInN epilayers was also assessed by high 

resolution XRD measurements by Dr. Thomas Sadler. The thickness and InN content 

of the Cambridge series of samples measured using XRD techniques are also listed in 

Table 7.2. A comparison of the InN fraction and thickness determined by XRD and 

RBS shows that there exists a slight deviation in their values. From the RBS method, 

the compositional value is obtained through fitting of the RBS spectrum using a 

simulation program. Thus the results depend on the model and the values of the 

parameters used during fitting procedures. The XRD measurements require accurate 

lattice constants of the binary constituents of the alloy. For both AlN and InN, 

scattered values appear in the literature [8, 9]. Furthermore, XRD depends on the 

validity of Vegard’s Law for the lattice constants of the fully relaxed alloys. Lorenz 

et al have observed a deviation from Vegard’s Law for AlInN using InN contents 

obtained from RBS and lattice constants obtained from HR-XRD reciprocal space 

mapping [10]. This deviation will lead to further uncertainty in the compositional 

measurements. The presence of strain in the AlInN epilayers would also lead to 

additional errors as it is not considered during analysis.  Moreover, the different 

region of the samples from which data is collected for RBS and XRD may also result 

in a variation in the compositional percentage determined. The slight differences in 

the thickness values measured by XRD and RBS may again be due to the differences 

in principles employed. In HR-XRD the thickness of the epilayers is estimated from 

the thickness fringes of the XRD-Rocking curve while the RBS technique of 

thickness measurement is very sensitive to the surface roughens.  
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  Low chi-min (  min ) values of 3 to 5 % (see Table 7.2) for AlInN reveal relatively 

good single crystalline quality, although they are slightly higher than for the GaN 

buffer layer (2.9 %). Minimum  min values of 3.8 and 4.1 % are obtained for the 

samples C3303 A and C3042 A for which the InN fraction is near lattice matched to 

GaN buffer layer according to XRD measurements.  

Table 7.2 InN molar fraction,  min   and thickness of AlInN epilayers determined by 

RBS at ITN, Portugal and by XRD at Cambridge. 

 

Sample name InN molar 

fraction 

(RBS) 

InN molar 

fractions 

(XRD) 

 

 AlInN 

layer 

thickness  

(nm) 

(From  

RBS) 

AlInN layer 

thickness  

(nm) 

(From  

XRD) 

 

 min (%)   

(From 

RBS) 

C3042 A 0.127 0.143 95   97 ± 6 4.1 

C3043 A 0.126 0.139 90.8   93 ± 6 5.4 

C3303 A 0.152 0.175 89.6   90± 6 3.8 

C3305 A 0.146 0.175 49.7   52 ± 6 4.9 

C3622 A  0.196   106 ± 3  

 

7.3.2 Surface morphology 

A crack free and relatively smooth surface with small pits and a few extended dark 

regions distributed across the surface are seen for the samples. The typical surface 

morphology of the AlInN epilayers is shown in Figure 7.2. Pits are often observed on 

the surface of indium containing nitrides and have been proposed as a preferential 

migration path for Indium ad-atoms during the growth of InGaN and AlInN alloys 

causing the accumulation of In atoms within and around the pits [11, 12]. These v-

pits are not generally formed during the growth of the AlInN epilayer rather the 

epilayers often reproduce the morphology of the underlying GaN buffer layers [13]. 

In a similar manner to InGaN, the origin of v-pits in AlInN alloys can be linked to 

the threading dislocations in the underlying GaN buffer layer. 
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Figure.7.3 FESEM surface morphology images of AlInN epilayers samples for two 

different InN molar fraction (a) ~ 0.18 (C3303A) and (b) ~0.14 (C3043 A) 

7.3.3 PL/PLE spectroscopy 

The PL and PLE spectroscopic study of the AlInN epilayers are discussed in 

this section. The luminescence and luminescence excitation properties are discussed 

in terms of their InN content, surface and crystalline quality. The low temperature 

(~20 K) PL spectra of the AlInN epilayers excited using the Xe lamp is shown in 

Figure 7.4. There are two emission regions in each PL spectrum: transitions relating 

to the GaN buffer layer and a broad higher energy peak attributed to the AlInN 

emission. GaN band edge emission (~ 3.48 eV), GaN-related defect emission (3.42 

eV), donor-acceptor pair (DAP) emission (3.29 eV) and its first LO phonon replicas 

are observed on the low energy side [7-9]. Although high absorption of the exciting 

light by the AlInN epilayers at high excitation energy is expected, the GaN buffer 

layers have also been excited either by the light penetrating the ternary or by diffused 

excess carriers. The broad emission bands at higher energy are observed to show a 

redshift from 308 nm (4.03 eV) to 338.5 nm (3.67 eV) as the InN molar fraction 

increases from 0.14 to 0.20. They are attributed to emission from the AlInN 

epilayers. The high energy PL emission bands of C3303A, C3042 A and C3043 A 

exhibit a double structure, which could be related to the existence of regions with 

different AlInN alloy compositions. 
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Figure 7.4 Low temperature PL spectra of AlInN epilayers with InN molar fraction 

(x) from 0.14 to 0.20 excited by the Xe-lamp. C33042 and C33043 A are excited 

using 260 nm and others with 280 nm radiation.  

Figure 7.5 plots the energies of the AlInN luminescence peak in the PL spectra from 

the epilayers studied in this work as a function of InN fraction. The emission energy 

displays roughly a linear dependence on the InN fraction in the studied composition 

range. The peak energy of the AlInN PL peak blue shifts from 3.67 eV to 4.03 eV as 

the InN fraction decreases from 0.20 to 0.14. Figure 7.5 also compares the current 

work with the previous reported works [14-16].  
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Figure 7.5 Luminescence emissions of AlInN epilayers as a function of InN molar 

fraction using PL and CL spectroscopy (described later). Filled symbols are current 

work all done at LT ~ 20 K. Open symbols are literature data from Wang et. al. [15], 

Carlin et. al.  [14] and Cusco et al [16].   

 

7.3.4   PLE spectroscopy 

The principle of PLE spectroscopy is described in detail in Chapter 3. The 

assumed equivalence between absorption and PLE spectra is used to estimate the 

bandgap energy of AlInN epilayers. Low temperature PLE spectra excited by the Xe-

lamp and detected at the AlInN emission peak from each of the samples are shown in 

Figure 7.6. The PLE spectra were acquired by fixing the detection wavelength at the 

maximum of the respective PL emission bands. A clear absorption edge can be seen 

in each of the PLE spectra and is attributed to the band gap absorption in the AlInN 

layer. The absorption edge revealed by the PLE spectra displays a redshift as the InN 

fraction increases. Each of the PLE spectra has been cut off on the low energy side at 

the point where the PLE intensity rises again towards the detection emission energy.  
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Figure 7.6 PLE spectra of AlInN epilayers as a function of InN fraction 

 

The positions of the absorption peaks give an estimate of the band gap of the 

samples. The effective energy gap is evaluated by fitting the low energy side of the 

PLE spectrum to a sigmoidal function [17]: 

                (7.1) 

 

 

where 0a  is the offset correction, Eg is defined as an effective band gap energy, 

ΔE(eV) is a broadening parameter, α0 is a constant and E(eV) is the excitation energy 

at which the intensity α is recorded. A representative sigmoidal fitting is given in Fig 

7.7 for the PLE spectrum from C3042 A.  
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Figure 7.7 Typical representation of sigmoidal fitting (red line) to a PLE spectrum 

for sample C3042 A. Eg is the effective band gap  

Table 7.3 summarises the effective band gap energies, broadening parameters 

and the emission energies of AlInN epilayers in this work. Figure 7.8 presents the 

experimental dependence of the estimated band gap of the AlInN epilayers studied in 

this work determined by the sigmoidal fitting of the PLE spectra as a function of InN 

fraction. The band gap energy is observed to display a linear dependence on the InN 

fraction in the restricted composition range studied. This behaviour is similar to that 

observed for InGaN epilayers [17] and the AlInN emission energy shown earlier in 

Figure 7.5. Figure 7.8 also includes the literature data for comparison. It is observed 

that the band gap energies agree reasonably well with the literature values [Iliopoulos 

et. al. [18], Wang et. al. [15] and Carlin et. al. [14], Oh et al [19], Yeh [20] et al] in 

the similar InN fraction range.  
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Figure 7.8 Dependence of AlInN bandgap energy on the InN molar fraction. Filled 

symbols are from the current work whereas open symbols are from the literature. The 

inset of Fig 7.8 shows the bandgap energy of AlInN for the whole composition range 

using the literature data [14, 15, 18-20]. 

The band gap (Eg) of ternary alloys such as Al1-xInxN is generally fitted using the 

equation: 

               

 (7.2) 

where b denotes the bowing parameter. Determination of bowing parameter is 

important in order to effectively design AlInN devices as it describes the variation in 

bandgap energy with alloy composition [18]. The estimated bowing parameter is ~ 7 

+ 1 eV. This value of bowing parameter is very close to the value (6 eV) reported by 

Wang et al [15].  

7.3.5 Stokes shift 

Spatial fluctuations in the composition of alloy semiconductors can cause 

inhomogeneous broadening of the exciton density of states. Excitons produced in 
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such alloy semiconductors are localized at the low energy side of the inhomogeneous 

broadening because of the excitonic energy relaxation processes. In such cases, an 

energy difference arises between excitonic absorption and emission and this is 

defined as a Stokes shift of excitons [21]. Both the inhomogeneous broadening and 

the Stokes shift of excitons are important parameters to evaluate the degree of 

exciton localization. A large Stokes shift is one of the common features of lattice 

relaxation associated with impurities [22, 23].   

 

 

 

 

 

 

 

 

 

 

Figure 7.9 Stokes shift of AlInN epilayers as a function of InN fraction. 

The Stokes shift is estimated by taking the difference in energy between the 

effective band gap and the emission peak energy. A plot of the Stokes shift as a 

function of InN molar fraction is presented in Figure 7.9 for the AlInN epilayers 

studied in this work. The observed Stokes shift ranges from 0.51 to 0.66 eV for the 

investigated range of InN composition. Very large Stokes shifts of 0.4–0.8 eV for the 

composition range x = 0.13 - 0.24   has been reported by Wang et al [15]. Laskar et 

al [24] recently reported a Stokes shift of 0.85 eV for a-plane AlInN for 

 InN ~ 19%.  Kundrotas [25] et al also reported a Stokes shift of 0.4-0.8 eV for InN 

composition near 18%. Onuma et al. [26] reported optical reflectance and PL data 

over the range 0.07 < x < 0.5 indicating extremely large Stokes shifts of 1 to 2 eV. 

Butte et al [1] reported a Stokes shift of 0.8 eV for AlInN epilayers nearly lattice 
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matched to GaN. Such a large energy difference between band edge and 

luminescence could be possibly ascribed to InN composition fluctuations or to the 

presence of deep defects or impurities acting as preferential recombination centres. 

In addition, there is no definite trend in the obtained Stokes shift as a function of InN 

content observed in AlInN epilayers as shown in Figure 7.9. 

Table 7.3 (a) Emission energy, effective band gap and Stokes shift of AlInN/GaN 

samples 

 

7.3.6 Cathodoluminescence spectroscopy 

Depth resolved CL spectra are useful for identifying the layer of origin of a particular 

luminescence transition. Figure 7.10 (a)-(c) show the depth resolved CL spectra of 

three AlInN/GaN heterostructures. The CL spectra are acquired for different electron 

beam voltages that range from 0.75 to 5 kV. The penetration depth corresponding to 

each beam voltage is estimated using Monte-Carlo simulation and is shown in Fig 

7.10 (d)-(f). For all the three samples, up to a voltage of 2 kV, the electron beam 

interaction volume is mainly confined within the AlInN epilayers and hardly 

penetrates the underlying GaN layer. The corresponding CL spectra from the AlInN 

epilayers (excited using low beam voltages of upto 2 kV) mainly consist of three 

emission bands. The highest energy emissions at 3.73 eV (C3303A), 3.99 eV 

(C3043A) and 3.67 eV (C3622 A) are attributed to AlInN emission.  

 

Sample InN 

fraction 

     (%) 

Effective 

band gap 

(Eg)- eV 

Broadening 

Parameter 

ΔE (meV) 

Emission 

energy  

(eV) 

Lamp 

CL 

(low 

temp) 

(eV) 

Stokes  

Shift 

(eV) 

C3042A      14.3 4.50 110 3.97  0.53 

C3043A      13.9 4.54 110 4.03 3.99 0.51 

C3303A      17.5 4.25 102 3.71 3.73 0.54 

C3305A      17.5 4.44 110 3.78  0.66 

C3622 A      19.6  4.18 119 3.67 3.67 0.51 



145 
 

 

  

 

 

 

 

 

 

 

 

  

 

 

 

 

 

 

 

 

 

Figure 7.10 Low temperature CL spectra of AlInN/GaN heterostructures as a function of 

different electron beam energy (a) C3303A (InN ~ 0.18) (b) C3043A (InN ~ 0.14) (c) 

C3622A (InN ~ 0.20). Monte-Carlo simulation plots showing the electron beam energy 

deposition profile as a function of depth in AlInN/GaN heterostructures (d) C3303A (e) 

C3043A (f) C3622A  
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 No peak shift is observed for this emission as a function of electron beam 

acceleration voltage, possibly suggesting the vertical compositional uniformity of the 

AlInN epilayers. The lower energy emissions at ~ 3.4 eV (C3303 A and C3622 A) 

and ~3.2 eV (C3043 A) collected from the AlInN epilayers may be related to defects. 

The CL emission at a still lower energy of ~ 2.1 eV can be related to the YB defect 

emission from AlInN epilayers.  

On increasing the beam voltage above 2 kV, the interaction volume 

penetrates to the underlying GaN layer as shown by the Monte-Carlo simulation 

plots in Fig 7.10 (d)-(f). The corresponding CL spectra show GaN NBE emission at 

~ 3.5 eV in addition to the emissions from AlInN epilayer. For all the samples, the 

CL emission at ~ 3.4 eV gets sharpened with increase in beam voltage. It is worth to 

note that, this CL emission has two origins, one from the AlInN epilayers (related to 

defects) and another from GaN. The 3.42 eV emissions from GaN is reported to be 

related to excitons bound to structural defects in particular to stacking faults and c-

axis screw dislocations or some surface related defects [27]. The CL emission spectra 

of the samples excited using the higher beam voltages (3-5 kV) consist of a blue 

band emission at ~ 2.97 eV. Since this CL emission peak appears mostly for higher 

electron beam voltages, its origin is related to the underlying GaN layer.  The blue 

band in unintentionally doped GaN layers are often associated with the acceptor 

levels; the transition of free electrons in the conduction band combining with the 

holes in the acceptor levels (eA transitions) [28]. For the sample C3043A, a redshift 

in blue band emission can be seen with increase in excitation voltage above 2.5 keV. 

This possibly can be due to the mixing of the blue band defect emission from AlInN 

epilayers to the blue band emission from the GaN layer. Fujomori et al also reported 

a defect blue band emission from AlInN epilayers [29]. 

  To study the effect of increased level of excitation on the possibility of state 

filling, CL spectra of the samples are measured as a function of electron beam 

currents [Fig 7.11]. No peak shift or line shape change is observed for an order of 

magnitude increment in excitation level, suggesting carrier filling effects are 

negligible in these epilayers under the present excitation conditions [30]. No energy 

shift in AlInN CL emission peak is observed for the CL spectra acquired from 
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different lateral position of the sample, possibly implying the alloy homogeneity in 

these epilayers. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 7.11Current resolved CL spectra of three AlInN/GaN heterostructures for 

various level of excitation electron beam current (a) C3043A (b) C3303A  

(c) C3622A 

Fig 7.12 shows the CL spectra of the C3622A sample as a function of temperature 

from 20 to 300 K. The excitation electron beam energy (2 keV) is such that the 

electron beam interaction volume is mainly confined within the AlInN epilayers. The 

intensity of CL emission decreases with increase in temperature which can be 

attributed to an increase of nonradiative transition probability with increasing 
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temperature. The overall energy shift of the higher energy CL emission at ~3.67 eV 

is ~ 55 meV and the FWHM of this peak increases from ~ 200 to 280 meV.  No 

strong S-shape dependence as that of InGaN epilayers is observed for this higher 

energy emission from AlInN epilayers measured as a function of temperature from 

20 to 300 K [Fig 7.12 (b)]  

 

  

 

 

 

 

 

 

Figure 7.12 (a) Temperature dependent CL spectra of C3622 A AlInN epilayers 

sample (b) variation of peak position for AlInN emission at ~3.67 eV and its FWHM 

as a function of temperature  

7.5 Polarisation resolved PL measurements 

              Polarisation resolved PL measurements are performed at ~ 20 K for 

AlInN/GaN heterostructures using Xe lamp as the excitation source. The different 

panels of  Fig 7.13(a)-(c) compare the PL spectra of  three different AlInN epilayers 

(with InN fraction ranging from 0.14 to 0.20) collected for the light emitted with 

electric field component (E) perpendicular (red line) and parallel (black line) to the c-

axis. Fig 7.13 (d) is a similar plot for GaN epilayer of thickness 3 µm. All the spectra 

have been corrected for the combined throughput of lamp and the excitation 

monochromator and for any polariser, depolariser responses. For all three InN 

composition considered, the intensity of the AlInN as well as GaN NBE emission 

corresponding to E┴c polarisation is higher than that for the Eǁc polarisation. 
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Moreover, no noticeable energy difference has been observed for AlInN emission 

peak measured for Eǁc and E┴c orientations.  Discussion on this observed behaviour 

of polarisation resolved PL spectra of both AlInN and GaN are given below. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 7.13 (a)-(c) Polarisation resolved PL spectra of the AlInN epilayers as a 

function of InN composition (a) C3043 A (b) C3042 A (c) C3303 A (d) polarisation 

resolved PL spectra of the thick (3 µm) GaN layer. Inset of Fig 7.13(a)-(c) show the 

GaN NBE emission intensity for E┴ and Eǁc orientations. 

  A brief description on band structure of wurtzite III-nitride can be seen in section 

2.2.3 of Chapter 2. The ordering of split VB energy states in AlN, in the order of 

increasing energy of transition from CB  minima is CH, HH and LH bands whilst 

that for GaN and InN are HH, LH and CH respectively. Figure 7.14 (a) and (b) 
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illustrates the valence band splitting, mainly allowed optical transition from the 

bottom edge of the CB to the VB and the ordering of these split valence bands in 

AlN and GaN respectively [31-33]. The notations Δcr, Δso, Г15, Г6 and Г1 were 

already defined in section 2.2.3. This unusual ordering of the valence band in AlN is 

expected to influence the polarisation resolved optical responses in AlInN epilayers. 

Fig 7.15 shows a simplified representation of valence band ordering in III-nitride 

binaries and the A, B and C optical transitions from the CB minimum in the order of 

their increasing energy.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 7.14 Valence band structure and the ordering of different bands in wurtzite (a) 

AlN and (b) GaN. Only the main allowed transitions corresponding to Eǁc and E┴c 

orientations are shown in this band diagram [31-33]. 

ΔCR 

 

E┴c  

Г1 

 

(b) 

Г6 

 
Г15 

 

Гc 

 

CB 

 

VB 

 

Г9 (HH) 

 
Г7 (LH) 

 

Г7 (CH) 

 

px, py like 

pz like 

ΔSO 

 

B  A  

Eǁc 

ǁ ┴ 

C  

Г1 

 

ǁ ┴ 

px, py like 

pz like 

Гc 

 
E┴c  

A  

ΔSO 

 

Eǁc 

Г15 

 
Г9 (HH) 

 

Г7 (LH) 

 

Г7 (CH) 

 

CB 

 

VB 

 

(a) 

C  

B  

ΔCR 

 Г6 

 



151 
 

 

 

 

 

 

 

Fig 7.15 The ordering of different energy bands constituting the valence band in 

binary III-nitrides such as AlN, GaN  and InN [31, 33, 34] 

Since the valence band of wurtzite III-nitrides is constituted by anisotropic p-

orbitals, it can be represented by a linear combination of three orbital wave functions, 

px, py and pz.  Considering the wavefunctions corresponding to these energy bands, 

the CH band is more pz-like whilst the HH and LH bands are px and py-like states 

[35-37]. This is based on the assumption that z-axis is along the c-axis of the wurtzite 

crystal structure. Since the wavefunction representing the HH band has no Z|  

component, the transition from conduction band minimum to the HH band is not 

permitted for light polarised parallel to c-axis (Eǁc) orientation but allowed only for 

light polarised perpendicular to c-axis (E┴c) orientation. Mixtures of light polarised 

with electric field orientation parallel and perpendicular to c-axis (Eǁc and E┴c) are 

possible for optical transitions involving CH and LH bands. Optical transition 

involving CB minimum and LH band is mainly allowed for light polarised 

perpendicular to the c-axis (E┴c) and the transition between the CB and CH band is 

mainly allowed for light polarised parallel to the c-axis (Eǁc) [32,37]. 

According to a recent theoretical report by Sakalauskas et al [38], for AlN-

rich AlInN epilayers, the A transition (transition between CB and top of VB) is 

strongly allowed for Eǁc polarisation and weak for E┴c (shown in brackets), whereas 

the B transition is allowed only for the E┴c orientation as shown in Fig 7.16.  Since 

the top of the VB is constituted by the crystal field split off band (CH) band which 

favors the Eǁc transition, a higher intensity PL emission is expected for Eǁc 

orientation than E┴c orientation. This is because most of the photogenerated holes 
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are expected to populate the top valence band at low temperatures [39]. Moreover the 

transition energy corresponding to AlInN intrinsic PL for E┴c orientation is expected 

to be higher than that of Eǁc according to Fig 7.16. The PL spectra shown in Figure 

7.13 (a) – (c) do not show either of these characteristics of AlInN intrinsic emission.  

These observations possibly point that, the higher energy PL emission from AlInN 

epilayers is not the intrinsic emission rather a defect related emission.  

 

 

 

 

 

 

 

 

 

 

 

Figure 7.16 Band structure and selection rules for Al rich AlInN epilayers [38] 

From Fig 7.13 (a)-(c), the polarisation resolved GaN NBE emission 

behaviour is consistent for all the samples and E┴c transition has a higher intensity 

compared to Eǁc. This observation is further confirmed by performing polarisation 

resolved PL measurements for thick (3µm) GaN epilayers under identical 

experimental conditions and resulting spectra is shown in Figure 7.13(d). This 

observation is in agreement with the band structure of GaN given in Figure 7.14 (b). 

In addition no energy shift between the two polarisation orientations could be 

resolved for the GaN epilayers.  A plot of the integrated intensity of the PL emission 

for AlInN and GaN as a function of polarisation angle, shown in Figure 7.17, reveals 

that the polarisation angle dependence of emission intensity follows a similar pattern 

for both the GaN NBE and the higher energy AlInN emission. This can have another 
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possible implication; luminescence from AlInN may due to exciton localization and 

recombination occurring at InN clusters which act as potential minima as in InGaN 

epilayers; since InN and GaN have similar valence band ordering as discussed above. 

Further experiments and analysis are needed to obtain more conclusive picture of the 

above mentioned possible implications regarding the higher energy AlInN emission.    

 

 

 

 

 

 

 

 

 

 

 

 

Figure 7.17 Polarisation-angle dependence of the PL peak integrated intensity for 

both AlInN and GaN emission 

7.4 Summary 

The composition, surface morphology and luminescence of a range of AlInN 

epilayers were investigated. The crystalline quality of the samples are analysed based 

on the  min values from the RBS measurements. The fraction of InN in AlInN 

estimated using RBS and HR-XRD measurements range from 0.14 to 0.20. The 

surface morphology of the AlInN epilayers are investigated using SEM. A crack free 

and nearly smooth surface with small pits distributed across the surface is seen for all 

AlInN samples. The luminescence of the AlInN epilayers is studied using PL and CL 

spectroscopy. Samples are observed to emit AlInN peak on the higher energy side of 
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the GaN band gap. It is observed that the PL/CL peak emission energies from AlInN 

epilayers redshift with increasing InN content. The emission energy decreases 

linearly from 4.03 to 3.67 eV as InN fraction increases from 0.14 to 0.20. PLE is 

carried out to determine the band gap energies of the AlInN alloys. By fitting the 

PLE spectra with the sigmoidal function, the effective band gap energy, Eg is 

determined. It is observed that the Eg decreases linearly with InN fraction for the 

restricted range of composition studied in this work. By taking the difference 

between the PL emission energy and the effective band gap determined from the PLE 

spectra, Stokes shift is obtained and varies between 0.51to 0.66 eV. No clear 

dependence of the Stokes’ shift and InN fraction is seen in this work.  

The CL measurements were performed as a function of electron beam energy, 

temperature, and excitation current on a selected set of AlInN/GaN samples. By 

confining the excitation volume to the ternary AlInN layer, luminescence peaks 

originating from the AlInN and GaN were differentiated. The absence of 

luminescence peak shift associated with the higher energy AlInN as a function of 

penetration depth and as a function of lateral position suggested the possible 

compositional homogeneity of the AlInN epilayers. Temperature dependent CL 

emission studies from AlInN epilayers showed an energy shift of ~ 55 meV as the 

temperature is increased from 20 to 300 K. No strong S-shape dependence was 

observed for the AlInN emission energy variation as a function of temperature. 

Polarisation resolved PL spectra from AlInN/GaN heterostructures were studied for 

three different InN compositions. For all three samples, the optical transition 

corresponding to E┴c orientation was higher intense compared to Eǁc orientation for 

both higher energy AlInN and GaN NBE emission. Polarisation angle dependence of 

integrated intensity of PL emission shows similar trend of variation for both AlInN 

and GaN. The obtained results have two possible implications; the observed higher 

energy AlInN emission is either related to defects or this emission from AlInN 

epilayers is due to carrier recombination occurring in InN clusters similar to that of 

InGaN epilayers.  
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Chapter 8 

Optical properties of AlInGaN 

epilayers 

 

8.1 Introduction 

AlInGaN alloys are promising as active layers in visible and UV light 

emitting diodes and laser diodes because of the possibility of almost independent 

control of the lattice constant and energy bandgap by varying InN and AlN 

compositions. InxAlyGa1-x-yN alloys can be lattice matched to GaN for y = 4.7 x [1]. 

The luminous efficiency of this alloy is expected to be comparable or better to that of 

the InGaN ternary due to the spontaneous luminescence emission arising from 

enhanced radiative recombination in nanoscale In-fluctuations or In-segregations 

acting as potential minima, localising carriers.  Advantages of this quaternary alloy 

in the UV region compared to ternary AlGaN are already discussed in section 2.3.5 

of Chapter 2.  Now, turning to the InGaN system, though the In-rich InGaN system 

has been investigated to improve the luminous efficiency of LEDs due to the carrier 

localisation effect, optoelectronic devices based on In-rich InGaN alloys are subject 

to problems due to poor crystalline quality. This is due to the much lower growth 

temperature as well as high defect densities originating from the large lattice 

mismatch and the low miscibility of InN with other nitrides [2]. Section 2.3.5 of 

chapter 2 discussed the major applications of the AlInGaN quaternary alloy and 

discussed the existing research challenges for this material. This chapter is mainly 

devoted to exploring the optical properties of low InN content thin AlInGaN 

quaternary alloys fabricated on sapphire and SiC substrates.  
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AlGaN/GaN based High Electron Mobility Transistors (HEMT) suffer from inherent 

strain imposed limitations on the device performance especially for AlN> 30 %. 

Since the AlxIn1−xN alloy can be lattice-matched to GaN for high Al mole fractions 

(x = 0.83), the development of AlInN/GaN HEMT structures with AlInN as the 

barrier layer offers a potential solution to the strain problem [3,4]. One requirement 

to obtaining AlInN/GaN based HEMTs with excellent characteristics and reliabilities 

is good crystal quality of the AlInN barrier. The growth of high quality AlInN 

epilayers is hampered by their poor miscibility and low growth temperature. 

Matsuoka et al reported that alloying with Ga would reduce the miscibility gap of 

AlInN and enables higher deposition temperatures [5]. Thus the AlInGaN quaternary 

system with lattice matching to GaN are a promising barrier layer material for GaN 

based HEMT devices. Furthermore the electron mobility in such structures can be 

considerably enhanced by inserting a 0.7-1.5 nm AlN interlayer between the GaN 

channel and the barrier layer [6, 7]. The set of quaternary AlInGaN samples 

investigated were from Dr. Lutz Kirste of Fraunhofer Institute for Applied Solid 

State Physics (IAF) with an InN composition of 2-5 % and Al/In ratio of ~ 4.8 such 

that the lattice matching condition with GaN is fulfilled. The importance of this InN 

concentration is that AlInGaN epilayers with a homogeneous composition can be 

obtained when the composition of InN <5% [8]. The sample set from Lutz Kirste has 

two kinds of interlayer, (a) a single layer of AlN and (b) a novel triple interlayer 

AlN/GaN/AlN structure.   

 

8.2 Sample specifications and Experimental details 

 MBE AlInGaN layers were deposited on highly resistant Metal Organic 

Chemical Vapour Deposition grown GaN/Al2O3 (0001) or GaN/AlN/4H-SiC (0001) 

templates. The GaN grown on the sapphire substrate is 1-1.5 µm thick while that on 

the SiC is 1.8 µm thick with a 130 nm AlN starting layer. The MBE growth of nearly 

lattice matched AlInGaN layers was performed in a VEECO GEN 20A reactor 

equipped with a nitrogen RF plasma source. Initiating the MBE growth at 740 
o
C 

with a 60 nm GaN layer, a nominal interlayer of 1.0 nm AlN or 0.7 nm AlN/1.1 nm 

GaN/0.7 nm AlN were deposited to improve the mobility of the polarisation induced 

2 DEG (as these epilayers were intended for the fabrication of barrier layers in 
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HEMT devices). After a ramp down of the substrate temperature, quaternary 

AlInGaN layers with an Al/In ratio of about 4.8 and Ga contents up to 50 % were 

deposited at 580 
o
C. Table 8.1 lists the sample details such as sample codes, InN 

content, thickness of the layers etc. Figure 8.1 shows a schematic structure of a 

quaternary sample on sapphire substrate having one interlayer of AlN.  

 

 

 

 

 

 

 

 

 

 

Figure 8.1 Schematic of a quaternary AlInGaN epilayer on sapphire substrate having 

one interlayer of AlN 

 

 

Table 8.1 Sample details for AlInGaN epilayers from IAF 

 

 

 

 

 

1 IL: single interlayer = nominal 1.0 nm AlN 

3 IL: triple interlayer = nominal 0.7 nm AlN / 1.1 nmGaN / 0.7 nm AlN  

*The number at the end of sample code denote the InN content  

High resolution X-ray diffraction (HR-XRD) and X-ray reflectometry (XRR) 

measurements were performed by Dr. Lutz Kirste of IAF. A brief description of 

these techniques can be seen in section 3.4 and 3.5 of Chapter 3. They were 

Sample code* InN 

content 

Thickness 

(nm)  

Substrate  Roughness 

XRR (nm) 

Q-3IL-SiC1.8 1.8 42 SiC 0.5 

Q-1IL-AlO2.6 2.6 42 c-Al2O3 0.7 

Q-3IL-AlO3.2 3.2 41 c-Al2O3 0.6 

Q-1IL-SiC4.3 4.3 41 SiC 1.1 
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performed using (CuKα1-radiation) with a two –bounce Ge 220 monochromator and a 

triple axis Ge 220 analyser set up. The nominal InN concentration was determined 

using the lattice mismatch determined from HR-XRD data.  For this they assumed 

that Al and Ga are preferrentially incorporated in comparison to In during MBE 

growth due to the higher III-nitride binding energies. The thicknesses of the 

quaternary epilayers were determined from the HR-XRD and XRR measurements 

which agree to better than 2 % [9]. Table 8.1 lists the InN composition and 

quaternary layer thickness as obtained from HR-XRD measurements [9]. Surface 

roughness values for the AlInGaN epilayers were obtained using the XRR technique. 

PL measurements were performed using the 1000 W short arc Xenon lamp excitation 

source combined with a 0.25 m focal length monochromator, as described in  

Chapter 3. For all the PL measurements, the excitation area on the sample is  

about 2x5 mm
2
. The surface morphology was investigated by high resolution 

scanning electron microscopy at a beam energy of 5 keV. The spatially resolved 

luminescence properties of the samples were studied using the CL set up attached to 

the FESEM and employing the CL hyperspectral imaging as described in Chapter 3. 

 8.3 Results and Discussion 

8.3.1 Surface morphology 

The surface roughness of the samples was measured using the XRR method 

and is listed in Table 8.1. The quaternary AlInGaN is smoother when the triple 

interlayer is used instead of an AlN interlayer. Surface morphology of the quaternary 

epilayers was also investigated using FESEM. Fig 8.2 shows the surface morphology 

of the quaternary layers on SiC and sapphire substrates with an AlN interlayer. No 

hexagonal shaped v-pits are observed on the surface of the samples. Cracks are seen 

on the surface of the Q-3IL-SiC1.8 sample [Fig 8.8(a)]. Surface undulations and 

island like nanometer scale clusters possibly related to elastic strain relaxation are 

seen respectively on the surface of Q-3IL-AlO2.6 and Q-1IL-SiC4.3 quaternary 

epilayers [10, 11].               

          



161 
 

  

 

 

 

 

 

 

Figure 8.2 Secondary electron image of two AlInGaN epilayers from IAF (a) Q-1IL-

SiC4.3 (b) Q-1IL-AlO2.6  

 

8.3.2 Optical properties  

8.3.2(a)  PL and CL spectroscopy 

Low temperature PL spectra of the samples are obtained using Xe lamp as the 

excitation source. Figure 8.3(a) shows the PL spectra (normalised with respect to the 

GaN NBE emission intensity) of the quaternary samples for the wavelength range 

275 to 400 nm. Two emission bands are clearly seen in each PL spectrum, the higher 

energy band arising from the quaternary AlInGaN and the longer wavelength band 

near 360 nm due to GaN near band edge (NBE) emission. The low intensity peaks at 

~ 3.35 eV (370 nm) and 3.26 eV (380 nm),  which are separated respectively by ~ 90 

meV can be attributed to longitudinal optical phonon (LO) replica of the GaN NBE 

emission peak at ~ 360 nm (3.44 eV). Multiple emission peaks in the shorter 

wavelength region (280- 330 nm), observed for samples with low indium contents 

(Q-3IL-SiC1.8 and Q-1IL-AlO2.6) possibly imply the existence of compositional 

inhomogeneity in the epilayers. Figure 8.3(b) show the room temperature CL spectra 

of the samples collected from a 3 x 3 µm area of the samples while excited using a 

3 keV electron beam energy. AlInGaN emission in the shorter wavelength region, 

GaN NBE emission at ~ 365 nm and yellow band (YB) emission (for samples on 

sapphire substrate) are the main emission peaks resolved in the CL spectra. Multiple 

CL peaks (not so well resolved, as in LT PL spectra) corresponding to quaternary 

(a) (b) 
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emission are observed from samples Q-1IL-SiC4.3and Q-1IL-AlO2.6. The YB 

emission is very weak for AlInGaN samples grown on the GaN/AlN/SiC template 

possibly implying the reduction of defects in the epilayers. YB emission in undoped 

GaN is generally attributed to VGa -containing defects bound to structural defects 

such as dislocations.  In the case of doped GaN layers the YB defect emission band 

has been associated with Si and Oxygen related defects [12-14]. For the present set 

of samples, the former statement related to YB emission appears to be more valid 

than the latter.  

Figure 8.4(a) shows the GaN NBE emission from epilayers grown on 

different substrates. The peak energy difference of GaN NBE emission grown on 

different substrates of SiC and sapphire indicates the different strain state of the GaN 

layer. The GaN layers grown on SiC substrates are under slight tensile strain (GaN 

NBE ~ 3.41 eV) and that grown on sapphire substrate are under compressive strain 

(GaN NBE emission at ~ 3.44 eV). This is usually attributed to the different signs of 

lattice mismatch and thermal expansion coefficients of sapphire, 4H-SiC and GaN. 

GaN layer grown on foreign substrates usually undergoes strain relaxation during 

growth and cool down after growth by means of introducing misfit dislocations at the 

interface. The residual strain in the GaN layer is determined by growth conditions, 

layer thickness and/or layer structures as well as choice of substrate [15]. The 

different strain conditions prevailing in the GaN buffer layers can influence the 

structural and optical properties of AlInGaN epilayers grown over them.  Figure 8.4 

(b) shows the variation in the spectral position of room temperature quaternary CL 

emission as a function of InN fraction. A red shift in quaternary emission wavelength 

with increase in InN content is observed.  
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Figure 8.3 (a) Low temperature (20 K) PL spectra (normalised to GaN NBE emission 

intensity) (b) Room temperature CL spectra (normalised to GaN NBE emission 

intensity) 
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Figure 8.4 (a) GaN NBE CL emission at RT from different samples [obtained from 

figure 8.3 (b)] (d) The RT CL spectral position of AlInGaN emission vs InN fraction.  
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Figure 8.5 Normalised corrected PLE spectra of quaternary AlInGaN epilayers with 

InN content varying from 1.8 to 4.3 %  

 

To estimate the bandgap energy of these AlInGaN epilayers, PLE measurements are 

performed as discussed in Chapter 3. Low temperature PLE spectra excited by the 

Xe-lamp and detected at the AlInGaN emission peak from each of the samples are 

shown in Figure 8.5. The PLE spectra are acquired by fixing the detection 

wavelength at the maximum of the respective PL emission bands. All PLE spectra 

have been corrected for the combined throughput of the Xe-lamp and the detection 

monochromator. A clear absorption edge can be seen in each of the PLE spectra and 

is attributed to the band gap absorption in the AlInGaN layer. Each of the PLE 

spectra has been cut off on the low energy side at the point where the PLE intensity 

rises again towards the detection emission energy. The effective energy gap can be 

evaluated by fitting the low energy side of the PLE spectrum to a sigmoidal function 

as performed earlier for AlInN epilayers in Chapter 7. Table 8.2 summarises the 

effective bandgap energies, Stokes shift, broadening parameters and the emission 

energies of AlInGaN epilayers. Similar to the redshift in PL/CL emission wavelength 

with increasing in InN content, the absorption edge and hence bandgap energy also 

shows a redshift with an increase in InN content in the quaternary epilayers. The 

obtained values of Stokes shift (listed in Table 8.2), are of the same order of 
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magnitude as reported by Feng et al [16] (150 meV, low InN content of ~ 2%) and 

Nemoz et al [17] (~100 meV, high InN content of 24 %). The broadening parameter 

is related to the Urbach tail [18, 19]. There can have a number of originating 

mechanisms for the Urbach tail, including the presence of point defects, extended 

states at the valence or conduction bands, disordered structure, excitonic transitions 

or the presence of inhomogeneous strain in the semiconductor [20]. 

 

 

Table 8.2 Sample code, Stokes shift, bandgap energy, broadening parameter and 

luminescence emission energy of quaternary AlInGaN epilayers 

Sample 

Code 

Stokes 

Shift 

(meV) 

Bandgap 

energy (eV) 

Broadening 

parameter 

(meV) 

PL emission 

energy (eV) 

RT CL 

emission 

energy (eV) 

Q-3IL-

SiC1.8 

185 4.25 58.5 4.1, 4.0 3.97 

Q-1IL-

AlO2.6 

200 4.2 63.7 4.1, 3.9 3.94 

Q-3IL-

AlO3.2 

230 4.18 47.1 3.95 3.93 

Q-1IL-

SiC4.3 

200 4.0 39.9 3.8 3.77 

 

8.3.2(b) Spatially resolved luminescence properties 

To obtain highly spatially resolved luminescence information, CL hyperspectral 

maps are acquired from these quaternary epilayers using the CL set up attached to 

the FESEM. Electron beam energy resolved CL measurements are also performed 

wherever necessary to differentiate between the luminescence from the quaternary 

AlInGaN epilayers and the underlying GaN template layer. 

8.3.2(b).i  Q-1IL-AlO2.6 

CL hyperspectral data are obtained for this sample using electron beam energies of 2 

and 3 keV with a beam current of ~3.4 and 1.4 nA respectively. Figure 8.6 

summarises the results of 2 keV CL hyperspectral imaging performed for the sample 
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Q-1IL-AlO2.6. Monte Carlo simulation of electron beam depth dose profile for a 2 

keV electron beam energy reveals that, 95 % of the electron energy loss occurs 

within the top AlInGaN layer of Q-1IL-AlO2.6 [Fig 8.7 (a)] and only a very small 

percentage (less than 5 %) of electrons reach the top layers of GaN.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 8.6(a) SEM image of Q-1IL-AlO2.6 showing the CL mapped region (b) 

spatially averaged CL spectrum from the mapped region (c) integrated intensity CL 

map for quaternary AlInGaN emission (d) integrated intensity CL intensity map for 

GaN NBE emission.  

 

The spatially averaged CL spectrum [Fig 8.6(b)] collected from 3 x 3 µm area of the 

sample, indicated by the SEM image in Fig 8.6(a) is mainly constituted by three 

emissions; shorter wavelength emission from AlInGaN, GaN NBE emission at ~ 

360-365 nm and the defect related YB emission. Surface undulations can be seen 

from the SEM image of the sample. The CL intensity distribution map corresponding 

to the quaternary emission [Fig 8.6(c)] clearly shows luminescence emission 
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intensity fluctuations of sub-µm range. The GaN NBE emission intensity spatial 

distribution map [Fig 8.6(d)] shows bright regions of µm scale along with the 

diffused dark regions distributed unevenly across the layer. A close comparison of 

the integrated intensity CL maps of GaN NBE and AlInGaN reveals that GaN NBE 

intensity spatial distribution is similar but more diffuse than that of the quaternary 

emission intensity spatial distribution map. Since the low energy exciting electron 

beam (2 keV) barely reaches the GaN buffer layer, and the luminescence emission 

energy of quaternary AlInGaN is greater than that of GaN NBE energy, the spatial 

intensity distribution of the GaN NBE in Fig 8.6(d) may be due to the secondary 

emission from the GaN excited by the emission from the quaternary epilayers. This 

is further supported by a Pearson correlation value of +0.3 between the integrated 

intensity spatial distribution maps of AlInGaN and GaN NBE.  

 

 

 

 

 

 

Figure 8.7 Monte Carlo simulated electron beam trajectories in sample Q-1IL-

AlO2.6 for electron beam energy (a) 2 keV and (b) 3 keV 

The spatial luminescence fluctuations in the sub-micrometer range seen in the 

CL intensity distribution map of quaternary and ternary III-nitride alloy 

semiconductors is worthy of discussion.  Since the surface roughness of this 

quaternary epilayer estimated from XRR measurements is 0.7 nm [9], the 

contribution of surface roughness to this luminescence fluctuation should be 

minimal. In the case of III-nitride light emitters, the spatial inhomogeneity in the 

structure of the buffer layer i.e, defects might often be the origin of luminescence 

inhomogeneities in the layers deposited above the buffer. These structural defects are 

mostly related to the threading dislocations arising from misfit strain and acting as 

(a) (b) 
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non-radiative recombination centres. Another origin of spatial inhomogenities in the 

luminescence of ternary or quaternary III-nitrides is composition fluctuations 

expected in alloy III-nitride semiconductors. Since the composition fluctuation 

results in local variation in bandgap they can cause carrier localisation in small scale 

potential minima [21]. Localisation of charge carriers can also be caused by strain 

inhomogenities in the epilayers. To determine the influence of structural defects in 

the GaN buffer layer to the AlInGaN emission intensity spatial distribution, detailed 

CL analysis is done for Q-1IL-AlO2.6 using a higher electron beam energy of 3 keV 

and current of 1.4 nA. Under this electron beam excitation condition interaction 

volume extends well within the GaN buffer layer as shown by Monte Carlo 

simulation in Fig 8.7(b). 

The integrated intensity spatial distribution of GaN NBE CL emission 

obtained using 3 keV electron beam energy [Fig 8.8], shows the contrast between 

dark and bright regions and dark spots related to threading dislocations. A 

comparison of the GaN NBE and quaternary emission integrated intensity CL maps 

obtained at 2 and 3 keV electron beam indicate that CL spatial intensity distribution 

in the AlInGaN do not seem to follow or reflect the threading dislocations in GaN 

buffer layer. This has two possible implications, (i) the observed spatial fluctuation 

in AlInGaN CL emission intensity is not largely affected by the structural defects 

from underlying GaN buffer, but by the InN composition fluctuation causing carriers 

to be localised in InN segregated regions and/or (ii) the AlN interlayer effectively 

prevents the structural defects or threading dislocations in the GaN buffer layer from 

reaching or propagating into the AlInGaN epilayers. This kind of spatial distribution 

of intensity corresponding to quaternary emission is very similar to that of InGaN 

epilayers previously reported due to In segregation effects [22]. It is to be noted that 

both the low temperature PL spectrum [Figure 8.3 (a)] and RT CL spectrum [Figure 

8.3 (b)] of this sample exhibited the multiple peaks corresponding to quaternary 

emission. This also supports that InN composition fluctuations exist in this 

quaternary layer. A similar CL hyperspectral imaging study of sample Q-3IL-AlO3.2 

reveals the same luminescence behaviour as that of Q-1IL-AlO2.6.  
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Figure 8.8 Integrated intensity CL intensity map for GaN NBE emission obtained 

from 3 kV CL hyperspectral imaging.  

8.3.2(b).ii. Q-3IL-SiC1.8 

The CL hyperspectral imaging is now applied to AlInGaN epilayers grown on 

SiC substrates. Figure 8.9 shows the CL mapping for the sample Q-3IL-SiC1.8, 

using electron beam energy of 3 keV. The SEM image of the sample shown in Fig 

8.9 (a) reveals cracks on the sample surface. The spatially averaged CL spectra from 

the mapped region consist of peaks in two wavelength bands corresponding to GaN 

NBE and AlInGaN emissions. 

Considering the spatial distribution of integrated intensity of quaternary and 

GaN NBE emissions [Fig 8.9 (c) and (d)], the enhanced luminous intensity is 

observed near the crack region and is associated with quaternary emission. Wang et 

al previously documented such observation of enhanced quaternary AlInGaN 

emission intensity near the cracks and pits on the surfaces of epilayers [23].  This 

may imply In-segregation near the cracks or that the cracks are strain relaxed 

regions. The GaN NBE emission intensity distribution map [Figure 8.9 (d)] show 

that the cracks are constituted by very low quality GaN.  It is worth to note that 

contrary to the Q-1IL-AlO2.6 and Q-3IL-AlO samples, dark spots related to 

threading dislocation are clearly visible on the quaternary spatial intensity 

distribution map. Also a comparison of Fig 8.9 (c) and (d) reveals more dark spots 

for the quaternary emission intensity CL map and imply that there is a higher 

dislocation density for the quaternary epilayer than the underlying GaN layer. This 
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can be due to the different strain conditions prevailing on the GaN buffer layer and 

hence on the quaternary epilayers as they are grown on different substrates. 

 

 

 

 

 

 

 

 

  

 

 

 

 

 

 

 

 

 

Figure 8.9(a) SEM image of the sample Q-3IL-SiC1.8 showing the CL mapped 

region (b) spatially averaged CL spectrum from the mapped region (c) spatial 

distribution of quaternary emission intensity (d) spatial distribution of GaN NBE 

emission intensity.  

8.4 Summary 

The optical properties of a set of thin AlInGaN epilayers on sapphire and SiC 

substrates were investigated. The surface morphology analysis by plan-view SEM 

revealed some surface undulations and nanoscale clusters on the sample surface. A 

red shift in quaternary UV emission with increase in InN content is identified by PL 

and CL spectroscopy. The bandgap energy estimated using PLE measurements also 

showed a red shift of 220 meV with increase in InN content from 1.8 to 4.3 %. 
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Spatially resolved optical properties studied using high resolution CL hyperspectral 

imaging revealed different luminescence behaviour for AlInGaN epilayers grown on 

sapphire and SiC substrates. Luminescence intensity fluctuations of sub-µm range 

have been observed for AlInGaN layers grown on sapphire substrate. This is 

discussed in terms of the InN compositional fluctuations and inhomogeneous strain 

effects in the epilayers acting as localised carrier recombination centres. Electron 

beam energy resolved CL hyperspectral imaging showed that AlGaInN epilayers on 

sapphire substrate did not follow threading dislocations in the underlying GaN buffer 

layer. CL hyperspectral mapping of the sample Q-3IL-SiC1.8, revealed enhanced 

emission intensity in the crack regions which might possibly be due to In- 

segregation and strain relaxation effects.  
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Chapter 9 

Conclusions and Future Work 

 

9.1 Conclusions 

This thesis has presented the results of investigations into the optical, morphological 

and composition properties of nanostructured III-nitride light emitters, fabricated 

using binary GaN, the ternaries InGaN and AlInN and the quaternary AlInGaN. The 

nanostructures studied are coalesced (nano-ELOG) GaN above an array of 

nanopyramids and nanocolumns, semipolar {1011} and nonpolar (1100) m-plane 

InGaN QWs fabricated on the facets of GaN nanopyramids, c-plane AlInN epilayers 

and c-plane AlInGaN epilayers. Cathodoluminescence hyperspectral imaging is the 

main characterization tool employed to obtain high quality optical data as described 

in this thesis. The complimentary optical characterisation techniques of PL and PLE 

are also used wherever necessary.   

Chapter 1 discussed the motivation and objectives of the present study along 

with an overview of the thesis. Chapter 2 presented background information on the 

III-nitrides such as their crystal structure, electronic energy band structure and 

optical properties. The description of various nanostructured light emitters 

characterised in this thesis is also outlined in Chapter 2, with details on their 

background research. Chapter 3 depicted various experimental techniques used to 

characterise the III-nitride nanostructures mentioned above. The main techniques 

used are CL hyperspectral imaging, PL and PLE spectroscopy for investigating the 

optical properties; SEM  for visualisation of the surface morphology; and RBS and 

HR-XRD to study the compositional properties. The experimental results and their 

analyses are presented in chapters 4, 5, 6, 7 and 8. 



175 
 

The III-nitride nanostructures investigated in Chapter 4 are nano-ELOG 

GaN layers obtained by coalescence overgrowth of GaN nanopyramids. Spatially and 

spectrally resolved luminescence information from a set of nano-ELOG samples 

formed under different growth conditions were studied in detail. The observed 

redshift of the GaN near-bandedge emission with increasing electron beam 

penetration depth into the coalesced layer is discussed in relation to a carrier induced 

peak shift, likely to be due to Si out-diffusion from the mask material into the GaN 

and strain effects. Depth resolved CL measurements are used to quantify the redshift 

in terms of band-gap renormalisation and strain effects. The redshift due to the 

bandgap renormalisation is found to account for the large proportion of the measured 

shift. The energy shift due to strain is estimated and the positive values 

corresponding to the compressive strain are found to reduce towards the surface as 

expected. Plan-view CL maps corresponding to GaN NBE peak energy distribution 

revealed micron-scale domain-like variations in peak energy, most likely related to 

the effects of local strain.  

The optical properties of GaN layers coalesced above an array of 

nanocolumns investigated using high resolution CL hyperspectral imaging, is 

described in Chapter 5. GaN nanocolumns grown by MBE on Si substrates are 

coalesced using a nanoscale epitaxial overgrowth technique employing MOCVD. 

Plan-view microscopy revealed partially coalesced GaN layers with a sub-μm scale 

domain structure and distinct grain boundaries, which is mapped using CL 

hyperspectral imaging showing high strain at the grain boundaries. CL spectroscopy 

and mapping are then used to analyse cross-sectional areas spanning the partially 

coalesced GaN and underlying nanocolumns. The GaN near bandedge peak is seen to 

undergo a shift of about 25 meV across the partially coalesced layer of ~ 2 µm thick. 

The GaN above the nanocolumns remains under tensile strain, probably due to Si 

out-diffusion from the mask or substrate. The cross-sectional data showed how this 

strain is reduced towards the surface of the partially coalesced layer, possibly due to 

misalignment between adjacent partially coalesced regions.  

Chapter 6 presented the spatially resolved optical properties of high density arrays 

of semipolar {1011} InGaN QWs fabricated on the nanofacets of GaN pyramids 
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grown by selective area growth. Three different sample sets differing in pore size 

and/or shape and QW cap layer thickness are investigated. Using the high spatial 

resolution CL hyperspectral imaging, the nanoscale spatial dependence of spectral 

position of the InGaN QW emission across the nanofacets of GaN pyramids were 

studied. The QW emission energy blueshifts in most of the samples as the electron 

beam scans from bottom to top of the nanopyramid. The InN incorporation in these 

InGaN QWs fabricated on the nanofacets of GaN pyramids is thought to be governed 

by reactor ambient conditions rather than the adatom diffusion lengths. This QW 

energy blueshift from bottom to top of the nanopyramid is found to follow the 

release of the tensile strain in GaN towards the top of nanopyramid. The spectral 

position of InGaN QW emission studied as a function of excitation current density 

and temperature revealed negligible polarisation - induced internal electric field in 

these structures. The optical properties of nonpolar InGaN QWs fabricated on 

nanofacets of GaN 3D structures on a-plane GaN template were also studied. The 

possibility of the existence of optical modes within the 3D GaN structures is shown 

by high resolution QW emission CL map from a single 3D nanostructure.   

Chapter 7 investigated the composition, surface morphology and luminescence of 

AlInN epilayers with a range of InN compositions. The fraction of InN in AlInN 

estimated using RBS and HR-XRD measurements range from 0.14 to 0.20. The 

surface morphology of the AlInN epilayers investigated using SEM revealed a crack 

free and nearly smooth surface with small pits distributed across the surface. The 

luminescence of the AlInN epilayers is studied using PL and CL spectroscopy. The 

PL and CL peak emission energies from AlInN epilayers redshift with increasing 

InN content. The band gap energy, Eg of the AlInN alloys determined using  PLE 

spectra decreases linearly with InN fraction for the restricted range of composition 

studied in this work.  

Depth resolved CL measurements are used to differentiate the luminescence 

peaks originating from the AlInN and GaN. The absence of a luminescence peak 

shift associated with the higher energy AlInN as a function of penetration depth and 

as a function of lateral position suggested the possible compositional homogeneity of 

the AlInN epilayers. Temperature dependent CL emission studies from AlInN 

epilayers showed an energy shift of ~ 55 meV as the temperature is increased from 
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20 to 300 K. No strong S-shape dependence was observed for the AlInN emission 

energy variation as a function of temperature.  

Polarization resolved PL spectra from AlInN/GaN heterostructures showed 

that the optical transition corresponding to E┴c orientation had higher intensity 

compared to the Eǁc orientation for both higher energy AlInN and GaN NBE 

emission. The polarisation angle dependence of the integrated PL emission intensity 

showed a similar trend of variation for both AlInN and GaN. The obtained results 

have two possible implications: the observed higher energy AlInN emission is either 

related to defects or this emission from AlInN epilayers is due to carrier 

recombination occurring in InN clusters similar to those of InGaN epilayers.  

Chapter 8 discussed the optical properties of a set of thin AlInGaN epilayers 

on sapphire and SiC substrates. Plan-view SEM images revealed some surface 

undulations and nanoscale clusters on the sample surface. A redshift in quaternary 

UV emission with increase in InN content is identified by PL and CL spectroscopy. 

The bandgap energy estimated using PLE showed a redshift of 220 meV with 

increase in InN content from 1.8 to 4.3 %. Spatially resolved optical properties 

studied using high resolution CL hyperspectral imaging revealed different 

luminescence behaviour for AlInGaN epilayers grown on sapphire and SiC 

substrates. Luminescence intensity fluctuations on a sub-µm scale range have been 

observed for AlInGaN layers grown on sapphire substrate. This is discussed in terms 

of the InN compositional fluctuations and inhomogeneous strain effects in the 

epilayers acting as localised carrier recombination centres. Depth resolved CL 

hyperspectral imaging showed that AlGaInN epilayers on sapphire substrate did not 

follow threading dislocations in the underlying GaN buffer layer. 

9.2 Suggestions for future work 

1. The high resolution CL hyperspectral imaging technique offers the important 

possibility of investigating optical data from high quality III-nitride quantum 

dots, such as those composed of InGaN or related alloys.  

2. Excitation current dependent studies are performed for semipolar {1011} 

InGaN QWs with two different InN contents. However it would be more 
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interesting to perform similar kind of measurements to a c-plane InGaN QW 

sample with same growth specifications so that polarisation induced electric 

field effects can be compared in InGaN QWs grown on polar and semipolar 

planes. 

3. The optical properties of AlInN and AlInGaN epilayers grown on crystal 

orientations other than the polar (0001) c-axis such as semipolar and non-

polar planes would be worth investigating. 

 

4.  Fabrication of light emitting devices based on the InGaN QWs on 

nanopyramids and nano-ELOG GaN  (described in chapter 4, 5 and 6 ) would 

be an important extension of this work. 

 

5. More measurements on polarisation resolved PL spectroscopy of high 

material quality and bright luminescent AlInN epilayers are needed to 

understand the optical anisotropic properties of these ternary III-nitride 

alloys. 

 

6. Extending the optical anisotropic measurements to quaternary AlInGaN 

layers would be useful to explore its band structure properties.  
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